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Metallographic Studies of Metals 


after Explosive Shock 


Through the cooperation of members of Group GMX6 of the Los Alamos Laboratory, 
samples have been subject to plane shock waves of intensities up to 600 kbars and re- 
covered substantially undamaged. 

Deformation in a shock front has a unidirectional character that distinguishes it from 
other modes of deformation and is in essence a transformation from normal to high- 
density material produced by the translation of a well-defined two-dimensional interface. 
Both copper and iron are hardened by ca. 400-kbar shock more than by cold-rolling to 
95 pet reduction, although the dimensions of the sample are virtually unchanged. Copper 
after shocks of above about 200 kbars shows numerous mechanical twins, which, however, 
make no significant contribution to the hardening. They occur most frequently at angles 
of 30 deg to the rarefaction direction and do not appear in the zone where rarefaction is 
steepest. Iron, conversely, develops Neumann bands on compression and above 130 kbars 
undergoes a transition to a different phase, which after return to atmospheric pressure, 
leaves a complex microstructure reminiscent of carbon-free martensite. If the first of 
the two shocks associated with the transition in iron is reflected as rarefaction by a free 
surface, it can be made to interact with the second shock and, by abruptly decreasing the 
pressure, will preserve details of the shock front that have hitherto been inaccessible. 
The shock front is no thicker than 0.02 mm and the transformation occurs in times of the 
order of 10-° sec. Measurements of the position of the interaction zone give directly the 


ratio of the velocities of the two shocks. Metallography promises to be a useful tool in 


studies of shock hydrodynamics. 


Cyril Stanley Smith 


Wuen a pressure far higher than the yield 
strength of a material is applied to a surface at 

a sufficiently high rate, the adjustment of the ma- 
terial to the new conditions occurs abruptly ata 
moving two-dimensional shock front Separating the 
undisturbed material from the compressed and ac- 
celerated portion. The microscopic behavior is 
unlike ordinary deformation, and in many respects 
resembles a martensite transformation which oc- © 
curs at a rapid moving shear interface. The hydro- 
dynamic behavior of fluids under such conditions has 
been well established theoretically, particularly in 
the excellent treatise by Courant and Friedrichs, * 
and solids have been found to behave in general as 
if their strength were negligible. The equations of 
state for 27 metals have been deduced from meas- 
urements of the shock and free-surface velocities 
by J. M. Walsh et al.? and an excellent summary of 
the behavior of solids under strong shock waves has 
been published by Rice, McQueen, and Walsh.° 


CYRIL STANLEY SMITH, Member AIME, is Professor of Metallurgy 
and former Director, Institute for the Study of Metals, University of 
Chicago, Chicago, III 
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Rinehart and Pearson* describe in general the phe- 
nomena associated with explosive loading and are 
among the very few authors in the open literature 
who have paid more than scant attention to the 
structural phenomena accompanying shock waves. 

Carrington and Gayler® studied microstructural 
effects accompanying deformation of high-velocity 
projectiles. Other writers®” have discussed twin- 
ning in explosively shocked iron and steel. All pre- 
viously published work deals with material that has 
been grossly deformed as a result of nonplanar 
shock, from rarefaction phenomena, and from col- 
lision during deceleration. The present studies have 
been made utilizing the improved techniques devel- 
oped at the Los Alamos Laboratory to subject the 
material to the passage of plane compression and 
rarefaction waves and leave it with little dimen- 
sional change. 

In the usual analysis of shock propagation it is 
assumed that materials behave as fluids, i.e., that 
the pressure behind the shock wave is isotropic and 
that the compressed material is in thermodynamic 
equilibrium. Since the pressures of interest are 
greater by factors of ten to one hundred than con- 
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Fig—1. Equation of state curve for copper (From Ref. 2). 
P is in kbars. 


ventional yield strengths under extreme dynamic 
conditions, * this is reasonable assumption as far as 


*It should be noted that the elastic wave which usually precedes 
plastic shock in a solid has a pressure corresponding to a definite max- 
imum elastic limit under macroscopic one-dimensional strain and is not 
exceeded at higher pressures or faster loading. As Rice, McQueen, and 
Walsh3 have pointed out, “The yield mechanisms involved may be among 
the simplest for possible interpretation by a fundamental theory.” Such 
limiting behavior is simpler to achieve experimentally than rapid “me- 
chanical” loading, although the local strain rate and shear gradient are 
dependent on grain size in an anisotropic material. 


shock propagation is concerned—but from a metal- 
lurgist’s viewpoint it ignores the extremely inter- 
esting question as to the nature of the interface and 
the manner of its motion. 

Fig. 1 shows an equation of state curve for copper 
under conditions of shock compression—the Hugoniot 
curve. (The unit of pressure is the kbar, which is 
equal to 10° dynes per sq cm, or approximately 
1000 atmospheres.) The Hugoniot differs only 
slightly from a PV curve under adiabatic conditions 
and can be easily corrected to any standard temper- 
ature (e.g., 20° as the dotted curve of Fig. 1). Now, 
as shown in Ref. 3, the plastic shock velocity, 


(0) 


‘where V, and V are the specific volumes of the 
metal in the uncompressed state and at pressure P. 
Since the PV curve invariably becomes steeper as 
the pressure increases (unless the material under- 
goes a change of phase), a high-pressure shock will 
move faster than a low-pressure shock, and the peak 
pressure will overtake any low-pressure disturb- 
ance ahead of it, thus producing discontinuous shock 
as distinct from an acoustic wave. Normally a 
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shock front can be regarded as comprising an in- 
stantaneous rise of pressure, but if there is relaxa- 
tion time involved in arriving at the compressed 
state, a certain ‘‘run’’ will be needed before a stable 
shock profile has been formed, and the shock itself 
will have finite thickness. Once formed, however, 
(provided that the pressure on the surface from 
which the shock originated is maintained) the shock 
front will propagate without change of shape at the 
velocity required by the equation of state, regard- 
less of the mechanism of adjustment. Such a shock 
front is subsonic in respect to the material after the 
shock, for this has been accelerated to a velocity 


Up = V(P — P,) (V, — V) 

Typical shock fronts in metals move at velocities 
of about 3 to 7 mm per usec (= km per sec) and 
hence traverse an interatomic distance in times 
commensurate with a single thermal oscillation. It 
is customary to treat the interface as infinitely 
sharp, although experimental observations with a 
resolution better than about 0.1 mm have not been 
made. In any case, the interface is not that of nor- 
mal plastic wave propagation such as has been con- 
sidered by mechanical engineers. Under planar 
shock conditions the deformation is a unidirectional 
compression with no lateral changes in dimension. 
The transition between initial and final structures 
occurs in a zone which is very thin compared with 
the width of the sample. [If yielding did not occur, 
the structure would be elastically distorted as shown 
schematically in Fig. 2(a). This is, however, a high- 
energy condition, corresponding to a pressure far 
above the true Hugoniot curve, and yielding occurs 
to relax the structure approximately to the equilib- 
rium lattice under the pertinent pressure and tem- 
perature. This yielding is actually a highly local- 
ized plastic shear, which must be symmetrically 
compensated within a distance commensurate with 
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Fig. 2—Possible interfaces between normal and com- 
pressed lattices. (a) Uniaxial elastic compression; (>) Hy- 
drostatic compression. 
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the thickness of the shock front itself. This is bas- 
ically different from ordinary deformation wherein 
a single coherent shear can produce longitudinal 
strain. The interface, indeed, rather approximates 
that between two metallic phases during a trans- 
formation—for example, the martensite interface 
with which metallurgists are familiar—but its crys- 
tallography has not been heretofore considered. * 


*The converse concept, that the propagation of martensite should be 
considered as a shock front, has been discussed by Crussard.? 

The interface is just that between two lattices of 
the same type and orientation but with a small dif- 
ference of lattice parameter. At its simplest it can 
be represented by a planar network of dislocations. 
A dislocation would be needed every fifteen atom 
rows to reconcile the difference in lattice parameter 
corresponding to a typical volume decrease of 20 
pet. A possible structure is shown in Fig. 2(b). Such 
an interface, once established in an infinite plane, 
could move parallel to itself simply by the diagonal 
motion of the two sets of inclined dislocations, and 
would produce the desired parameter change to cor- 
respond to the new density, leaving no residual lat- 
tice imperfections. It could reverse on rarefaction 
to leave no permanent change of structure whatever. 
In any real case it is unlikely that such an ideal net- 
work can exist, and sources and sinks must be fre- 
quently distributed.* Complete reversibility is un- 


*Note added August 15, 1958: It should be pointed out that the den- 
sity of dislocations in the interface is about 10° to 10* times the num- 
ber that remain after the passage of the shock. Both sources and sinks 
are necessary, and both must move at the velocity of the shock, for 
without the clean passage of the interface the density change cannot be 
achieved. There is no present means of deciding whether sources and 
sinks are widely spaced, each producing and annihilating many dislo- 
cations, or are close together, handling few. The sources and sinks 
must coincide, respectively, with the beginning and the end of the 
principal density change, for the structural features provide the means 
of adjustment to the hydrodynamic requirements. To a rough approxima- 
tion the lateral spacing of sources and sinks should be commensurate 
with their spacing in the direction of shock, i.e. with the thickness of 
the hydrodynamic front. Under extreme shear a complex dislocation, 
with two more rows on one side than the other (combining both right- 
and left-hand tilt dislocations in Fig. 2(b)), might form. This, by-its 
simple translation in the direction of the shock, could produce the 
desired effect, which is just the removal of atoms in a row in the shock 
direction and feeding them into new rows inclined alternately to right 
and left. Such a lattice defect would combine the function of both 
source and sink, but it would be a very high energy configuration, un- 
stable in anything but extreme pressure gradients. 


likely, and a tangle of innumerable interferring 
dislocations would be expected to remain. 

To explore this point of view, preliminary studies 
were made on a number of polycrystalline metals 
and alloys. 


EXPERIMENTAL TECHNIQUE 


The program was developed in the course of 
discussions with Messrs. Russell Duff, John M. 
Walsh, and later Robert McQueen and C. M. Fowler 
of the Los Alamos Scientific Laboratory. In addi- 
tion, these men between them devised the experi- 
mental arrangements and supervised the actual 
explosions. Their cooperation was essential to this 
work and is most gratefully acknowledged. 

The samples of the various materials for study 
were usually in the form of discs 0.75 in. in diam 
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Typical High Pressure Recovery Setup 
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Recovery in 5Feet of Water 
Fig. 3—Typical assembly for subjecting samples to high- 
pressure shock and recovery. Note: The driver plate is 
omitted for pressures below 350 kbars, the explosive rest- 
ing directly upon the specimen unless attenuating plates 
are inserted to give very low pressures. For free-surface 
studies the back-up plate is omitted, and the assembly is 
in contact with 4 to 6 in. of styrofoam (15 lb per cu ft 
density) and a similar thickness of 30 lb per cu ft styro- 
foam. 


and 0.25 in. thick. In order to allow recovery es- 
sentially without damage, they were stacked in 
groups of four within a closely fitting guard ring 

3 in. in diam which in turn was Set into a 10-in.-sq 
plate of the same thickness. The whole assembly 
was of the same material as the specimen or of a 
material which matched its shock impedance so that 
the plane-compression wave could pass without de- 
viation through the whole. The guard ring is for the 
purpose of relieving the rarefaction waves coming 
in from the edge of the system after the compres- 
sion wave had passed and prevents the tearing apart 
of the samples which would occur in a solid plate. 
The specimen plate lay in contact with a solid plate 
of about the same dimensions which, as in the bil- 
liard ball experiment of elementary mechanics, ab- 
sorbs much of the kinetic energy of the system and 
so simplifies the deceleration recovery of the main 
samples. The arrangement is shown schematically 
in Fig. 3. The direction and steepness of rarefac- 
tion affecting the samples is rather uncertain in this 
arrangement. To produce rarefaction from the sur- 
face of the specimen itself it was sometimes in- 
serted directly into the face of the specimen plate, 
which lay face downwards, without the back-up plate, 
upon a foot of styrofoam over water. Unlike the 
fully mounted samples, these were often somewhat 
battered at the edges during deceleration, but were 
usually suitable for study. 
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For low-pressure shots a slab of high explosive 
lay directly in contact with the specimen plate. 
More usually, however, a projectile plate was used 
which was allowed an appropriate free run (about 
2 to 5 in.), in which to be accelerated (by reverbera- 
tions of successively weaker shocks and return 
rarefaction waves) before it hit the sample. A slab 
of 1 to 3 in. of high explosive (RDX, Composition B 
or Baratol, depending on the pressure) was deto- 
nated by a plane-wave explosive lens, electrically 
initiated at its apex. The whole assembly of plates 
and explosives was supported face-downwards on 
styrofoam blocks over two steel ashcans full of 
water which served the double purpose of providing 
a relatively gentle deceleration and quenching the 
samples immediately following shock. Beneath the 
cans, which were destroyed with each experiment, 
was a permanent tank of boiler plate to retain the 
debris from among which the specimens were re- 
covered. 

The pressures were not measured, but were es- 
timated for each shot on the basis of prolonged ex- 
perience at Los Alamos with similar assemblies in 
which shock and particle velocities were measured 
and converted to pressure as in the experiments of 


Walsh et al.” The estimates are believed to be good 
to about +20 kbars, except for iron above the criti- 
cal point where the error may be doubled. 

The two samples in the center were usually re- 
covered without any visible change and even at the 
highest pressures had suffered only small changes 
of dimension—the diminution in height and increase 
in diameter never exceeding 7 pct, usually being 
half this. The specimens do not weld together and, 
though surface textures due to machining may be 
impressed on adjacent surfaces, fine details like 
pencil markings remain visible. 

The recovered specimens were sectioned in a 
plane which included the shock direction and cyl- 
inder axis and studied by normal metallographic 
techniques. 


EXPERIMENTS WITH COPPER AND BRASS 


Figs. 4 to 6 show the structures of annealed OFHC 
copper subject to shock pressures of 225 or 425 
kbars.* Though the structure of the annealed speci- 


*Note: All photomicrographs accompanying this article are oriented 
with the long direction of the print normal to the specimen surface, i.e. 
usually in the shock direction, with the free surface, if known, at the 
bottom. The copper microsamples were etched with potassium dichro- 
mate reagent, followed by ferric chloride; the iron with nitial or picral. 
men is only slightly changed at the lower pressure, 
the higher pressure caused the appearance of nu- 
merous markings which at high magnification have 
all the microscopic characteristics of mechanical 
twins. The markings are of definite width, are often 
parallel to annealing twins, and when the two sets 
cross each other, there is produced a uniform small 
shear. Cold-worked copper (commercially cold- 
drawn rod, ca. 60 pct reduction) shows, after shock, 
even better developed twins than the annealed metal, 
Fig. 7. 

Mechanical twinning has previously been observed 
in copper only at very low temperatures and after 
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Fig. 4—Microstructure of annealed OFHC copper, after 
shock to pressure of 225 kbars. X500. 


Fig. 5—Microstructure of annealed copper after 425-kbar 
shock. X100. 


large deformation or irradiation.*° That there is 
considerable work hardening of the shocked material 
is shown by its high hardness, Table I, and by the 
fact that on annealing, samples begin to recrystal- 
lize at 225°C which is approximately the same as 
normally cold-rolled copper of the same hardness. 
It should, however, be noticed that, despite this 
hardening, neither the specimens themselves nor 
the grains which compose them have suffered sig- 
nificant distortion. 

Considerable anisotropy in the direction of the 
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Fig. 6—(a) Same specimen as Fig. 5. X500; (6) Same as Fig. 5, another field. X500. 


Fig. 7—Microstructure 
425-kbar shock. X500. 


markings is obvious in Fig. 5. This was measured 
by recording the number of grains with markings in 
each 5 deg angle group* and plotting these as a fre- 


*Similar results wete obtained on the basis of either the number of 
of grains with any number of markings in each angle group or the num- 
ber of markings without regatd to how many markings there were in a 
single grain, provided the latter were corrected for the probability of 
intersection with the datum line. The former method of counting was 
used as it is the simplest. Grains with markings in more than one di- 
rection are counted more than once. 


quency curve, Fig. 8. This curve shows the mark- 
ings to occur most frequently at 30 deg to the direc- 
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tion of shock, not at the direction of greatest shear, 
45 deg. Moreover, the most frequent angle between 
two markings in a Single grain occurs at 60 deg, 
Fig. 9, not the most probable angle for random in- 
tersections with pairs of (111) planes. The struc- 
ture seems to arise from some requirements of si- 
multaneous slip or twinning in two directions, sym- 
metrically related to the shock direction. Analysis 
of it, however—and even positive identification of 
twins—must await X-ray studies of single crystals. 
It is difficult to tell from a post-mortem examina- 
tion of a sample subject to normal plane shock 
whether the structure observed was produced during 
compression or during rarefaction. However, if a 
shock front encounters a free surface, the result- 
ing rarefaction wave will, like reflected light, pro- 
ceed at approximately the same angle on the other 
side of the normal to the surface; hence, if there is 
an angular correlation of structure with either com- 
pression or rarefaction directions, this could be 
distinguished microscopically. Fig. 10 shows the 
angular distribution of the twin-like markings in one 


Table |. Hardness of Copper and Iron Shock 


Condition Hardness* 
OFHC Copper Armco Iron 
Annealed 54 95 
After 225 kb shock 105 — 
250 kb shock = 250 
350 kb shock 109 = 
425 kb shock 132 = 
600 kb shock - 284 
Cold-rolled 60 pct red. 109 212 
Cold-rolled 95 pct red 129 259 


*100-g load. Vickers 136 deg diamond pyramid indentor. See also 
Fig. 34. 
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Fig. 8—Angular frequency of markings in annealed copper 
after 425-kbar shock. (a) Original data; (6) Symmetrically 
averaged and corrected for anisotropy on basis of anneal- 
ing twin frequency. Ordinates are fraction of total grain 
counts which fall within a given 5 deg angle block. Section 
includes shock direction (normal to original surface of 
specimen). 


such sample shocked to 305 kbars at an angle of 

23 deg to the surface normal. There are no twin 
markings whatever within 20 deg either side of the 
rarefaction direction, and the peaks occur at 30 deg 
on each side of this direction.* There can be no 


*The orientation of the recovered samples in relation to the wedge 
and the explosive was identified by observing the direction of maximum 
shear (about 6 deg), which was proved to be on the side of the surface 
normal opposite to the direction of the compressive shock in the case 
of iron and assumed to be so in copper. 


doubt whatever that the structure developed during 
rarefaction. 

Another interesting observation on this sample 
was the existence of a structural gradient near the 
free surface. This was not accompanied by a gra- 
dient of hardness. The grains immediately at the 
surface had few visible markings, but the number 
of grains with markings rapidly increased inward. 
The first markings were of a fine feathery quality, 
frequently only visible near a grain or twin bound- 
ary, Fig. 11. Beyond a distance of about a milli- 
meter, well-developed twins become frequent, the 
majority of grains have markings, and grains with 
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Fig. 9—Distribution of angles between markings in indivi- 
dual grains in same specimen as Fig. 8. 


two or even three twin directions appear, Fig. 12. 
Thereafter, the structure does not change signifi- 
cantly throughout the thickness of the sample (5 mm) 
and is similar to the structure in the normal shots, 
Figs. 5 to 7, in which rarefaction would have pro- 
ceeded over an inch before entering the area that 
was examined microscopically. The angular dis- 
tribution of markings did not differ in their distri- 
bution and Fig. 10 includes measurements in both 
zones. 

This structural gradient probably results from a 
dependance of the twinning mechanism upon the 
steepness of the rarefaction wave. Immediately at 
the surface, this is as sharp as the compressive 
shock, but it rapidly spreads out because of the 
higher velocity of the high-pressure proportion and 
the cumulative retrograde motion of the expanding 
metal.* 

*Copper expanding from 335 kbars proceeds at velocities of about 
5.2 and 3.2 mm per psec at the top and bottom of the front respectively. 
The thickness of the zone in which the pressure gradient occurs is, 
therefore, roughly 2/5 of the distance that the top of the rarefaction 
front has moved in from the free surface. The velocity of the various 


portions of rarefaction waves is treated in references 1 and 3 and also 
by Rayleigh in Proceedings, Royal Society, 1910, vol. 84A, p. 247. 


Fig. 10 shows that the markings do not occur with 
equal frequency on the two sides of the rarefaction 
direction. This asymmetry is an indication that the 
metal after compression was anisotropic, being 
more prone to subsequent shear or slip in the orig- 
inal shock direction, which supposedly was least 
deformed. Iron behaves differently as will be dis- 
cussed later. 

a brass (70-30 Cu-Zn) subject to plane shock 
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Fig. 10—Angular distribution of markings 
in copper specimen subject to inclined x 
shock (302 kbars) at an angle of 23 deg to @? 45 
the surface normal. Plane of section con- 
tains surface normal and shock direction. ob 
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Fig. 11—Microstructure of copper subject to 302-kbar. 
shock. Lower edge of specimen is free surface. X500. 


pressure of 550 kbars developed the intensely 
marked structure of Fig. 13. None of these mark- 
ings displayed resolvable width under the micro- 
scope and they resemble slip more than twinning. 
They are, however, rather similar to the markings 
found by Suzuki and Barrett on silver-gold alloys at 
low temperatures” and which were Roentgenograph- 
ically identified as twins. They are distinguished 
sharply from the markings in copper both by their 
appearance and their angular relationship to the 
shock direction, Fig. 14, which reaches a maximum 
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Fig. 12—Microstructure of same specimen as Fig. 11. 
Two mm from free surface. X500. 


frequency at 45 deg instead of 30 deg as in the un- 
alloyed metal. 

The hardness of the annealed brass was 69, which 
was increased to 192 after shocking to 550 kbars. 

6 brass after 500-kbar shock showed deformation 
bands in patterns very strongly dependent on ori- 
entation, but no evidence of transformation or twin- 
ning, and no X-ray diffraction lines were detected 
except those due to the normal body-centered-cubic 
structure. The surfaces of the recovered samples 
showed considerable relief due to grain orientation 
differences. 

Some age-hardening alloys were shocked and 
given subsequent precipitation anneals in order pos- 
sibly to reveal anisotropy in the residual disloca- 
tion arrays. An alloy of copper with 3.55 pct Ni and 
0.66 pct Si subject to 500-kbar shock in the quenched 
condition and subsequently heat treated showed no 
change in the distribution of the second-stage (dis- 
continuous) precipitate of Ni,Si, although the rate at 
which precipitation occurred was enhanced. The 
alloy twinned like copper, but no precipitation along 
twin or slip lines was observed. 

More positive results were achieved with an alu- 
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Fig. 14—Angular frequencies of markings on brass after 
550-kbar normal shock. Plane of section includes shock 
direction. 
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Fig. + 9. Ag. Subject to 500 shock 
in solution-heat-treated condition, and subsequently aged 
6-hr 300°C. X1000. 


minum alloy with 10 wt pct Ag. An initially homoge- 
nous quenched alloy develops a well-defined Wid- 
manstatten precipitate after aging 6 hr at 300°C. 
Cold-rolling prior to precipitation distorts this 
structure but still leaves it recognizably geometric 
in form. A sample shocked to 500 kbars developed 
a more granular pattern after aging, Fig. 15, indi- 
cating an irregular arrangement of whatever struc- 
tural features are responsible for nucleation and 
diffusion. 


EXPERIMENTS WITH IRON 


It is well known that iron, subject even to rela- 
tively low intensity shock, develops clean-cut 
mechanical twins, known as Neumann bands. Rine- 
hart* has shown that the bands develop irregular 
boundaries and that both the number of twins and 
the number of twin directions in each grain in- 
creases progressively at higher pressures. He ob- 
served slight plateaus in the curve of Rockwell 
hardness vs distance, which he associated with the 
number of twin directions in each grain. His ob- 
servations, however, were made on an internally 
loaded cylinder and do not readily lend themselves 
to analysis. in the meantime Bancroft, Pearson, 
and Minshall™ have shown that there exists a double 
plastic shock in iron which is associated with the 
discontinuity in the Hugoniot PV curve at a pres- 
sure of 130 kbars. Their data are incorporated in 
Fig. 16 which includes recent data on the equation 
of state at higher pressures.” If the pressure ex- 
ceeds 130 kbars, in addition to shock at the velocity 
appropriate to the pressure and volume at the criti- 
cal point, there will be a second shock at velocity 


1 
+ Upe 
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where the subscript c refers to the values at the 
point of inflection and Upe = v(P, — Po) (Vo — Vz), 
which is the velocity of the material, after the pas- 
sage of the first shock, into which U, advances. 
This shock will obviously be slower than the first 
shock until the pressure exceeds a point on the PV 
curve where it is intersected by an extrapolation of 
the line from VY, to the critical point—about 350 
kbars in Fig. 16. Because of their different veloc- 
ities, these two shock fronts will become separated 
in space by an amount that depends on the distance 
from the iron surface at which they originate. Be- 
tween 130 and 350 kbars, the metal will be subject 
first to a 130-kbar shock and subsequently toa 
higher pressure. Duff and Minshall”™ have dis- 
cussed the details of the Hugoniot curve associated 
with a transition of this type and the shock-wave 
system that results. They suggest that the high- 
pressure single shock involves first an essentially 
discontinuous shock to a point on the extension of 
the subscritical PV curve, followed by a zone of 
transition to the high-pressure phase. The details 
of the structural interface would depend on its ease 
of formation and movement and the writer inclines 
to the belief that a single interface of dislocations 
is all that is needed to give rise directly to the new 
structure and density. When the final structure is 
two-phase, this is achieved by lateral serrations in 
the interface. The situation is different if the struc- 
tural transformation can not be produced by a 
simple crystallographic motion of dislocations. 
Melting is a case of this kind as will be discussed 
later. 

The microstructures of iron subject to normal 


IRON 
400 \ 
300 
P 
200 
BANCROFT 
PETERSON 
L-100 
v/V 
9 BRIDGMAN 1.0 


Fig. 16—Equation of state curve for iron. From Ref. 2. 
P is in kbars. 
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/ 
Fig. 17—Microstructure of iron subject to 130-kbar shock. 
X200. 


« 


ASE 
Fig. 18—Microstructure of iron subject to 145-kbar shock. 
X250. 


Note: Figs. 17 and 18 are different portions of the same specimen, that of Fig. 17 being near the free surface and 


shielded by rarefaction from the higher pressure. 


on after 190-kbar 


shock. X500. 


plane shock of various pressures are shown in Figs. 
17 to 22 inclusive. Shock below 130 kbars produces 
only simple well-defined Neumann bands. Above 
this pressure the sequence of feathering and multi- 
plication of the bands described by Rinehart and 
Pearson* at first occurs, but this is followed at 
higher pressures first by a highly complex struc- 
ture and then by a simpler one. The appearance 

of each grain is highly dependent upon its orienta- 
tion, some grains being heavily marked while ad- 
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shock. X200. 


jacent ones show little effect beyond slight mottling. 
There is, however, no difference in average micro- 
hardness between grains that are heavily or lightly 
marked. The original ferrite grain boundaries re- 
main unaffected, showing that both the transforma- 
tion and its reversal were crystallographically de- 
termined. 

Measurements of angular frequency of the mark- 
ings are summarized in Figs. 23 to 25. As in cop- 
per, markings in the shock direction are rare. They 
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Fig. 23—Angular distribution of Neumann bands in iron 
subject to 130-kbar shock. (Specimen of Figs. 17 and 18.) 


180 


most frequently occur at an inclination of 45 deg to 

the shock direction with a broad spread thereafter- 
wards and a minor peak at 75 deg. The peaks cor- 

respond in part to two pairs of markings inclined at 
about 85 deg or about 145 deg to each other in indi- 
vidual grains. 

There was little difference between the angular 
distribution of measureable features at low pres- 
sures, Fig. 23, or at high, Fig. 24, although the con- 
fused background of fine markings in the high-pres- 
sure shots, cf. Fig. 21, could not be measured. It 
should, however, be remembered that in the double- 
shock region the high-pressure structure is formed 
after the low-pressure one, and the main directional 
features are determined by the lower pressure. 

The shocks performed at an angle are again in- 
structive. There is no doubt that the principal 
markings originate during compression, for the 
lowest frequency of marking coincides unmistakably 
with the direction of the compressive shock, Fig. 25. 
Twinning must involve the cooperative movement of 
larger volumes of material than are involved ina 
sharp shock front and it may be that the visible 
features are an insignificant portion of the whole 
atomic readjustment. 

Iron samples, like those of copper, are also con- 
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Fig. 22—Microstructure of Armco iron after 600-kbar 
shock. X100. 
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Fig. 24—Angular distribution of markings in iron after 


600-kbar shock. (a) relation to specimen surface; (b) an- 
gles within single grains. 


siderably hardened as a result of their shocking 
experience, Table I. Iron subject to 600 kbars be- 
gins to show traces of recrystallation on subsequent 
annealing at 500°C and there is no visible change 
preceding the appearance of the first recrystallized 
grains, Fig. 25. 


INTERACTION OF SHOCK WAVES 


Inclined shock on iron discs inserted into the sur- 
face of a brass wedge produced some interesting 
structures which were found to be due to the inter- 
action of the rarefaction from the first shock with 
the ongoing second shock. These structures, which 
have not previously been observed, appear only in 
the vicinity of a free surface and in relatively thin 
samples in which interaction occurs before the 
rarefaction front has become too diffuse. 
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Fig. 25—Angular distribution of markings 
in iron subject to 190-kbar shock inclined 
23 1/. deg to surface normal. Section in 
plane of maximum shear. (Cylindrical 
axis of specimen sheared to 94 deg). The 
shock and rarefaction directions shown are 
not corrected for shear or compression. 
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The ratio of velocities of the first and second 
shocks in iron varies rapidly with pressure im- 
mediately above 130 kbars. Graphical measure- 
ments on Fig. 16 give the velocity ratios shown in 
the upper curve of Fig. 27. Fig. 28 shows schemat-- 
ically the behavior of the two shocks produced by a 
pressure of 225 kbars applied at ¢ = 0 and main- 
tained. The first shock strikes the free surface 
and comes back as a rarefaction wave, the head and 
tail of which move at approximately 5.2 and 3.9 mm 
per psec respectively. This rarefaction will inter- 
act with the ongoing second shock, leaving a lower 
pressure shock (in the example, to about 95-kbar 
pressure) proceeding forward while a weaker rare- 
faction continues backwards into the region of 
higher pressure. Because of the change of slope of 
the PV curve at the transition, rarefaction below 
about 160 kbars will proceed abruptly as a shock, 
as discussed by Drummond.” Above this pressure 
(which corresponds to tangency of the appropriate 
line on the PV curve) gradual rarefaction proceeds 


Fig. 26—Microstructure of iron annealed 1 hr at 500°C 
after 600-kbar shock. Shows beginning of recrystalliza- 
tion. X200. 


584—~OCTOBER, 1958 


210 240 


faster than shock. 

Schematic profiles of the shock at various times 
are shown in Fig. 28(b). It is obvious that the metal 
has been subject to the maximum pressure only in 
that volume which the second shock had traversed 
prior to the interaction. The boundary of this region 
is revealed by an abrupt change in the resulting 
microstructure, Figs. 29 to 32, and hardness, Figs. 
33 and 34. It is easily shown that 


where D and d are the thicknesses of the whole 
specimen and the lower-pressure zone respectively 
and Ui, Uz, and U; are the velocities of the first 
and second shock and rarefaction waves respec- 
tively.* U, is pressure dependent, the tail of the 


*All velocities are regarded as positive, although the rarefaction 
waves are actually moving in the opposite direction to compression. 


rarefaction wave moving slower than its high- 
pressure part. For the front of the rarefaction 
wave, however, U,/U1 is approximately 1. Micro- 
scopic measurements of the interface of a series 
of samples are summarized in Table II and the 
values for U,/U: computed therefrom are plotted 
in the lower curve of Fig. 27. 

The appearance of the interaction interface under 
the microscope is shown in Figs. 30 to 32. It is 
very sharply defined when it occurs near the free 
surface, and becomes much less clear the farther 
away it occurs. Most of the broadening of the in- 
teraction zone is due to the decrease in steepness 
of the rarefaction front. The expected width of the 
zone is indicated in Fig. 34 beneath the step in the 
hardness. This width was computed as follows: 


Os 


where U,, and U,, are the velocities of head and 
tail of the 130-kbar rarefaction, and U2 is the ve- 
locity of the second shock, which is assumed to be 
abrupt, Although the agreement is good at high 
pressures, the interaction front is much wider than 
anticipated at the lower pressures, indicating that 
the second shock becomes broader at low pressures, 
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Fig. 28(a)—Paths of shock and rarefaction waves and their 
interaction. Schematic but approximately to scale for iron 
at 225 kbars. 
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Fig. 28(b)—Shock and rarefaction profiles in iron at suc- 
cessive times (Schematic. cf. Fig. 28(a).) 
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perhaps in the two-phase region of the Hugoniot 
curve. 

It is to be noted in the microstructure that, al- 
though the complexity of structure in different 
grains that have been subject to the high pressure 
differs greatly, the position of the interface is not 
significantly different, and can be detected by an 
abrupt change in diameter of microhardness im- 
pressions, even in single grains which lack a visible 
structural boundary. This proves that the velocities 
of both the shock and the rarefaction waves are not 
influenced by grain orientation. 

The considerable variation in microhardness 
from grain to grain due to orientation effects, 

Fig. 33, is not enough to mask the abrupt change of 
hardness associated with the interaction. Fig. 34 
shows smoothed hardness curves, each based on 
about 200 impressions made at 0.1 mm intervals in 
five parallel traverses. * Except for some uncer- 


*The difference in hardness is greater in Fig. 34 than in Fig. 33 
because of a higher load used in the latter figure. The Meyer exponent 
n on both zones of the 300-kbar sample, was 2.26. Cold-rolled iron had 
the same n while the annealed stock had an 7 value of 1.88. 


tainty in the low-pressure interactions where the 
interface was neither sharp nor planar, the hard- 
ness measurements agree well with the micro- 
scopic conclusions. 

Fig. 27 shows a considerable discrepancy between 
the experimental results and the expected ones. 
Particularly significant is the existence of double 
shock at 420 kbars, for single shock alone should 
occur above 330 kbars.* The discrepancy is per- 

*Dr. C. M. Fowler informs me that there may have been an error in 


estimating the pressures for this series of shots. More careful experi- 
ments are under way. C.S.S. (August 15, 1958). 


Table Il. Shock Interaction Zone in Armco lron 


Thickness of 


Estimated Zone with 
Maximum Thickness Low-Pressure 
Pressure of Specimen Structure 

150 kb 6.45 mm (4.3) mm 

190 6.40 2.95 

225 6.50 2.00 

300 0.85 

360 5.20 0.53 

420 5.15 0.19 
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Fig. 29—Cross section of iron specimen 
shocked to 190 kbars when embedded in 
brass wedge. Free surface at bottom. 
Oblique illumination. X7. Reduced 23 
pet for reproduction. 


Fig. 30—Interaction zone in Armco iron 
specimen subject to 420-kbar pressure 
shock. Specimen 5.1 mm thick. X100. 


Fig. 31—Same as Fig. 30. X250. 
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Fig. 32—Interaction zone in specimen 6.5 mm thick subject 
to 225-kbar shock. X250. Note that the structural gradient 
is far less steep than in Fig. 31. 


haps due to the fact that a stable shock profile is not 
instantaneously produced, because of difficulty in 
nucleating the interface. It should be possible to 
distinguish between various possibilities by apply- 
ing shock of various intensities to iron of several 
thicknesses so as to produce interactions at vari- 
ous distances from both front and back surfaces. 


DISCUSSION 


The kink in the Hugoniot PV curve for iron, Fig. 
16, must be associated with a transformation to a 
denser form. The possibility that it is merely a 
change to an easier deformation mechanism in the 
a phase is excluded by the fact that, while the lower 
pressure part of the curve coincides with Bridg- 
man’s hydrostatic data, an extrapolation of the 
higher pressure part of the curve to zero pressure 
corresponds unmistakably to a value considerably 
less than Vo (about 0.95). Bancroft and Minshall’? 
suggest that this transformation is the normal A3 
transformation in iron (from a body-centered- cubic 
lattice to face-centered-cubic) depressed from 


910°C to approximately 37°C by the higher pres- 
sure. Though this is eminently reasonable, recent 
data from Los Alamos (R. E. Duff, private com- 
munication) indicate that the temperature coeffi- 
cient of the critical pressure is much less than pre- 
dicted by that model. 


Duff and Minshall* have found similar behavior 
in bismuth, their dynamic points corresponding to 
the transition between Bridgman’s phase I and II 
slightly displaced. It is particularly interesting to 
note their finding of points on an extrapolation of 
this line into the liquid-phase field—confirming the 
reasonable expectation that a crystallographic 
change resulting from simple dislocation movement 
or shear can occur rapidly, but the production of 


_ gross disorder as in melting is inherently slower. 


Eventually, of course, liquid will appear in the 
high-pressure zone, and rarefaction will spread 
from the points where melting occurs. In a suf- 
ficiently large sample a stable triple shock will 
form, the last shock proceeding at the velocity 
called for by the PV relations, but it will be broad 
enough to allow time for the nucleation and growth 
of liquid particles. 

In the case of shock- induced transitions, there is, 
above the critical pressure, a range where a two- 
phase structure exists in the dense material after 
the shock has passed. In iron this zone extends 
from 130 to about 230 kbars, but it does not appear 
as a second kink in the PV curve of Fig. 16 be- 
cause of insufficient experimental data. The micro- 
structures are in agreement with this. Starting 
with a slight fuzziness of the Neumann markings, 
the affected volume increases rapidly. The general 
appearance of the samples recovered from pres- 
sures high enough to produce uniform high-pres- 
sure phase is what would be expected from a carbon- 
free martensite transformation—indeed, some of the 
structures are nearly identical in appearance with 
those published many years ago by Sauveur and 
Chou** of pure iron rapidly quenched from the high 
y range. 

Deformation under shock condition is evidently 
not as simple as anticipated.* Intense residual 
hardening could not occur with a simply translated 
dislocation interface such as Fig. 2(b). The inter- 
face must be extensively puckered to provide both 
sources and sinks for dislocations (which would in- 
volve a slight circulation of matter) or the move- 
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Fig. 34—Variation of microhardness across iron specimens in which shock interaction has occurred. (200-g load. 
Vickers 136 deg indentor. The hardness is 8.61 x 10° per (diam)? kg per mm). Arrows mark visual position of in- 
terface; parallel marks below the hardness rise indicate computed width of interaction zone. 


ment of dislocation complexes. The structure would 
be strongly sensitive to the steepness of the density 
gradient, and for this reason if no other would not 
be reversible on rarefaction. The appearance of 
twins in copper indicates that important micro- 
structural features may arise only during not-too- 
abrupt rarefaction, and, indeed, suggests that the 
principal mechanism is on a scale inaccessible to 
the optical microscope. 

These observations may be of interest to those 
concerned with the hydrodynamics of shock propa- 
gation. Simple metallographic measurements on 
samples of iron locally affixed to the surface of 
single-shock materials should provide a useful 
indication of local shock pressures and directions. 
Quite detailed knowledge of shock profiles could 
result from hardness and structural gradient ob- 
servations on the interaction zone. Even the pres- 
ent preliminary studies establish that the second 
shock in iron corresponds to a pressure-rise 
distance of not greater than 0.02 mm, perhaps 
much less than this, and since the velocity is 5 mm 
per psec, to times of the order of 10-° sec. They 
confirm that structural transformation in iron can 
occur at extremely high velocities, although the 
nature of the phase generated by the shock front 
remains uncertain, 
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Layer Growth during Interdiffusion in the 


Aluminum-Nickel Alloy System 


The kinetics of growth of intermediate phase layers in the aluminum-nickel system 
has been explored in diffusion couples annealed in the temperature range 400° to 625°C 
for times up to 340 hr and under pressures up to 5 tsi. It has been found that all phases 
appear in the interdiffusion zone at 600°C that are thermodynamically stable at the dif- 
fusion temperature; these phases are the NiAl, (8), Ni,Al; (y), NiAl (5), and Ni; Al «€) 
intermetallic compounds. The vate controlling factor affecting the kinetics of growth of 
the y phase in the early stages is not yet clear; after a minimum thickness of 0.025 to 
0.030 mm is reached, however, volume diffusion controls layer growth. It is estimated 
that the chemical diffusion coefficient is 9.1 x 107” sq cm per sec and that the heat of 
activation for diffusion is 31,000 cal per mol. An applied pressure of 5 tsi reduces the 
diffusion rate by about 27 pct. Volume diffusion controls the growth kinetics of the g 
phase after a minimum thickness of 0.040 mm is reached; it is estimated that the 600°C 
diffusion coefficient is about 1.8 X 107" sq cm per sec and that the heat of activation is 
approximately 27,000 cal per mol. Tentatively, it appears that pressure affects the 
growth of the B phase much less than the y phase. The growth kinetics of the 6 and € 
phases also appear to be volume diffusion controlled. 


L. S. Castleman and L. L. Seigle 


Tue formation and growth of intermetallic phase 
layers is of considerable practical importance to 
metallurgists interested in diffusion bonding and 
cementation processes and has been the subject of 
extensive qualitative investigation. In contrast, it 
is somewhat surprising that so little quantitative 
data have been amassed. The need for additional 
fundamental work was pointed out by Mehl in 1936,’ 
and persists to a large extent to the present day. 
The early studies have been reviewed by Rhines,” 
and his conclusions have been summarized by 
Lustman and Mehl? substantially as follows: 1) All 
phases that are stable at the temperature at which 
diffusion occurs will appear in the interdiffusion of 
two metals; however, in some cases, certain of the 
phases may be too thin to be observed and identified 
easily. 2) The isothermal growth of intermetallic 


L. $. CASTLEMAN and L. L. SEIGLE are associated with The Me- 


tallurgical Laboratories, Sylvania Electric Products Inc., Bayside, N.Y. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


phases generally obeys a simple parabolic equation 
of the form x? = Kt, where x is the thickness of the 
alloy layer, K the temperature dependent reaction 
rate constant, and ¢the time. 3) The rate of thick- 
ening varies with temperature according to the 
Arrhenius equation k = Ae~’*" , where & is the 
parabolic rate constant, A, a temperature independ- 
ent constant, Q the heat of activation for the proc- 
ess, R® the gas constant, and T the absolute tempera- 
ture. Subsequently, Lustman and Mehl made a quan- 
titative study of the laws of growth in intermediate 
layers in a number of binary systems, in which one 
of the components was either zinc or cadmium, and 
the other component was one of the following: nickel, 
copper, silver, cobalt, gold, iron, or Monel metal; 
the interdiffusion times used were for the most part 
less than 24 hr. It was found that the simple para- 
bolic law was not obeyed in general, but that a gen- 
eralized parabolic law of the form x” = kf was valid, 
where v was a temperature dependent constant; also, 


OCTOBER, 1958-589 


the constant k did not show an Arrhenius dependence 
upon temperature, but the jotal layer thickness did. 
A few years later, Biickle* studied the diffusion 
bonding behavior of silver-aluminum, silver-zinc, 
and silver-cadmium diffusion couples annealed at 
various temperatures for times up to 120 hr; he 
concluded that the simple parabolic law adequately 
described the growth of the layers that he had 
studied. He also proposed an empirical parameter 
to describe the course of diffusion into the precious 
metal cladding. A more refined analytical approach 
was used by Heumann,° who calculated diffusion co- 
efficients in the B, y, and e intermetallic phases of 
the silver-zinc system, by using the Matano analysis 
(shown earlier by Jost® to be valid for diffusing sys- 
tems in which a finite number of discontinuities 
occur in the concentration and in the diffusion co- 
efficient) and by assuming that the concentration- 
penetration curves in the intermetallic phases were 
linear. 

The development of reactor technology brought a 
renewed interest to bear on diffusion bonding prob- 
lems as revealed in the manufacture of clad fuel 
elements and other reactor structural components. 
In 1949 Kittel’ investigated layer formation by 
interdiffusion between couples formed from com- 
binations of the following metals: columbium, iron, 
nickel, uranium, molybdenum, tantalum, zirconium, 
and type 347 stabilized austenitic steel. His data 
were exploratory rather than exhaustive in nature, 
but they indicated that the reaction rate constant n 
in the growth equation x” = kf did not generally have 
the value 2, but varied from 0.6 to 7.6—most of the 
values lying between 1 and 3. In 1954, Storchheim, 
Zambrow, and Hausner® reported the ‘results of an 
investigation into the bonding of aluminum to nickel 
by means of a hot-pressing technique; they dis- 
covered that pressure exerted a marked effect upon 
bond strength and upon the thickness of the inter- 
mediate alloy layers found at the aluminum-nickel 
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Fig. 1(a)—Spot-welded sample before diffusion. 
Unetched. X250. Reduced approximately 23 pct 
for reproduction. 
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interface. Increasing pressure decreased the thick- 
ness of the layers and improved the bond strength. 
The work on the aluminum-nickel system was ex- 
tended to other systems containing intermetallic 
phases, and Storchheim showed that a similar pres- 
sure effect existed in the uranium-nickel system.° 

The pressure effect discovered by Storchheim ap- 
peared to have important implications, both from a 
practical and theoretical point of view. Therefore, 
a study was undertaken beginning in the latter part 
of 1954 to investigate the phenomenon in some de- 
tail. The first phase of the work was concerned 
with the kinetics of growth of the intermediate alloy 
phases in the aluminum-nickel system. Specifically, 
the increases in thickness of the intermetallic lay- 
ers were determined as functions of interdiffusion 
time, interdiffusion temperature, and applied pres- 
sure in aluminum-nickel diffusion couples. In addi- 
tion, studies of growth kinetics of layers were made 
in couples in which interdiffusion occurred between 
aluminum or nickel and the y (Ni, Al,) intermediate 
alloy phase which exists in the aluminum-nickel al- 
loy system. The results obtained are reported in 
this paper. 


EXPERIMENTAL PROCEDURE 


A. Materials—All aluminum-nickel diffusion 
couples were made from high-purity (99.99 pct) 
aluminum and vacuum melted electrolytic nickel 
sold under the trade name Nivac—P (99.79 pct Ni 
plus 0.13 pct Co). Half-inch diameter discs of thick- 
nesses ranging from 0.015 to 0.050 in. were punched 
from strip and given a grain coarsening anneal; the 
aluminum discs were annealed for 1 hr at 600°C in 
air, and the nickel discs were given a 1-hr anneal 
at 1100°C in hydrogen. Subsequently, the aluminum 
discs were cleaned in 10 wt pct sodium hydroxide 
solution at room temperature for 1 min and rinsed; 
prior to assembly into diffusion couples, all discs 


Ni 


Fig. 1(b)—Spot-welded sample after diffusion 
for 1 hr at 625°C. Unetched. X250. Reduced 
approximately 23 pct for reproduction. 
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were thoroughly degreased in clean acetone, elec- 
tropolished, and rerinsed, to insure surface clean- 
liness. Omission of the electropolishing step, how- 
ever, did not appear to affect the results. The Y- 
phase (Ni, Al, ) material used in the y-nickel and in 
the y-aluminum diffusion couples was produced in 
bulk form by the interdiffusion of thin discs of 
aluminum and nickel at 600° to 625°C for 48 hr 
under a pressure of 5 tsi and in a vacuum system 

in which the pressure was less than 0.5 pu; the 
interdiffusion run was followed by two homogenizing 
treatments—one at 825°C for 24 hr which removed 
any traces of the 8 phase (NiAl,), and the final an- 
neal for 24 hr minimum at 950°C. The y-phase 
cylinders obtained in this manner were homogeneous 


and solid, except for the appearance of some poros- _ 


ity in regions originally consisting of aluminum. 
B. Diffusion Bonding Runs— 

1) Atmospheric Pressure Experiments—Most 
of the aluminum-nickel diffusion bonding experi- 
ments under atmospheric pressure were made on 
couples prepared by spot welding. An aluminum 
disc was placed between two nickel discs, and the 
assembly was spot welded in two /g-in. diam areas; 
a 20 KVA machine was used, and the power and time 
of application were kept to the minimum required to 
obtain adhesion. It was found that the spot-welding 
procedure melted the aluminum and saturated it with 
nickel, which then precipitated out in the form of 
small particles of 8 phase; however, no intermetal- 
lic layers of metallographically perceptible thick- 
ness were formed (see Fig. 1(a@) and 1(b)). The spot- 
welded couple was then sectioned through the bonded 
areas; one half-disc was kept as a control, and the 
other was used for the diffusion runs. All diffusion 
runs were made in electrical resistance tube fur- 
naces, in which the temperature variation was + 2°C 
or less. For runs lasting less than 1 hr, the sam- 
ples were heated in air and quenched at the end of 
each run so that errors arising from heating up and 
cooling down times would be kept toa minimum. All 
other samples were encapsulated in evacuated Vycor 
tubes containing titanium chips as getter material; 
the titanium chips were preferentially heated in the 
evacuated capsules prior to the diffusion runs to 
getter the remaining oxygen and nitrogen. After the 
diffusion runs, the capsules were quenched in cold 
water. 


2) Elevated Pressure Experiments—Alumi- 
num-nickel diffusion bonding runs under pressure 
were made in a hot pressing apparatus which was 
essentially a smaller version of the apparatus used 
by Storchheim, Zambrow, and Hausner®; a sche- 
matic drawing of the apparatus is shown in Fig. 2. 
At the start of a diffusion run, the specimen was 
placed on the bottom punch, and the apparatus as- 
sembled with the upper ram out of contact with the 
specimen. The system was evacuated to pressures 
of 0.5 u or less, and the specimen was heated to the 
desired temperature; as soon as the temperature 
was stabilized, pressure was applied to the speci- 
men (which effectively started diffusion) and main- 
tained by means of a 2 Y/,-ton arbor press exerting 
force on the top of the ram through an SR-4 Type C 
Load Cell. At the end of the run, the load was re- 
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moved, the power to the furnace was cut off, and the 
Specimen allowed to cool in the die. Pressure runs 
were generally made for times equal to or greater 
than 16 hr; consequently, the error introduced by 
the cooling down time (the temperature dropped 
100°C in 10 min) was less than 1 pct. 

A few aluminum-nickel diffusion bonding runs 
were made in the hot pressing apparatus at atmos- 
pheric pressure; the y-layer thicknesses were 
measured and compared with corresponding meas- 
urements made from spot welded samples. The 
differences in results attributable to the bonding 
techniques were of the same order as variations in 
a group of spot welded samples diffused under pre- 
sumably identical conditions. 

All diffusion runs at 625°C or below for diffusion 
couples containing the y phase as one component 
were made in the hot pressing apparatus. Diffusion 
bonding specimens of the y-phase-nickel type were 
also run at temperatures up to 1050°C in small 
screw presses tightened to approximately the same 
extent with a torque wrench and under an argon at- 
mosphere. 

C. Measurement of Layer Thicknesses— Layer 
thicknesses were measured with a filar eyepiece on 
a Bausch and Lomb metallograph, the magnifications 
used being dependent upon the width of the layers. 
Twelve to twenty measurements were made at each 
interface; an average thickness and its standard de- 
viation were calculated for each interface. 


EXPERIMENTAL RESULTS 


A. Phases Appearing during Interdiffusion—It is 
well established that four intermetallic phases occur 
under equilibrium conditions in the aluminum-nickel 
system*’; these phases are designated (NiAl,), 

y (Ni,Al,), 5 (NiAl), and e (Ni,Al). Storchheim, 

et al.,* concluded that only two phase s, tentatively 
identified as the 6 and y phases, formed in diffusion 
couples annealed at 600°C and below for times of 
the order of minutes. In the present investigation, 
the diffusion annealing times were extended to sev- 
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Fig. 2—Hot pressing apparatus. 
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Fig. 3—Layer thickness vs diffusion 


time. 


eral hundred hours; it was found that two readily 
observable phases appeared. The earlier identifi- 
cation was corroborated by X-ray diffraction and 
chemical analysis for the y phase, and by metallo- 
graphic etching techniques for the 6 phase. Sub- 
sequently, a few y-nickel diffusion couples were 
prepared and annealed at 800°C, 900°C, and 1050°C; 
in this case, two intermediate alloy phases appeared 
between the y phase and the nickel phase. The phase 
adjacent to the y phase had the appearance and etch- 
ing behavior of the 6 phase, and it is presumed that 
the other was the € phase. Asa result of these ob- 
servations, it was felt that the “missing” phases in 
the aluminum -nickel couples diffused below the 
eutectic temperature might actually be present as 
very thin layers.’ Careful metallographic exami- 
nation of an aluminum-nickel diffusion couple an- 
nealed at 600°C for 340 hr did indeed reveal the 
presence of two phases in thicknesses of 2 yu or less 
between the y phase and the nickel. Therefore all 
four equilibrium phases were present in this couple. 


B. Kinetics of Growth of the Intermediate Alloy 

Phases 
1) Gamma Phase—The thicknesses of the y- 

phase layers formed during the bonding of aluminum 
and nickel were measured at various diffusion times 
and temperatures under atmospheric pressure and 
under a pressure of 5 tsi; the results obtained are 
plotted in Figs. 3 and 4. Fig. 3 is a linear plot of 
layer thickness (mm) vs time (hr) for various dif- 
fusion temperatures. It is evident from the data 
that the thickness of the y phase is time, tempera- 
ture, and pressure dependent; increasing diffusion 
times and temperatures increase the thickness, and 
increasing pressure decreases the thickness. At 
the low temperatures, it appears from the slopes 
of the 400°C and 450°C curves that an incubation 
period may exist for the formation of the y phase; 
however, the uncertainties involved in metallograph- 
ically measuring layers whose thicknesses are less 
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than 1 » make it impossible for one to decide def- 
initely. 

The layer thicknesses and diffusion times are 
plotted on logarithmic scales in Fig. 4; it is as- 
sumed in this plot that the layers begin growing in- 
stantaneously at time ¢ = 0. A family of curves is 
obtained which are definitely asymptotic at the 
higher temperatures to a line having a slope equal 
to one-half; thus, at the higher temperatures and 
after a sufficient time, the thickness of the y layer 
obeys a parabolic law ‘of growth of the form 7 = dt 


O©— Atmospheric Pressure 
tsi Pressure 
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Fig. 4—Layer thickness vs diffusion time—log plot. 
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Fig. 5—Al+ y couple diffused at 500°C for 96 hr (1 tsi). 


Etched. X250. Reduced approximately 23 pct for repro- 
duction. 


where 7 is the layer thickness and b is a temper- 
ature-dependent time-independent constant. The 
increase in pressure does not affect the slope of 
the asymptotic line; it is also interesting to note 
that the slopes of the curves tend to reach the 
asymptotic value somewhere in the vicinity of 0.025 
to 0.030 mm. 
2) Beta Phase—The kinetics of growth of the 
B phase was determined in couples of aluminum vs 
y phase (55 wt pct Ni); the composition was selected 
so that the y-phase composition would remain un- 
altered and diffusion would occur predominantly in 
the 8 phase. At early stages in the interdiffusion 
process, it was found that the 6 phase nucleated 
primarily at the junction of y-phase grain bound- 
aries and the aluminum-y-phase interface, Fig. 5; 
consequently layer growth did not take place uni- 
formly. After the average layer thickness reached 
a value of 0.040 mm or so, the error introduced by 
nonuniform growth became less serious with re- 
spect to an estimate of total layer thickness. If the 
-average layer thickness and diffusion time are 
plotted on logarithmic scales, the 6-thickness also 
obeys a parabolic law of growth at the later stages. 
3) Delta and Epsilon Phases—The kinetics of 

growth of the e and 5 phases were not determined in 
detail; however, the few measurements made indi- 
cated that these layers too were growing in thick- 
ness parabolically with time. 


DISCUSSION OF RESULTS 


A. Phases Appearing during Interdiffusion—It is 
a generally accepted principle that if a diffusion 
couple is made up of two metals and is annealed at 
a given temperature, all the phases in the binary 
system which are in thermodynamic equilibrium at 
the temperature will eventually form intermetallic 
layers within the diffusion zone. The results ob- 
tained in this study are consistent with the above 
principle. However, it was pointed out by the au- 
thors in a previous note” that the diffusion temper- 
ature must be high enough and the diffusion time 
long enough to permit the nucleation at the interface 
of all thermodynamically stable phases and their 
growth to observable thicknesses. In the aluminum- 
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nickel system, the existence of an eutectic at 640°C 
precludes the use of aluminum-nickel diffusion 
couples above this temperature. Since the high 
melting 6 and € phases, once nucleated, grow very 
slowly below 640°C, their presence was not de- 
tected until quite long diffusion times were used. 
Even if it be assumed that nucleation of the two 
phases occurs instantaneously, it is shown in Sec- 
tion B that their apparent nonappearance for times 
less than 340 hr at 600°C can be satisfactorily ex- 
plained on the basis of an extremely slow rate of 
growth. 

B. Kinetics of Growth of the Intermediate Alloy 
Phases under Atmospheric Pressure— 

1) Gamma (vy) Phase—It is convenient to dis- 


—cuss the growth of the y phase in terms of the 


“steady state” period, in which the layer thickness 
increases parabolically with time, and the “tran- 
sient” period which precedes the former and in 
which layer growth is nonparabolic. The steady 
state period will be considered first. 

The parabolic increase of layer thickness with 
time during the steady state period indicates that 
growth rates conform to the theoretical equa- 
tions’”** after a minimum layer thickness of the 
order of 0.025 to 0.030 mm is reached. During 
this period, therefore, it may be concluded that 
interface concentrations are constant, and the 
growth mechanism is one of volume diffusion. By 
making suitable assumptions one can roughly cal- 
culate chemical diffusion coefficients and the heat 
of activation for diffusion in the phase from layer 
growth data, as shown in the Appendix. Heats of 
activation were obtained from a plot of the loga- 
rithm of the reciprocal of the time required for the 
% layer to reach a constant thickness as a function 
of the reciprocal of the absolute temperature. The 
layer-thickness data and the values of heat of ac- 
tivation obtained by a least-squares analysis of the 
slopes are shown in Table I. A value of 9.1 x 107° 
sq cm per sec is obtained for the diffusion coeffi- 
cient at 600°C, and the heat of activation is esti- 
mated to be about 31,000 + 1100 cal per mol. 

The rate controlling factor or factors during the 
transient or early period of layer growth is not yet 
clear. The curvature in the log thickness vs log 


Table |. Constant Layer Thickness Data for the Gamma (y) Phase 


Log Time to Achieve Constant 


Thickness 
Temp, 1/T~x 103 
°C exe! 0.063 Mm 0.100 Mm 0.144 Mm 
500 1.2937 3.51 3.64 3.85 3.99 4.13 4.34 
550 1.2150 3.00 3.19 3.38 3.55 3.69 3.89 
600 1.1455 2.42 2.61 2.80 3.00 3.13 3.32 
625 1.1136 2.25 2.66 2.98 
Thickness of Layer Heat of Activation 
0 Tsi 5 Tsi 
0.063 mm 32442 31642 
0.100 mm 30885 30935 
0.144 mm 29777 31351 


Mean heat of activation’ of y layer (0 tsi) = 31000 + 1100 (std. dev.) 
Mean heat of activation of y layer (5 tsi) = 31300 + 300 (std. dev.) 
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time plots in Fig. 4 indicates that deviations from 
the stipulated boundary conditions occur, and these 
may be: 

1) Delayed nucleation of the intermediate phases. 
It is already evident from Fig. 5 that nonuniform 
nucleation and/or growth of an intermediate phase 
is possible at early times. 

2) Variable interface concentrations. Some time 
may be required for establishment of the equilib- 
rium concentrations at the interfaces. In this con- 
nection it has been demonstrated by Masing*® that 
phase boundary concentrations at the beginning of 
precipitation and interdiffusion processes in a num- 
ber of two component systems are somewhat dif- 
ferent from the equilibrium values and that some 
time elapses prior to the attainment of equilibrium. 

3) Variation of the diffusion coefficients with 
time. Such variations might occur due to concen- 
tration or structure changes in the precipitating 
phases during the early stages. 

The data at hand do not permit a choice among the 
three possibilities mentioned above. 

2) Beta (8)Phase—For the reason mentioned 
earlier, it is not possible to determine the kinetics 
of uniform layer growth in the 6 phase in the early 
stages. Once the average layer thickness reaches 
about 0.040 mm it is evident that volume diffusion 
through the 8 phase is the rate controlling factor. 
In the manner used for the y phase, it is again pos- 
sible for one to calculate diffusion coefficients and 
heats of activation. However, it is felt that the cal- 
culations for the 8 phase are somewhat more ac- 
curate, since aluminum-y-phase diffusion couples 
were used in the experiments, and the y-phase 
composition was selected such that no diffusion oc- 
curred through the phase. Therefore, the boundary 
conditions employed for the solution of the diffusion 
equations were more nearly satisfied for the growth 
of,the 8 phase than they were for the y phase (see 
Appendix), where aluminum-nickel diffusion couples 
were used. 

The diffusion coefficients were calculated from 
the data tabulated in Table II. 

Since sufficient layer growth data were not avail- 
able, the heat of activation for diffusion in the B 
phase could not be calculated from the times re- 
quired to reach a constant thickness at different 
diffusion temperatures. Instead, a least-squares 
analysis was used to fit the data of Table II toa 
straight line in a plot of In Dvs 1/7. A value of 
27,000 cal per mol was obtained. 

The 600°C diffusion coefficient in the 6 phase is 


Table Il. Diffusion Coefficients in the Beta (8) Phase 


F aig,* F gy,* D, Sq Cm 
Se t, Sec Cm Cm per Sec 
500 3.46 x 105 — 0.00101 0.00158 20-107 
550 3.46 x 105 — 0.00164 0.00258 7.9 x 10°}? 
600 1.73 x 105 —0.00171 0.00269 By 
600 3.46 x 105 — 0.00254 0.00402 1.9<.10°° 
600 8.78 x 105 — 0.00387 0.00618 1.8% 105 
625 8.82 x 104 —0.00187 0.00296 4.1x 10°! 


*F aig and Fg, are the displacements of the interface boundaries 
from the Matano interface (or the origin of coérdinates, see Appendix). 
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seen from Table II to be 1.8 x 107 sq cm per sec— 
less by a factor of 20 than the y-phase diffusion coef- 
ficient; however, the 27,000 cal per mol value of the 
heat of activation for diffusion in the 8 phase is 
somewhat less than the estimate of 31,000 cal per 
mol for the y phase. If one utilizes the values of 
the heats of activation to calculate the diffusion co- 
efficients of the 8 and y phases at 400°C, it turns 
out that the y-phase coefficient is still greater than 
the B-phase coefficient by more than a factor of 12. 
Observations made on the relative thicknesses of 
layers in aluminum-nickel diffusion couples indicate 
that the y layers are thicker than the 6 layers by an 
order of magnitude at 600°C, whereas the f layers 
are thicker than the y layers in 400°C diffused 
couples. It is clear, therefore, that changes in the 
values of the diffusion coefficients of the two phases 
with temperature alone are not sufficient to account 
for the observations, and other factors are also op- 
erative, as has been discussed earlier. 

3) Delta and Epsilon Phases—The kinetics of 
growth of the 6 and € phases have not been deter- 
mined in any detail, but tentatively, it appears that 
both phases increase in thickness parabolically with 
time. The growth rate constants are quite small— 
which is to be expected in multiphase diffusion when 
the diffusion coefficients of intermediate phases are 
very much smaller than one or more of the adjacent 
phases.** An extrapolation of the 5-phase diffusion 
data of Berkowitz, Jaumot, and Nix’ to 600°C indi- 
cates that the diffusion coefficient in the 5 phase is 
almost four orders of magnitude less than the y- 
phase value obtained in this investigation. 


C. Kinetics of Growth of the Intermediate Alloy 
Phases at Elevated Pressure—Increasing pressure 
decreases overall growth rates but does not appear 
to change the form of the layer growth curves. As 
shown in Fig. 4 for the y layer, both transient and 
steady states exist, and the thickness of the layer 
increases parabolically with time in the steady state 
region, in conformity with the theoretical equations. 
Pressure can exert its influence upon growth rates 
by changing phase equilibria in such a manner that 
the interface concentrations are altered, by dimin- 
ishing the diffusion coefficient, or by doing both. If 
it is assumed that the latter effect predominates, 
the chemical diffusion coefficient and the heat of ac- 
tivation can be calculated in the same manner as in 
the atmospheric pressure case. The results ob- 
tained indicate that the chemical diffusion coeffi- 
cient is lowered about 27 pct by an applied pressure 
of 5 tsi; the value of the heat of activation for the 
d-tsi pressure runs turns out to be about 31,300 cal 
per mol (Table I). This difference is obviously not 
statistically significant but it is to be noted that the 
change is in the direction expected if a vacancy- 
diffusion mechanism predominates in the y phase. 
For example, the additional work necessary to cre- 
ate a vacant lattice site in the presence of constant 
hydrostatic pressure is PAV, where AY is the vol- 
ume of a vacancy. In the y phase, the volume of a 
mol is about 35 cc,** so that the volume of a mol of 
vacancies is one-fifth the value, or 7 cc. Thus, the 
additional work required to create a mol of vacan- 
cies under a constant pressure of 5 tsi can be shown 
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to be about 120 cal—a value consistent with the idea 
that the heat of activation for diffusion should in- 
crease, but not by much. Published data indicate 
that hydrostatic pressure lowers the diffusion rate 
and increases the heat of activation in elements.'*?° 
While the present investigation was under way, 
LaClaire and Bear” published the results of their 
investigation into the interdiffusion of uranium and 
aluminum. They, too, measured the widths of the 
intermetallic layers formed during the diffusion 
bonding of uranium-aluminum couples as a function 
of time, temperature, and pressure. Surprisingly, 
they reported that the widths of the intermediate 
layers increased with increasing pressure—a re- 
sult diametrically opposite to what was found in the 
aluminum-nickel system. Furthermore, they indi- 
cated that in a critical temperature range, 525° to 
570°C, the layer thicknesses increased with de- 
creasing temperature if pressures of 5 tsi and 10 
tsi were used, whereas the more conventional be- 
havior was realized if the pressure employed was 


17, tsi. The authors suggest that the effects of 
pressure cannot be attributed to changes in the dif- 
fusion coefficients, but possibly either to changes in 
the interface concentrations or to allotropic changes 
in existing phases or to the nucleation of new phases 
which become stable under the pressure conditions 
employed. 

In view of the results obtained by LeClaire and 
Bear, the authors of the present paper have extended 
their investigation to the uranium-aluminum alloy 
system. An investigation is under way to determine 
if the effect of applied pressure is manifested pri- 
marily in the initial stages of bonding, or whether 
pressure exerts its major influence on intermetallic 
layer growth after the initial bond has achieved. It 
has been pointed out by Bierlein and Green™ that 
layer growth is inhibited by the presence of oxide 
layers on conventionally cleaned uranium and alu- 
minum specimens, and that cathodic vacuum etching 
techniques minimize the inhibition. Preliminary 
results of the present authors are available as yet 
only for samples cleaned by conventional electro- 
polishing methods; layer growth data compare fa- 
vorably with those obtained by Bierlein and Green. 
They also indicate that the UAl, layer thickness at 
a given time and temperature is greater under an 
applied pressure of 5 tsi than it is at 1/4 tsi, as al- 
ready shown by LeClaire and Bear. However, con- 
trary to their findings, there appears to be no in- 
verse behavior of layer growth with temperature, 
if diffusion times of 8 to 24 hours are used. The 
work is presently being extended to include the 
shorter diffusion times (3 hr and less) used by 
LeClaire and Bear on samples cleaned by different 
techniques. 

It is clear from the results obtained in the alu- 
minum -nickel and the uranium-aluminum alloy sys- 
tems that it is still too early to generalize about the 
magnitude or even the direction of the changes in 
growth kinetics of intermediate phases which are 
produced under the influence of applied pressure. 


CONCLUSIONS 
1) In aluminum-nickel diffusion couples annealed 
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at 600°C for 340 hr, all of the phases appear in the 
interdiffusion zone which are thermodynamically 
stable at the diffusion temperature; these phases 
are the NiAl, (8), the Ni, Al,(y), the NiAl (5), and 
the Ni, Al (€) intermetallic compounds. 

2) The theoretical diffusion equations are obeyed 
for the kinetics of growth of the y phase after a 
minimum thickness of 0.025 to 0.030 mm has been 
reached; it is estimated that the 600°C chemical 
diffusion coefficient is about 9.1 x 107*° sq cm per 
sec and that the heat of activation for diffusion is of 
the order of 31,000 cal per mol. 

3) Applied pressure decreases the growth rate of 
the y phase possibly by inhibiting volume diffusion. 
It is estimated that a decrease in the diffusion coef- 
ficient of 27 pct and an increase in the heat of acti- 
vation of 120 cal per mol is sufficient to account for 
the decrease in layer growth as the applied pressure 
is increased from atmospheric to 5 tsi. 

4) The theoretical diffusion equations are obeyed 
for the kinetics of growth of the 6 phase after a 
minimum thickness of about 0.040 mm has been 
reached; it is estimated that the 600°C chemical 
diffusion coefficient is about 1.8 x 107" sq cm per 
sec, and that the heat of activation for diffusion is of 
the order of 27,000 cal per mol. 
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APPENDIX 


Heat of Activation for Diffusion in the Gamma (vy) 
Phase—In calculating the heat of activation for dif- 
fusion in the y phase, we plot the logarithm of the 
reciprocal of the time required for the y layer to 
grow to a selected constant thickness vs the recip- 
rocal of the absolute temperature. We shall show 
that the above procedure is valid, if we assume the 
following: 1) diffusion is occurring predominantly 
in the y phase; 2) the interface concentrations do 
not change appreciably with time nor with tempera- 
ture; 3) the diffusion coefficient in the y phase is 
independent of concentration; 4) the interface dis- 
placements are proportional to the square root of 
the elapsed time; and 5) the ratio of the interface 
displacements is independent of temperature. 

The solution to the diffusion problem outlined 


above has been obtained by Wagner,” and is a 


special case of a more general solution given by 
Vasileff and Smoluchowski.” 

Analysis— Using either Wagner’s equations or 
those of Vasileff and Smoluchowski, we obtain the 
following relationship: 


_ (Crp, = Crp) _ oxy Fos) 
(Crys 4D yt 


where p_ is the chemical diffusion coefficient in the 
y phase, ¢ is the time, Fg, and F,; are the appro- 
priate interface boundary displacements, and the re- 
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maining terms are boundary concentrations (see 
sketch). For a constant layer thickness, (F,,, — ie) 
is constant; since we have assumed that F,, = RF, ‘ 
where k is a temperature independent constant, we 
see that (Fg, — F,;) = F,s(1 Consequently, 
we fix the thickness of the layer by selecting a con- 


stant value of F,,. If this is done, one can easily 
show that one obtains an equation of the form 


D=k= | [2]. 


Thus, (1/t) has the same functional dependence upon 
the temperature as does Dy. By plotting the loga- 
rithm of the reciprocal of the time for the y layer 
to reach a constant thickness as a function of the 
reciprocal of the absolute temperature, we obtain 
the heat of activation for diffusion in the y phase. 

It is important to appreciate, however, that the 
derivation is not strictly valid if diffusion is oc- 
curring in the adjacent phases; if the latter is the 
case, the time to reach constant thickness is a func- 
tion of the diffusion coefficients in the adjacent 
phases, and no such simple relationship exists as is 
given in Eq. [2]. Thus, the calculations of the heats 
of activation in the phase are only to be considered 
as approximate. 

The diffusion coefficients in the y phase are cal- 
culated by substituting appropriate numerical values 
into Eq. [1]. For example, the values Fg, = — 0.0177 
cm and Fy; = 0.0133 cm were obtained for a 96 hr 
diffusion anneal at 600°C under atmospheric pres- 
sure. If the further assumption is made that the in- 
interface concentrations are equilibrium concen- 
trations, then concentration values may be obtained 
from the aluminum-nickel phase diagram. The nu- 
merical solution gives a value D = 9.1 x 107*° sq 
cm per sec. 
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A Kinetic Study of the Dissolution 


of UO, in Sulfuric Acid 


Sintered UO, samples were leached in sulfuric acid solutions of various concentra- 
tions. A pressurized system was used so that it was possible to investigate the kinetics 
of the reaction to 270°C with oxygen overpressures as high as 900 psi. The vate was ob- 
served to be a function of the concentration of hydrogen ions and directly proportional to 
the partial pressure of oxygen. Evidences are presented which indicate that a UO, sur- 
face site reacts with a molecule of water to form a hydroxyl complex which in turn can 
dissociate with the characteristics of a weak acid. A rate determining step has been 
proposed which involves the reaction between an oxygen molecule and the hydroxyl com- 


plex on the surface of UO). 


Theron L. Mackay and Milton E. Wadsworth 


Tue 2 principal methods for uranium dissolution 
are carbonate and acid leaching. The sulfuric acid 
leach is the more popular and is used for the treat- 
ment of the majority of the ores of Africa, Canada, 
and the United States. 

Low recoveries in basic leach circuits led in 
vestigators at the University of British Columbia’ 
to study leaching of uranium ores in pressurized 
vessels. Early in the study of dissolution of ura- 
nium it was found that only uranium in the hexava- 
lent state could be leached in acid or basic circuits. 
Therefore, the use of oxygen over-pressure in an 
autoclave offered an interesting approach to solving 
the low recovery problems of carbonate leaching. 

UO, was used in this study because it could be 
obtained in high purity and also because it is repre- 
sentative of the most refractory of the primary ura- 
nium minerals. A pressurized system was used to 
provide a means whereby important temperature 
and pressure parameters could be varied for the 
evaluation of the kinetic processes. The mechanism 
for the dissolution of UO, should be similar for any 
of the uraninite type minerals. 

At the present all of the kinetic studies that have 
been conducted have been in carbonate media. 
Peters and Halpern’ carried out a kinetic study of 
the leaching of pitchblende. Their specimens were 
pitchblende ores selected on the basis of high grade 
and homogeneity. Pearson and Wadsworth®* con- 
ducted a kinetic study of the dissolution of UO, in 
carbonate solutions with results very similar to 
those obtained by Peters and Halpern. 


T. L. MACKAY and M. E. WADSWORTH, Members AIME, are 
Graduate Student and Associate Professor of Metallurgy respectively, 
University of Utah. Taken from a thesis submitted to the University of 
Utah in partial fulfillment of the requirements for a Ph. D. degree. 
Performed under Contract No. AT(11-1)-82, Project No. 1 for the 


Atomic Energy Commission. 
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EXPERIMENTAL 


The UO, as received* was found by spectroscopic 


*Mallinckrodt reagent, supplied by the Atomic Energy Commission. 


analysis to have a purity of 99.94 pct + 0.03. It was 
ground in a mechanical agate mortar and screened 
through a 400-mesh sieve. Thin flat disks of UO, 
were prepared by pressing the sized powder ina 
specially constructed die at a total pressure of 
approximately 25 tons per sq in. The pressed disks 
were approximately 0.25 cm thick, 1.6 cm diam, and 
3.5 g in weight. As pressed, the samples were ap- 
proximately 65 pct of theoretical density. It was es- 
sential that a binder such as poly-vinyl alcohol be 
added before pressing to prevent formation of 
cracks when fired. 


It was found by trial and error that pressed disks 
sintered close to 1870°C in a hydrogen atmosphere, 
reach densities between 91 and 91.5 pct of the theo- 
retical density. At this density the samples had no 
measurable porosity based upon a 2-hr emersion in 
boiling water. An X-ray examination of these sin- 
tered UO, disks showed them to be identical with the 
original UO, received. Reaction of UO, with the 
alundum furnace core was prevented by placing 
molybdenum between the samples and the core ac- 
cording to the method of Corwin and Eyerly.* 


Leaching studies were carried out in a specially 
designed autoclave, the details of which have been 
presented elsewhere.* The main features of the 
equipment as applied to a kinetic study are: 1) so- 
lution samples may be removed during the course 
of a single run; and 2) temperature and agitation 
are carefully controlled. Two-ml samples re- 
moved from the autoclave during the course of a 
run were analyzed for U,O, content with a Beckman 
model DK-2 spectrophotometer by the method of 
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De Sesa and Nietzel.° Knowing the apparent surface 
area of the sample by measurement with a microm- 
eter, the time of reaction and the corresponding 
concentration of uranium in solution, rates were 
measured in mg U,O, per min per sq cm. 


EXPERIMENTAL RESULTS 


The rate data obtained in this study were obtained 
by measuring the rate of formation of the uranyl ion, 
UO,**. The results to be presented in this paper 
are based upon approximately 70 separate runs. The 
range of conditions varied: the concentration of sul- 
furic acid extended up to 0.05 molar; temperatures 
from 194° to 273°C; and, oxygen partial pressure 
from 0 to 900 psi absolute. 

Fig. 1 illustrates the results from 3 typical runs 
at different temperatures. The rates were linear 
under all of the conditions covered in this study, 
indicating there were no surface products formed 
which inhibited the reaction. 

The effect of stirring is of importance in a solu- 
tion dissolution study. Solution diffusion must be 
eliminated as the rate controlling step in order to 


determine the kinetics of the surface reactions. The 
dissolution rate was determined at various stirring 
speeds for 2 sets of conditions: (a) 194°C, 422 psi 
O, and 0.0375 molar H,SO,; and, (6) 230°C, 225 psi 
O, and 0.0375 molar H,SO,. The rate of reaction 
increased with stirring speed up to approximately 
350 rpm for both of the above conditions. Above 

350 rpm the rate was independent of the speed of 
agitation, indicating the rate step in this region 
involved a UO, surface reaction or diffusion through 
a limiting boundary film. All of the subsequent runs 
were carried out at approximately 400 rpm, thus 
eliminating bulk solution diffusion as rate control- 
ling. Reproducibility between separate samples was 
found to be approximately + 7 pct. If a series of 
runs were obtained from 1 sample the results were 
reproducible within approximately +2 pct. At lower 
temperatures 3 or 4 rates could be determined with 
1 sample. At higher temperatures, however, a new 
sample had to be used for each run. 

At constant temperature and sulfuric acid concen- 
tration a linear dependence was observed for rate 
versus the partial pressure of oxygen. These re- 
sults are illustrated in Fig. 2. 
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Fig. 2—Effect of oxidation overpressure 
on the rate of dissolution of UO,. 
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Fig. 3-Effect of varying H,SO, concen- 
tration on the dissolution of UO,. 
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The rates of dissolution as a function of the total 
molarity of sulfuric acid are presented in Fig. 3. 
Since the rate of reaction is directly proportional to 
the oxygen overpressure, it is more convenient to 
plot the rate of reaction divided by the oxygen over- 
pressure versus the total molarity of sulfuric acid. 
At constant temperature and constant partial pres- 
sure of oxygen, the dissolution rate increased with 
increasing acid concentration to a limiting value 
above which the rate was independent of the acid 
concentration. 


DISCUSSION OF RESULTS 


In a sulfuric acid solution, the reacting species 
may be H*, HSO%, SO%, or the undissociated 
H,SO,. Only one of the species is likely to be in- 
volved in the slow step of the reaction. Calculating 
the concentration of each of these species presents 
a problem since the necessary equilibrium con- 
stants have not been measured in the temperature 
range of this study. 

From data at lower temperatures’ the value of 
the second dissociation constant (kK, ,) for H,SO, is 
observed to decrease with increasing temperature. 
Extrapolation of K,, according to the equation, 
RT1InK,, = 5200 —T 26.5, indicates that it has a 
very small value (~ 5 X 10-*) in the temperature 
range of this study. It appears reasonable to as- 
sume that there is very little dissociation of the 
bisulfate ion and that the dissociation of sulfuric 
acid to bisulfate ion and hydrogen ion is nearly 
complete. By comparing results obtained with un- 
buffered solutions with those for highly buffered 
solutions containing KHSO, and K,SO,, it appeared 
that only H* was directly associated with the sur- 
face reaction and the effects of the HSO4, SO%, and 
undissociated H,SO, were secondary. A more pos- 
itive approach therefore would be to compare rates 
of dissolution using other acids at the same [H*] 
concentration. Comparative runs were carried out 
using HClO, and HCl. Hydrochloric acid could only 
be used in low concentration because of its highly 
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corrosive nature. The results of these tests are 
presented in Fig. 4 for 2 different temperatures. 
The results for the various acids at the same H* 
concentration correlated very well. The singular 
role of H* in the reaction is somewhat troublesome 
since a mechanism must be proposed which main- 
tains electrical neutrality. It is very unlikely that 
H?* as such adsorbs on a neutral urania surface be- 
cause of surface charge effects. 

Empirically it was found that the rate data of 
Fig. 3 could be interpreted by the following equation: 


Ky [Ht]? 


[1a] 


were 7 is the rate, Po, is the oxygen partial pres- 


sure, K, is the limiting value ofy/P, at each tem- 
2 


perature investigated, [H*] is the hydrogen ion con- 
centration and K, is an empirical constant. Fig. 5 
compares the experimental points and calculated 
curves according to Eq. [la] for /P o, Versus Ht 


concentration. The use of [H*] to the first power 
was not able to describe the shape of the rate iso- 
therms adequately. The values for A, for each tem- 
perature are listed in Table I. 

Since the rate was found to be directly propor- 
tional to the oxygen overpressure, no mechanism 
can be proposed whereby the oxygen would react 
first with a surface site and then the oxygen con- 
taining site react further with Ht ions. It must also 
be postulated that two hydrogen ions are first ad- 
sorbed on an active site in order to account for the 


Table 1. Calculated K, Values from Fig. 3 
According to Eq. [lal 


T K, 
27326 7.6 x 10° 
250°C 2.2 x 10* 
230°C 3.6 x 10° 
8.3 x 10° 
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CH*I X 10% 
[H+]? term in the empirical formula. Oxygen then _OH 
reacts to give the products. This latter step ap- OUL +O, (1) = pictus - UO; 
pears to be the slow step of the reaction. OH 


The following model is proposed as a possible ex- 
planation leading to the overall reaction which will + HO; + OH [4] 
agree with all of the experimental results and at the 
same time maintain surface electrical neutrality: 


In this model it has been proposed that a UO, sur- 


OH ; : face site (|UO,) reacts with water to form 2 surface 
O (rapid hydration of OH 
H eae newly exposed surface 
uo, + H, Nox ewly exposed surface) [1] hydroxyls ouc This hydroxyl complex re- 
acts with O, in solution to produce the uranyl ion. 
It is also possible for this hydroxyl complex to dis- 
sociate like an acid, presenting an ion exchange site, 
OH 
OU Kz | OU ae OH. tecualibriui) [2] OU . The surface charge is thus neutral- 
= e ized by Ht or some other positive ion in an ion ex- 
1 change position. 
In the above equations, K, is the dissociation con- 
OH 
stant for the hydroxyl complex and Rk’ is 
O, (¢)-= O, (1) (equilibrium) [3] OH 
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the specific rate constant for thermal decomposition 
according to Eq. [4]. Letting 6, represent the frac- 
tion of surface sites covered with hydroxyls and © 
the fraction of surface sites where the hydroxyl ‘ 
complex has dissociated, the surface balance may 
be expressed by the equation 


©,+0,=1 [5] 
The rate expression according to Eq. [4] is 


Rate = k,0,P, [6] 


where £, is a constant, which includes the number 
of reactive surface sites, surface roughness, 
Henry’s Law constant and conversion factors, and 
©, can be evaluated in terms of the equilibrium 
constant of Eq. [2]: 


[7] 


1 


Combining Eqs. [5] and [7] results in the equation 


[8] 
The general rate expression (Eq. [6]) now becomes 


5.0 


4.6+ 


4.0} 


AH, = + 23 kcal. 


36 1 
1.8 1.9 20 2.1 2.2 


x 10° 


Fig. 6— Plot of logarithm of reciprocal K, versus recipro- 
cal temperature for UO, in sulfuric acid. 
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Fig. 7— Logarithmic plot for the determination of the en- 
thalpy of activation. 


1 2 [9] 


Eq. [9] is of the same form as the empirical Eq. 
[1a] where K, = k,k' and K, = 1/K,. Fig. 6isa 
plot of log 1/K, versus 1/7. From the slope and 
intercept AH, was found to be +23 kcal per mole 
and AS,, +24 e.u. 

According to the theory of absolute reaction 
rates,® the specific rate constant may be expressed 
as: 


AH* 


where R is Boltzmann’s constant, « is a transmis- 
sion coefficient (usually taken as unity), h is 
Planck’s constant, AF‘ is the free energy of acti- 
vation, AH? is the heat of activation, and AS* is 
the entropy of activation. Table II is a list of the 
values of k,k’ determined from the limiting values 
of at each temperature. A plot of log k,k /T 
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Table Il. 

Temperature 
194°C 2.04 x 10° 
204°C 2.56 x 10% 
215°C 3,8) 
222°C 5.45 x 10° 
230°C 7.6" < 
251°C 16.2 x 10° 
273°C 30.0 x 10” 


against reciprocal temperature is illustrated in 
Fig. 7. The slope of the line gives a value of 18 kcal 
per mole for 

Other tests have been made which substantiate the 
proposed model. If the hydroxyl complex dissoci- 
ates as has been proposed, it should produce pH ef- 
fects in water. A suspension of 40 g of UO, in 
200 cc water was titrated with acid and base, re- 
sulting in the titration curve shown in Fig. 8. The 
value of the equilibrium constant as determined 
from the titration curve is between 107° and 107* 
in good agreement with the values of K, as de- 
termined from the rate data. 

One of the products of the proposed reaction is 
hydrogen peroxide. Since hydrogen peroxide is a 
very strong oxidizing agent, its presence in solu- 
tion can be detected by means of a reducing agent. 
A solution was prepared by leaching 18.4 g of UO, 
powder in one liter of acid solution at a temperature 
of 200°C and an oxygen partial pressure of 900 psi. 
Aliquot samples of this solution to which KI had 
been added were titrated with a standard solution of 
sodium thiosulfate. There was a reaction between 
the iodine produced and the reducing agent. Since 
the solution did not change color during titration, it 
was assumed that the uranyl ion did not enter into 
the reaction. According to the proposed reaction 
.068 moles of hydrogen peroxide should have been 
generated. The titration data indicate that only 
-0058 moles of H,O, was in solution. Since it is 
possible for hydrogen peroxide to decompose by 
auto-oxidation, the theoretical amount was not ex- 
pected to be found in solution. However, the pres- 
ence of an appreciable amount of oxidizing agent in 
the uranium solution is a good indication that hy- 
drogen peroxide was formed during the reaction. 


The number of reactive sites on the surface of 
UO, can be estimated from the measured rates if 
a value for the entropy of activation is known. The 
value selected was one-half the 24 entropy units 
determined earlier for dissociation of 2 H+ ions 
from the surface, giving AS* = —12e.u. Ata tem- 
perature of 251°C the measured rate was 3.42 mg 
U,O, per min per sq cm with an estimated oxygen 
Concentration in solution of 3.2 x 107? moles per 
liter. Using a surface roughness factor of 10 and 
AH? = 18,000 cal per mole the calculated number 
of reactive surface sites is 4 x 10** per sq cm. 
This corresponds to approximately 10 to 20 pct of 
the total number of surface sites. Although there 
is room for considerable error in the computations, 
the order of magnitude is sufficient to indicate that 
there are many more sites available for acid dis- 
solution of urania than for carbonate dissolution. * 
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Evidently different kinds of sites are involved in 
the 2 processes. 

No attempt has been made to describe the con- 
figuration of the oxygen on a surface active site of 


OH 
oun 


ou 


kinetics require the dissociation of 2H* for the 
above complex with the same equilibrium constant. 
This may possibly be attributed to a high instability 


H 

No- 
tors. Also, the linear dependence between rate and 


P,. was surprising since both Peters and Halpern” 
2 


and Pearson and Wadsworth® found the rate to vary 
with oxygen over pressure to the one-half power in 
carbonate circuits. These results are not incon- 
sistent, however, since the oxidation of an ion ex- 


It is surprising, however, that the 


of a | OU surface complex due to steric fac- 


(Os 
change site oum may differ markedly from 
the oxidation of a | OU site. Also as pointed 
on 


out earlier it is highly probable that different kinds 
of surface sites are involved. 


SUMMARY 


The following statements can be made about the 
leaching of UO, in sulfuric acid solutions. 
1) Dissolution follows a linear rate with time. 


UO, Titration Curve 


PH 6} = 


it 1 
6 4 2 O 2 
<=— HCI— —NaOH—~ 


m.e./100 GM U0, 


Fig. 8—Effect of various additions of HCl and NaOH on the 
PH of a suspension of UO). 
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2) The rate of reaction may be limited to a sur- Contract AT(11-1)-82 Project Number 1. Thanks 
face reaction by proper agitation. are also extended to Drs. John R. Lewis, Head 

3) The increase in rate of leaching is directly Department of Metallurgy, Melvin A. Cook Henry 
proportional to oxygen pressure above the solution Eyring, and Carl J. Christensen for their comments 
up to 900 psi oxygen partial pressure. on and support of this work. 

4) The experimental results and theory indicate 
ass a single UO, site adsorbs a molecule of water 
o form 2 hydroxyls on the surface which in turn 
behaves as a weak acid. Its disassociation and re- SiGe ae 
action with oxygen are important factors in the 


entropy were +23 kcal per mole and +24 e.u. re- *E. Peters and J. Halpern: Trans. Canadian Institute of Mining and Metal- 
spectivel lurgy, 1953, vol 56, pp. 350-54. 
A 5 ° 2 in Carbonate Solutions, Tans., June, 1958, p. 294. 
ed is ee was found to be ap- ee Com, and G. B. Eyerly: Journal Amer. Ceramic Soc. 1953, vol 36, 
y cal per mole. See 


SW. H. Dresher, T. M. Kaneko, W. M. Fassel, and M. E. Wadsworth: /ndus- 
trial and Engineering Chemistry 1955, vol 47, p. 1681. 
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Data on Copper Converter Practice 


in Various Countries 


This paper summarizes extensive data supplied by 40 copper converter plants in 18 
countries, and includes a partial analysis and comments on the effect of converter slag 
composition and temperature on the formation and elimination of magnetite and the life 
of basic and neutral refractories. 


F. E. Lathe and L. Hodnett 


A PRELIMINARY draft of this paper, including several papers dealing with converter construction 
data from 26 companies which had submitted replies and operation were presented. In private discus- 
to a questionnaire, was presented at the Annual sions which followed, a group of metallurgists and 
Meeting of the AIME held in New York in February, refractories engineers raised the question why 
1956. Publication was delayed in the expectation practices varied so much at different plants. Why 
that additional replies would be received, and justi- did magnesite brick give superior service to 
fication for the subsequent delay may be found in the chrome-magnesite in some plants but chrome- 
fact that the present revised paper contains data magnesite prove superior in others? Would metal- 
from 40 converter plants situated in 18 different lurgical studies point the way to the development of 
countries. still better refractories? Could magnetite forma- 
The suggestion that a questionnaire be sent to the tion be prevented in converter slags and reverber- 
major copper and copper-nickel plants outside the atory furnace mattes? If this was feasible, why was 
U.S.S.R. and associated countries arose at the Los a heavy circulating load of magnetite tolerated, 
Angeles Annual Meeting in February, 1953, where when, in all probability, it increased copper losses 
in the reverberatory slags and, in some cases, made 
F. E. LATHE is Consulting Metallurgist to Canadian Refractories it necessary to shut down the furnaces periodically 
Ltd., Montreal, Can. L. HODNETT is Assistant Technical Director, to clean out the accumulated magnetite? Was the 
Canadian Refractories Ltd. sole purpose of coating brick with magnetite that of 
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prolonging the life of the converter refractories? In 
view of the relatively low cost of refractories per 
ton of copper produced, was. this a case of “penny 
wise and pound foolish”? No one of the group could 
with confidence answer all of these questions. 

Some of the group felt that a detailed study of the 
practices of many companies might throw light on 
these questions, and it was suggested that the ées- 
sential information could be obtained by means of 
a questionnaire, a suggestion that was taken up by 
Canadian Refractories Limited, using a list of 
copper producers obtained from Quin’s well-known 
reference book.’ 


COOPERATIVE EFFORT 


The authors gratefully acknowledge the coopera- 
tion of the companies and individuals listed in 
Table I, and especially the full consent of the large 
majority to have their submissions published in 
complete detail. The wishes of those companies 
submitting confidential replies have been observed 
fully, and, although unnamed, their willingness to 
complete the questionnaires is appreciated. 

Table I, which is arranged alphabetically by coun- 
tries and by plants within each country, includes all 
companies submitting nonconfidential replies. 


Table |. Companies Supplying Data on their Converter Practice 


Australia 


The Electrolytic Refining and Smelting Co. of Australia Pty., Ltd., Port 
Kembla, N. S. W., per L. A. Lyons, Smelter Superintendent. 

Mount Isa Mines Ltd., Mount Isa, Queensland, per G. J. R. Burton, Pro- 
duction Manager. 

The Mount Lyell Mining and Railway Co., Ltd., per D. H. Wilsdon, 
Chief Metallurgist. 

Mount Morgan Ltd., Mount Morgan, Queensland, per G. Sheil, General 
Manager. 


Belgian Congo 


Union Miniére du Haut Katanga, Elisabethville, per J. Quets, Consult- 
ing Engineer in Africa. 


Canada 


Falconbridge Nickel Mines Ltd., Falconbridge, Ont., per L. S. Rivett, 
Plants Superintendent. 

Gaspé.Copper Mines Ltd., Murdochville, Quebec, per. G. C. McKerrow, 
Smelter Superintendent. 

Hudson Bay Mining and Smelting Co., Ltd., Flin Flon, Man., per R. E. 
Mast, Smelter Superintendent. 

Noranda Mines Ltd., Noranda, Quebec, per J. N. Anderson, Smelter 
Superintendent. 


Chile 

Braden Copper Co., Caletones, Rancagua, per N. R. Alston, Smelter 
Superintendent. . 

Chile Exploration Co., Chuquicamata, per E. D. Tierney, Asst. Gen. 
Superintendent of Plants. 

Empresa Nacional de Fundiciones, Fundicién, Paipote, Copiapd; per 
Amaldo del Campo, Metallurgical engineer. 

Germany 

Norddeutsche Affinerie, Hamburg. 

India 


Indian Copper Corp., Ltd., Ghatsila, Singhbhum, Bihar, per J. C. Berry, 
Works Manager. 


Japan 


The Dowa Mining Co., Ltd., Kosaka-machi, Kazuno-gun, Akita-ken, per 
Kei Akasaka, Head of the Smelter. 

Furukawa Mining Co., Ltd., Ashio Copper Smelter, Ashio-machi, 
Kamitsuga-gun, Tochigi-ken, per Eiji Muto, Smelter Superintendent. 

Mitsubishi Metal Mining Co., Osarizawa-machi, Kazuno-gun, Akita-ken, 
per Hideo Nabekura, Smelter Superintendent. 

Mitsui Mining and Smelting Co., Ltd., Hibi Smelter, Tamano-shi, 
Okayama-ken, per Kanjiro Kurihara, Chief Engineer. 

Nippon Mining Co., Ltd., Hitachi Smelter, Miyata, Hitachi City, Ibaraki- 
ken, per Tashio Ito, Chief of Smelting Dept. 

Nippon Mining Co., Ltd., Saganoseki Smelter, Saganoseki-machi, 
Kitamaabe-gun, Ohita-ken, per Haruo Mimura, Chief of Smelting Dept. 

Sumitomo Metal Mining Co., Ltd., Shisakajima Smelter, Shisakajima, 
Miyakubo-cho, Ochi-gun, Ehime-ken, per Ryokichi Momota, Chief 
Engineer. 


Northern Rhodesia 


Mufulira Copper Mines Ltd., Mufulira, per D. L. Turnbull, Smelter 
Superintendent. 

Rhokana Corp., Ltd., Nkana, per Lionel K. Shibley, Smelter Superin- 
tendent. 

Roan Antelope Copper Mines Ltd., Luanshya, per J. J. Cadle, Smelter, 
Superintendent. 


Norway 


A-s Sulitjelma Grubers smeltehytte, Sulitjelma, per L. L. Hagen, 
Smelter Superintendent. 


Peru 


Cerro de Pasco Corp., La Oroya, per K. Hull, Superintendent of Copper 
Smelting. 


South Africa 
The Messina (Transvaal) Development Co., Ltd., Messina, Northern 
Transvaal, per Robert J. Rose, Smelter Superintendent. 


O’okiep Copper Co., Ltd., Nababeep, Cape Province, per E. Fairfax, 
Smelter Superintendent. 


Spain 


Compafiia Espafiola de Minas de Rio Tinto, S. A., Minas de Rio Tinto, 
Provincia de Huelva, per L. U. Salkield, Metallurgist. 
Sweden 


Boliden Mining Co., Rénnsk&r Works, Skelefftehamn, per Allan Norré,; 
General Superintendent Copper Works. 


Turkey 


Murgul Copper Co., Murgul, per Recep Safoglu, Smelter Superintendent. 
United States 


Kennecott Copper Corp., Chino Mines Div., Hurley, New Mexico, per 
L. E. Mulholland, Smelter Engineer. 

Kennecott Copper Corp., Nevada Mines Div., McGill, Nevada, per 
Edward Pesout, Smelter Superintendent. 

Magma Copper Co., Superior, Arizona, per Edward J. Caldwell, Smelter 


Superintendent. 
Yugoslavia 
Bor Copper Mining Co., Bor, per Petar Stankovié, Chief'Metallurgist, 


Miscellaneous Countries 


Plants A, B, C, D, and E, whose names and locations have not been 
released for publication. 
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MAJOR DETAILS OF CONVERTERS AND THEIR 
OPERATION 


Table II gives, for all plants listed in Table L 
some of the major construction and operating de- 
tails. It is unfortunate that limitations of space 
prevent the inclusion of all of the information sub- 
mitted, but it is believed that the data given in this 
and subsequent tables are those of greatest general 
interest. Following the tables, some of the com- 
ments offered in covering letters and in the ques- 
tionnaires themselves will be quoted. It should be 
noted that, in all of the tables which follow, a dash 
(— ) in place of actual data means that no informa- 
tion was supplied; a question mark (?) is given 
when the questionnaire stated that the information 
was actually not available. 

It will be observed from Table II that, of the 40 
plants, 29 operate Peirce-Smith converters, 7 op- 
erate converters of the Great Falls type, and 3 use 
converters described as of the barrel type. Messina 
alone has a stationary converter. One Japanese 
plant, not included in the tables, converts matte to 
copper in a fixed acid-lined furnace, but the data do 
not classify well with those of the other plants, and 
are not given. Most of the larger plants use the 
more or less. standard 13-ft by 30-ft Peirce-Smith 
converters, but 14 plants report having converters 
about 10 to 12 ft diam and about 20 ft long, or 
smaller. Tuyeres range in diameter from 17/1 to 
2%, in., with only one larger than 2 in. It is worth 
noting that in the newer plants there is a significant 
trend towards the larger sizes. 

The maximum size of siliceous flux varies more 
than any other item reported, ranging from 50 mesh 
to 14 in. The silica content of the siliceous flux 
ranges from 47 to 95 pct, and its alumina content is 
anything up to 15 pct. Additions other than solid 
siliceous flux include one each of copper concen- 
trates, direct-smelting ore, reverberatory-furnace 
slag, oxide flux (not otherwise defined), lime, and 
converter slag. No less than 65 pct of the con- 
verter addition at Union Miniére is a copper con- 
centrate carrying 45.5 pct Cu and 21 pct SiO,. 
Hudson Bay treats a proportion of high-grade ore, 
88 pct of which is minus 0.5 in. in size and carries 
7.2 Cu, 31.4 Fe, and 33.5 S. Reverberatory-furnace 
slag has been used as a flux at Northern Rhodesia 
plants, in converting high-grade matte which de- 
velops relatively little heat, since molten slag can 
be introduced to help maintain the temperature. An 
additional reason for wanting more heat, at least in 
the past, has been to secure conditions favorable to 
the elimination of bismuth. No explanation has been 
received regarding the reported use of 40 pct of 
converter slag at Murgul copper, where it is in- 
troduced cold, in 1-in. size. 

More accurately than any other factor, the volume 
of air utilized in a converter per unit time indicates 
the rate of useful work done. The reported volumes 
of blast vary from about 2500 to 24,000 cfm per 

converter. Most of these figures have been re- 


— ported as or converted to cubic feet of free air 


under standard conditions, and all weights of air 
have been converted to standard volumes. No uni- 
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form method of determining volume or weight has 
been used, but the means include the capacity of the 
blower (9 plants), flowmeters of various types (23), 
pitot tubes (2), and 2 plants report the weight of air 
blown without indicating the method of determining 
it. 

Oxygen efficiency, expressed as the percentage of 
the oxygen blown into the converter that fails to ap- 
pear in the converter gases, has been determined or 
estimated on about two thirds of the plants, and the 
figures reported range from 41 pct (calculated) to 
substantially 100 pct (excepting only that reported 
as 10 pct, which looks to be an error). A plot (not 
shown) of oxygen efficiency against mean tempera- 
ture reveals only a slight relation between them; 

a closer relation might be expected in view of the 
experiments of Drummond,’ who found that “too low 
a temperature ... lowers the oxygen efficiency 10, 
15, and even 20 pct.” Without much doubt, corre- 
lation of these factors would be much closer were 
temperatures and oxygen efficiencies accurately 
known in all cases. 

Three plants report the use of mechanical punch- 
ing, and in a fourth it will be used shortly. The 
ease—or otherwise—of hand punching varies greatly 
at different plants, but, since it is not quantitatively 
expressed, it cannot readily be correlated with the 
formation of magnetite or other factors, although 
some relation is to be expected. 

The initial and final (at the white-metal stage) 
temperatures of blowing shown in Table II are as 
given or are averages of the ranges reported, and 
it will be seen that these averages vary from 1700° 
to 2300°F (927° to 1260°C) at the beginning and 
2100° to 2400°F (1149° to 1316°C) at the end of the 
blow. The methods of measurement usually have 
not been stated, and one gets the impression that 
some of the figures are at best only rough esti- 
mates. The effect of temperature on the chemical 
reactions occurring in the converter will be dis- 
cussed later. 

As for production, the questionnaire unfortunately 
failed to ask that it be reported in pounds, and in 
some cases doubt exists as to whether short, long, 
or metric tons are given, but in most cases this is 
indicated by the country of origin. Production 
varies greatly per converter day, depending on the 
grade of matte and the availability of matte as well 
as upon the size of the converter and the amount of 
air used. 


REFRACTORIES PRACTICE 


Table III gives the major details of the refrac- 
tories practice of the 40 reporting plants. 

Table III brings out the fact that, while unburned 
brick have been tried at a number of the reporting 
plants, they are now preferred at only 2. Burned 
magnesite brick are preferred at no less than 16 
plants, but of these 11 have tried no other type. 
Cerro de Pasco uses burned chrome-magnesite at 
the tuyere line and burned magnesite élsewhere. 
Hudson Bay prefers to use straight magnesite for 
fear of a build-up of chrome in the bottom of the 
reverberatory furnace treating the converter slag. 


OCTOBER, 1958-605 


Table II. Converters and Converter Operation at Reporting Plants 


Electro Union F alcon- E Hudson 
R&S Mt. Isa Mt. Lyell Mt. Morgan Miniére bridge Gaspé Bay 
Converters 
3 
Type PS 3 24! 13’ x 30' 13' x 30 
Dimensions 8'x 12" 10° x 20 10°X 6-8 13' x 30" 1," 
Tuyeres 19, 144" 32,2" 14,14" 17, 1A" 50,2" -34-52,1.625"  48,1.7/8 44, Th 
Additions 
Siliceous flux a: 0 h 
Max. size, in. 1% 14 6 5 
Pet 4 2 10.9 2.5 12.2 
-Ni 10 Pct CaO _Direct- 
Other additions Scrap None None Mone oper on smelting 
65 pet 47.5 pet ore 
Air 0 
Cfn 4000-4500 9060 6700 4000 21000-24000 14000-21000 23000 1200 
3 i 14 15 14-17 10.5-11 15 14 
Pressure, psi 16-17 10.5 5 Ca. 100 > ? 96.5 
Punchers per converter 1 2 1 echanic 
Begin blow, deg F 1700 - 1922 - (2192- 2237 ) 
End blow, deg F 2240 - 2192 - 2282) 2107 2250 2350 
Production, tons 
Per converter day 30-40 75 35 20 400 - 140 max. Ca. 40 
Per converter repair 1500 3000 2500 - 20000 - 9000 14126 
Noranda Braden Chile Empresa Nord- Indian 
Mines Copper Explor. Paipote deutsche Copper Dowa Furukawa 
Converters 
Number Ss 4 4 2 2 2 2 2 
Type PS PS PS PS PS GF ; Barrel Barrel | 
Dimensions X30" 13’ x 30’ 13’ x 30’ 10’ x 13’ 19'8"x 8'x9'6 71% x x 
15:13°5628! 10’ 10” 10' 7%," 
3, 13’ x 30' " 
Tuyeres 46,1.75-1.9375" 41,14" 20,2" 16,14" 26,1%" 10,14" 12 18, 1% 
30, 1% u“ 
Additions 
Siliceous flux 
Max. size, in. 1 14 1% 2% = 8 4 5 
Pct SiO, 65 66 60-70 68 65 83 69.9 67 
Pct Al,O, 7 15 12.5 1.9 5 10 - 12 
Other additions None None None - _ None None None 
Air 
Cfm 19000-20000 11200-12400 - 6800 8475 2500-3000 3740 4940-5230 
Pressure, psi 14 14-15 15 10-12 14% 15 10-13 1S 
Pct oxygen reacted - 99 - 41 ? 60-65 52.8 Ca. 65 
Punchers per converter eee 3 3 2 3 3 2 2 
Average temperature 
Begin blow, deg F 2050 2057 =~ 2250 - 2012 1832 1922 
End blow, deg F 2230 2327 = 2372 - 2327 2282 2282 
Productions, tons 
Per converter day 92 160 150 43 75 23 16.2 18 
Per converter repair 18400 18000 17500 3100 8000-10000 1200 530 1200 


Notes: PS = Peirce-Smith; GF = Great Falls. 


Temperatures reported in degrees centigrade have been converted to the Fahrenheit equivalents, without rounding off. 
Tons are given as reported, and may be equal to 2000, 2204, or 2240 pounds, according to country of origin. 
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Table Il, Continued 


Nippon Nippon Roan 
Mitsubishi Mitsui Hitachi Sagano. Sumitomo Mufulira Rhokana Antelope 
Converters 
Number 3 3 3 3 4 3 5 4 
Type GF PS PS PS GF PS 
Dimensions 8'x10'1" 6%" x 9' 2" x 18" 8' 64" x 10'x11'10” 10’x30' 30’ 20' 
16'5" 
Tuyeres 9,114" 16,14" 19,114" 24,1%" 14,14" 45,144" 45-51,2” 30,2” 
Siliceous flux 
Max. size, in. 2 14 2 3 1 3/8 3/4 - 
Pct SiO, 86.75 80 84.28 86. 36 65 (2 65.8 67.5 
Pct Al,0, 9.24 8 8.64 Pig hh 7 8 7.1 9.43 
Other additions None None None None None Reverb - None 
slag 
Air 
Cfm 2470 3180 6400 4260 3180 16000- 10000- 14000 
20000 20000 
Pressure, psi 9 12 13 14 10 15 11-13 15 
Pct oxygen reacted ? 70-75 Ca. 75 75-80 ? 93 ay 10 
Punchers per converter 1 2 3 3 3 4 4 2 
Average temperature 
Begin blow, deg F 1832 2012 1832 1832 1976 2200 2300 2000 
End blow, deg F 2102 2327 2282 2282 2192 2400 2160 2400 
tons 
Per converter day 11 20 25 28.5 20 59 167 300 
Per converter repair 1200 - 4500 3800 2000 9500 9140 3000 
Cerro 
Sulitjelma de Pasco Messina O’okiep Rio Tinto Boliden Murgul Chino 
Converters 
Number 2 6 1 2 4 2 2 3 
Type Barrel PS Stationary PS GF PS PS PS 
Dimensions 8’ 2h" x 5, 12’ x 20’ 19' 144" long 10’ x 20’ 13’ x 30’ 10’ x 20' 13’ x 30’ 
12'7%" 1, 13’ x 30' 14’ 2” wide 
14' high 
Tuyeres 22,1%," 28-45, 14” 14,1.37-2.75" 22,1%4" 50 32,14" 48,114" 
Additions 
Siliceous flux 
Max, size, in. = 1% 1% 4 
Pct SiO, 93-94 62.8 76.5 95 87.5 94 75.6 79.6 
Pct Al,O, 5 5.3 9.0 1 6.8 3.8 22 0.9 
Other additions - None - 30 pct ox- None 40 pct 40 pct con- Reverts 
ide flux other verter slag 
Aig’ 
Cfm Ca. 5000 7000- Ca. 5750 11800- 4764 3180 7240 20800 
16000 13700 
Pressure, psi 14-16 14-15 13 8-12 12% 10 5.9-11.8 13 
Pct oxygen reacted Ca. 62 ? - 80 85-90 2 60 95-100 
Punchers per converter 2 3 2 Mechanical 2 3 3 2 at 2 
1mechanical 
Average temperature 
Begin blow, deg F - 2003 2065 2200 2084 1976 2075 1992 
End blow, deg F - 2147 2250 2350 2318 2192 2120 2191 
Production, tons 
Per converter day 15-16 120 47 95 25 65 31 121.21 
Per converter repair - 4000 9200 4000 - - 3030 20118 


Notes: PS = Peirce-Smith; GF = Great Falls. 


Temperatures reported in degrees centigrade have been converte 
Tons are given as reported, and may be equal to 2000, 2204, or 2240 pounds, 


d to the Fahrenheit equivalents, without rounding off. 
according to country of origin. 
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Table Il, Continued 


McGill Magma Bor A B Cc D E 
Number 3 3 6 5 PS GF 
GF PS PS PS PS 
2 19" x 30! 12’ 10'14"x 17' 13730" 13‘ x 30’ 12? x25" 13’ x 30’ 12? 
Tuyeres 16,2” 22,1.65" 44 52, 1%4-2" 36,14" 42,1%," 20,1%" 
1.69-1.94” 

Additions 25 pet 75 pet 
i 15 3/4 3/8 1 Fing snd 

Pct SiO, 28.1-64.8 47.0 87.25 66 68.5 93 y ea ie 

Pct Al,O, 6.4-8.1 10.2 1.36 8.5 9.8 - E 
Other additions = None None Scrap Reverts - - - 
= 11000 (18000: 10000 
Cfm 7770 ? 18000 : max, 
Cfm Ca. 15000 12000 (23000 
Pressure, psi 10.9-13.3 14.2 14.0 14 14% 
Pct oxygen reacted 98 60 ? 75 75 
Punchets per converter Mechanical 1 4 3 3 
Average temperature 
Begin blow, deg F 2000 2075 2138 i 2100 1950 - 
End blow, deg F 2200 2210 2300 ? 2300 2350 =~ 2340 
Production, tons 
Per converter day 70 50 25 85-90 90 35 110 41.25 
Per converter repair 8000 2500-3000 2500 - 9000 7000 15000 4100 


Notes: PS = Peirce-Smith; GF = Great Falls. 


Temperatures reported in degrees centigrade have been converted to the Fahrenheit equivalents, without rounding off. 
Tons are given as reported, and may be equal to 2000, 2204, or 2240 pounds, according to country of origin. 


Since, however, this company uses less than 4 lb 
of brick per ton of copper produced, any possible 
build-up of chrome should be exceedingly slow. 
Nineteen plants prefer burned chrome-magnesite, 
and these include nearly all of the larger plants, 
most of which have tried other types. Only 2 pre- 
fer burned magnesite-chrome. In this connection 
it may be mentioned that manufacturers of refrac- 
tories usually apply the term chrome-magnesite 
only to brick containing over 50 pct of chrome ore, 
and magnesite-chrome to those containing chrome 
ore in quantity less than 50 pct. It is possible that 
some of the reporting plants have not correctly dif- 
ferentiated between these 2 types, especially as the 
occurrence of much magnesia in chrome ore and 
the fact that the chromic-oxide content of chrome 
ore varies from 30 pct or less to more than 50 pct 
makes it impossible to distinguish between them in 
all cases by chemical analysis alone. 

It is clear from the data of Table III that for the 
reporting plants there has been an almost complete 
switch from unburned brick (where tried) to burned 
brick, probably due in large part to the much 
greater mechanical strength of the latter in the 
temperature range used in converting. For the re- 
porting plants, much more copper per day is now 
being made on chrome-magnesite than on magnesite 
brick; Canadian Refractories’ sales records also 
show a strong trend away from burned magnesite to 
burned chrome-magnesite. 

Only a few companies have reported that they now 
systematically coat their brick with magnetite, and 
it may be observed that the cost of refractories for 
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these companies does not appear to be any lower 
than for those making no effort to apply magnetite. 
However, as a matter of fact, nearly all of the con- 
verter slags reported are so basic (see Table IV) 
that they contain much magnetite, and operating 
temperatures are generally low, hence severe at- 
tack on the brick should not be expected, whether or 
not they are fully coated. 


Items of considerable interest are (a) the pounds 
of brick used per 2000 lb of copper produced, and 
(6) the relation between the cost of refractories, 
plus the cost of installing them, to the total cost of 
converting. The first of these items was not specif- 
ically requested, but has been calculated from the 
tons of brick used and the copper produced per cam- 
paign. In this case it is immaterial whether short, 
long, or metric tons have been used, since the same 
units will have been recorded for both brick and 
copper. Most of the large plants, and a considerable 
number of the smaller ones, make an excellent 
showing for the cost of refractories, and doubtless 
there are unknown factors responsible for the higher 
costs shown by some plants, whose practices are not 
necessarily open to criticism. For the sake of con- 
trast, the table also shows the relative cost of all 
converter operating items other than refractories, 
and these are found to be, on an average for the 30 
reporting plants, 14.4 times as great as the cost of 
the refractories when installed, while on 10 plants 
the ratios are 19 to 39 times as great. The average 
cost of refractories and the labor of installation is 
thus only 6.5 pct of the total cost of converting. 
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Table III. Refractories Practice at Reporting Plants 


Elect. Mount Mount Mount Union Falcon Gaspé 
pe- Hudson 
R&S Isa Lyell Morgan Miniére bridge Copper Bay 
Brick 
Thickness, in. 9-15 12-18 12-18 9-15 15-18 13%4-18 15 134-18 
Type preferred BM? BM B M-C - U- - - 
Oth 5 M B C-M B C-M BM 
ther types tried (B C-M - B C-M - BM Various None UM 
(U C-M BM 
Protection 
Magnetite applied vane - Weekly - None None 14 days Weekly 
tic 
Repairs 
Frequency (150-200 Every Every Every Every 250-300 3-44 357 
; (blows 9 weeks 1000 t 200 t 20000 t days months days 
Tons brick per repair 2 25 16 7 25 27 po 27.83 
Pounds brick per ) 
2000 1b copper 10 32 70 2.5 3.94 
Cost, as pct of total 
cost of converting 
Refractories and ) b 
installation , > 16 18 30 6.8 - <8 5.8 
All other costs 95 84 82 70 93,2 - >92 94.2 
Noranda Braden Chile Empresa Nord- Indian 
Mines Copper Explor. Paipote deutsche Copper Dowa Furukawa 
Brick 
Thickness, in. 134-15 13-18 18 18 13S) s— 9-18 9 9 
Type preferred B C-M BC-M BC-M B C-M B C-M BM BM BM 
Other types tried Various BM - BM-C M B C-M C-M None 
Protection 
Magnetite applied ( 14 Rarely Bare Regu- Every None - New 
i (days brick larly 1000 t brick 
Repairs 
Frequency (200 100-125 Every 300-320 8000- Every 350-400 122 
(days days 6 months blows 10000 t 6 months blows days 
Tons brick per repair 44 15 - 11.5 15 175) Qui 3.5 
Pounds brick per ) eS 
500016 copper us 1.67 7.4 3.64 2.9 6.87 5.82 
Cost, as pct of total 
cost of converting 
Refractories and ) 
installation ) 6 a het 10 6.7 15 6.5 9 
All other costs 94 96 90 93.3 - 85 93.5 91 
Mitsu- Nippon Nippon Roan 
bishi Mitsui Hitachi Sagano. Sumitomo Mufulira Rhokana Antelope 
Brick 
Thickness, in. 24 9-134 13% 11 18-19 12 - 15-18 
Type preferred BM BM BM BM U M-C B M-C BM B C-M 
Other tried ( = _ U M-C B M-C UM BM - BM 
( B M-C BC-M UCM 
Protection 
Magnetite applied (Every Every - - New None None Irreg. 
(5 blows 10 blows brick 
Repairs 
F (400 300-400 Ca. 6 Ca. 6 Every 160 80-100 120 
Feared (blows blows months months 4800 t blows days blows 
( matte 
Tons brick per repair Det 12 3.8 15 4.3 5 25 8 
Pounds brick per ) 7.89 4.3 1.05 5.47 5.33 
2000 1b copper ae 
Cost, as pct of total 
cost of converting 
Refractories and 4.4 a e 2.5 4.3 6.58 11 25 
installation 
All other costs 95.6 ~ - 97.5 95.7 93.42 89 75 


4B = burned, U unburned, M magnesite, C-M chrome-magnesite, M-C magnesite-chrome. 
by abor cost not included in this case. 
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Table III, Continued 


i Murgul Kenn. 
See ies Messina O’okiep Tinto Boliden Copper Chino. 
Brick 
i 22 15-24 - 18 
Thickness, in. - 13-20 12-18 18 
Type preferred (B C-M BM BM B C-M B C-M BM 
M 
Others tried Many - - None _ B M-C None 
Protection 
fo) 
Magnetite applied ‘ ~ Rate None None None cee 
Repairs 
Ca. 4 Cans 6-7 Ca. 6 Every 2-3 
months months weeks 610 t months 
Tons brick per repair - 32 36.8 10 
Pounds brick per )Ca. 22 16 8.0 5 : A 5 
2000 lb copper ) 
Cost, as pct of total 
cost of converting 
Refractories and 45 7 9 15 4 225 Ca. 20 Bas - 
installation 
All other costs 84.3 91 85 96 77.5 Ca. 80 96.5 - 
Kenn. Magma 
McGill Copper Bor A B (e D E 
Brick 
Thickness, in. 13-18 9 18 - 13-18 134- 
Type preferred B C-M B C-M BM B C-M B C-M B C-M B C-M BC-M 
Other types tried M M None = M = - - 
Protection 
i i Ne None Weekl Twice As re- 7-10 
Magnetite applied (None None es y 
Repairs 
Frequency (7400-9700 60 days 2500 t 6 months 3-4 7 months 270 100 
( tons Cu months charges days 
Tons brick per repair 28.7 303 14 - 25 20 - UpPe 
Pounds brick per ye 4. 2.2-2 112 se 5.5 5.7 = 3.5 
2000 1b copper 
Cost, as pct of total 
cost of converting 
All other costs 95 - Ca, 95 - 90 94.0 - 96.83 


°8 C-M at tuyere line and B M elsewhere. 


ANALYSES OF MATTES AND SLAGS 


Table IV brings together what are considered to 
be the most important items in the analyses of 
mattes and slags reported. 

The grade of copper matte, as shown in Table IV, 
ranges from 22.7 to 65 pct Cu, and at Falconbridge 
the nickel-copper content is 11.4 pct. The highest 
four are those of the large plants in the Belgian 
Congo and Northern Rhodesia. 

The silica content of the converter slag is of spe- 
cial interest, and will be dealt with in some detail 
later. Here it may be observed, however, that it 
ranges from 10 to 31 pct. 


CONVERTER-SLAG TREATMENT 


Table IV shows that at 25 plants the converter 
slag is treated in reverberatory furnaces, at 11 in 
blast furnaces, at 2 in electric furnaces, and in 2 
it is poured into blast-furnace settlers. At Union 
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Miniére, some of the converter slag is granulated 
in water and incorporated in the charge to Dwight- 
Lloyd sintering machines, the product of which goes 
to the blast furnace. When slags are smelted under 
reducing conditions in blast furnaces relatively little 
magnetite is left, but appreciable quantities remain 
in most of the reverberatory slags in which it has 
been determined. It must be remembered, however, 
that in all of the blast and reverberatory-treatment 
furnaces, as well as in the blast-furnace settlers, 
there is bound to be a large amount of dilution with 
other slag, and this alone may make it appear that 
actual reduction of magnetite and copper losses has 
been brought about. 

Further information on the operation of the treat- 
ment furnaces is given in Table V. 

From Table V it is seen that trouble from bottom 
build-up in the reverberatory furnaces treating con- 
verter slag occurs in 10 out of the 15 reporting 
plants, that metallic iron is added at 3 plants to 
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Table IV. Matte and Slag Analyses Given by Reporting Plants 


Matte Treated 


Converter Slag 


Treatment Furnace Slag 


Cu Fe,O Cu SiO 
iO, Fe,0, Iron Furnace Cu SiO, Fe,0, 

? 10 16 Mostly 40 Blast 4-.8 26-35 
25.8 - 49.6 Reverb. 0.38 39.4 
? ? 56 Blast 0.6 29 ? 
Union Miniére 65 15-20 18 - 2 
11,42 16 21.8 18.1 50.5 Settler 30.9 
Gaspé Copper 33 7-10 1.6 31 16 44 Reverb. 0.27 39 8 
en son Bay 24.3 9.2 8.2 24 PARES 38.6 Reverb. 0.44 34.7 ES) 

oranda Mines 27 13 2 28 17 - Reverb. 0.35 38 10 
Braden Copper 50 3 3:5 22 20 50 Reverb. 0.9 30 7. 
Chile Exploration 50 4.5 3 28 18 41 Reverb. 0.6 So 9 
Empresa Paipote 40-43 1.5 2-3.5 24-26 12.65 38 Reverb. 0.5 41.2 - 
Norddeutsche 49 ? 5 25 ? 43 Reverb. 0.45 38 2 
Indian Copper 48 ? 6 25 ? 44 Reverb. 0.36 34 ? 
Dowa 41.7 ? 5.9 13.6 52.9 39.9 Blast 0.3 30 - 
Furukawa 48 ? 5.5 17.3 ? 43.7 Blast 0.4 35 ? 
Mitsubishi 44.23 ? 4.6 22.73 ? 40.7 Blast 0.54 3257 - 
Mitsui 35 Ca. 10 2.5 20 Ca.19.2 48 Blast - - - 
Nippon Hitachi 39.6 5 3.63 18.08 20 45.7 Blast 0.27 35.59 - 
Nippon Sagano. 41.38 - 2.9 21.05 Ca. 15 50.9 Blast 0.29 38.03 - 
Sumitomo 0.7 3.0 21.2 32.5 47 Blast 0.3 
Mufulira 60-62 2.5 14.0 21 18.2 37.2 - Reverb. 0.5 39.7 2.3 
Rhokana 59.0 4.0 3.4 21 24 43 Reverb. 0.92 35.7 - 
Roan Antelope 53 - 6 10 35 59 Reverb. 0.75 36 8-10 
Sulitjelma 23-25 13.0 2.6 - 23 53-54 Elect. 6-.7 29-30 2+ 
Cerro de Pasco beta2oet, 13.0 3.2 17.9 21 - Reverb. 0.50 32.8 8.0 
Messina 54.4 0.9 1.4 25.8 13.4 48.4 Reverb. 0.7 42.3 1.2 
O’okiep 38-40 4 4 25 14 48 Reverb. 0.5 37 4 
Rio Tinto 23 6.9 3.85 19.35 PME 47.7 Settler 0.3 35:3 3 
Boliden 36 - 4.8 27.6 - 37 ; Elect. 3-.5 36-39 Low 
Murgul Copper 22.7 ? 2.4 20.4 - 48 Reverb. 0.39 29.6 ? 
Kennecott Chino 37.39 6.8 Pa 27.7 22.8 47 Reverb. 0.45 38.8 9 
Kennecott McGill 26.09 8.42 2.85 24.2 19.1 47.1 Reverb. 0.48 33.6 3.9 
Magma Copper 33.45 8.25 3:2 27.8 19 44.2 Reverb. 0.38 37.4 5.5) 
Bor 40-42 1.82 1.1 23.09 16.75 51.0 Blast 0.30 41 1.8 
Plant A 22-32 10 4.5 22 29.5 48.5 Reverb. 0.34 42 5.5 
Plant B 34.65 7 3.69 29.9 15.2 43.4 Reverb. 0.38 38.5 3 
Plant C aS - 1.25 27.5 ? 53.0 Reverb. 0.7 29 - 
Plant D 59 - 3 28 - 46 Reverb. - 41 - 
Plant E 37.15 - 3.76 24.1 7 47.7 Reverb. 0.43 34.6 ? 

aNi + Cu. 


bSlag contains also about 15 pct ZnO. 


reduce magnetite, and that on five the bottom re- 
quires cleaning at the end of each campaign, or 
more frequently. A sixth formerly had to be 
cleaned, but with the use of metallic iron this is 
unnecessary. The replies have not indicated the 
form in which metallic iron is added, but one 
smelter superintendent in a personal communica- 
tion states that only cast iron is effective, pre- 
sumably because it melts at a much lower tem- 
perature than would steel scrap. 


The blast furnaces treating converter slag have 
little or no trouble with magnetite, build-up being 
reported in only 1 settler. The electric furnaces 
have had an equally favorable experience. 


Questioned as to the effect on overall cost of 
smelting and converting if the circulating load of 
magnetite could be eliminated, the operators of 6 
reverberatory-furnace plants and 1 electric- 
furnace plant expressed the opinion that copper 
losses would be reduced, and those of 14 rever- 
beratory and 2 blast-furnace plants thought costs 
might be reduced. Other plants expressed no opin- 
ion or believed there would be little effect on costs, 
at least under their particular conditions. 
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COMMENTS ACCOMPANYING REPLIES 


To round out the summary of the replies, certain 
pertinent comments submitted with them will now be 
quoted. 

Electrolytic Refining and Smelting Company of 
Australia, which treats a matte averaging 50 Cu, 

8 Pb, 5 Zn, and only 15 pct Fe, says in part: “The 
slag is rarely fully fluid. Part, or all, has to be 
rabbled, not poured, from the converter unless the 
iron content of the matte is about 20 pct or higher.” 

Hudson Bay Mining and Smelting Company: “Mag- 
netite builds up in the reverberatory furnace, and 
constant control of magnetite formation and avail- 
able reducing agent must be kept, in order to 
eliminate shutting down.” If there were no circu- 
lating load of magnetite, “it would not then be nec- 
essary to retain the maximum amount of sulfur in 
the roaster calcine to act as a reducing agent. The 
sulfur could be oxidized in the roasters, and reduce 
the coal consumption required to produce the de- 
sired calcine temperature. It would also reduce the 
amount of iron pyrites required in the charge. A 
higher grade of matte would be produced, resulting 
in less converter operating time. .. . The rever- 
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Table V. Converter Slag Treatment at Reporting Plants 


Cony Estimated Effect of Mag- 
tment Magnetite of Cleaning out ag stima ffect 0 
Build-up Iron Bottom Fe,0, netite Elimination * 
3 
Elect. R&S Much Blast Accretions - No i Reduce costs 
Mount Isa - Reverb. - 

ee bere a Reverb. Yes Yes At times 5 Reduce copper loss 
Union Miniére ? Blast No - No as Se 
Gaspé Copper 16 Reverb. es - } 
Bay 2753 Reverb. Serious - No 5.6 
Noranda Mines 27 Reverb. Little Yes No 10 Reduce copes oss 
Braden Copper 20 Reverb. Yes, 1 end Yes Not recently if paca ae 
Chile Explor. 18 Reverb. Yes Yes No 9 oe costs 
Empresa Paipote 12.65 Reverb. None - No x ie 
Norddeutsche Reverb. Little - - 
Indian Copper ? Reverb. Yes Yes 
Dowa 52.9 Blast - - No ee Reduce costs 
Furukawa 2 Blast - 
Mitsubishi ? Blast - - - = Little effect 
Mitsui Ca. 19.2 Blast - - - - Peis. 
Nippon Hitachi 20 Blast Yes, settler - Yes; tia - Little effect 
Nippon Sagano. Gaels Blast - ° - 
32.5 Blast Little No 2.5 Little effect : 
Mufulira 18.2 Reverb. Yes - Each campaign PAS} Possible cost reduction 
Rhokana 24 Reverb. Yes - Each campaign - Reduce costs 
Roan Antelope 35 Reverb. Yes - Each campaign 8-10 Reduce costs 
Sulitjelma 2S Elect. Little No No Cac2 Reduce copper loss 
Cerro de Pasco 21.0 Reverb. Little = No 8 Reduce copper loss 
Messina 13.4 Reverb. Yes - Each campaign 2 Little or no effect 
O’okiep 14 Reverb. Yes Each campaign 4 Reduce costs, copper loss 
Rio Tinto 27.7 Settler None - No 3 - 
Boliden - Elect None No 
Murgul Copper - Reverb. None - - : one 
Kennecott Chino 22.8 Reverb. Little = Siete 9 Probably reduce costs 
Kennecott McGill 19.1 Reverb. Yes - When repairing 3.9 Several (see text) 
Magma Copper 19.0 Reverb. Yes ~ Every 2 years 5.5 Very little 
Bor 16.75 Blast = - - 1.8 None 
Plant A 27.5 Reverb. No - Little 550 Probably reduce costs 
Plant B 15.2 Reverb. Yes - Each campaign 3 Probably reduce costs 
Plant C 2 Reverb. Some - No shut-down - Reduce costs, slag loss 
Plant D = Reverb. P - Not yet = - 
Plant E ? Reverb. Yes - About 4 years ? Cost could be reduced 


“Opinion requested as to the effect on the over-all cost of smelting and conveiting if the circulating load of magnetite were eliminated. 


beratory charge and bath become saturated with 
magnetite. At times the available sulfur is hardly 
sufficient to reduce the iron to a ferrous oxide state, 
resulting in magnetite formation on the furnace bot- 
tom.” Factors favoring magnetite formation include 
(a) lack of sufficient hot silica to combine with fer- 
rous oxide as rapidly as formed, (bd) starting up a 
cold converter, (c) charging too much cold non- 
silica-bearing material, and (d) charging non- 

silica bearing material ahead of silica. Further, 
“the reduction of magnetite in the converters will 
not readily take place if the bath temperature is not 
sufficiently high. .. . Punching of the converters 

is not a serious problem provided the bath tempera- 
ture is kept reasonably high.” 

Braden Copper Company: If there were no cir- 
culating load of magnetite, “copper losses in the 
reverberatory slag would be lower and the nuisance 
and expense of charging scrap iron to the furnace 
would be reduced or eliminated.” 

Rhokana Corporation: “Magnetite build-up is 
troublesome. Furnace bottoms are continually 
agitated by blowing or poling. Bottoms are usually 
dug out each campaign (14 to 20 months).” 

Sulitjelma: “Magnetite builds up a little in our 
electric furnace, but here it helps protect the lining 
and tap-hole. This—in combination with the low 
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silica in our slag—has made it possible to run the 
electric furnace for 13 years without relining.... 
Owing to the low grade of our matte, the converter 
Slag will run about 23 pct magnetite. Of this, about 
13 pct will go into the matte and will circulate. 
Most of the rest (10 pct) will be reduced (with FeS) 
in the electric furnace.” 

Kennecott, Nevada Mines Division, McGill, Nev.: 
If there were no circulating load of magnetite, “it 
would increase the converter production rate, im- 
prove the copper content of the reverberatory slag 
and eliminate the cost of magnetite removal from 
the reverberatory furnace.” 

The foregoing extracts from replies indicate not 
only some of the factors believed by the operators 
to cause magnetite formation, but also the several 


remedies they apply to reduce it or minimize its 
effect. 


MAGNETITE AND FERROUS SILICATE 


Some consideration of the properties and relative 
stabilities of magnetite and ferrous silicate are 
almost essential to an understanding of converter 
operation. 

Although magnetite is one of the refractory ox- 
ides, Ellwood and Henderson’ found in experiments 
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Table VI. Heats of Formation of Some Compounds Found 
in Converter Slags, and their Reactions 


Compound Kilo-calories 
FeO 64.04 
Fe 20 EY 190.7 

Fe 3,0, 265.95 
SiO, (fused) 198.3 
FeO.Si0 264.52 
Reactions 

FeO + = FeO.SiO, + 2.18 
FeO + Fe,03 = Fe30,4 + 


with Roan Antelope converter slag carrying 25.4 
SiO, and 29.9 pct Fe,O, that all of the magnetite 
was soluble in the slag at 2372°F (1300°C), whereas 
when the slag was slowly cooled from that temper- 
ature to 2102°F (1150°C) and then chilled in water, 
the magnetite was found to be largely in massive 
form, showing that at this lower temperature much 
of it existed in the molten slag as a solid. A little 
of the magnetite, found under the microscope to be 
in the form of dendrites, must have remained in 
solution even at this temperature. 

. The only ferrous silicate that has been prepared 
in reasonably pure form is fayalite, 2FeO.SiO,, con- 
taining 29.5 pct SiO,. Bowen and Schairer* found 
this to melt at 2201°F (1205°C), and they have re- 
ported that it forms a eutectic with ferrous oxide 
melting at 2151°F (1177°C) and containing 24 pct 
SiO, , below which percentage the melting point 
rises to that of the composition equivalent to FeO, 
at 2516°F (1380°C). All of these melting points will 
of course be lowered somewhat by small quantities 
of impurities, but it is probably true that the low- 
est-melting converter slag is that corresponding to 
the eutectic between ferrous oxide and silica, and 
that the lowest-melting range is from about 20 to 
38 pct SiO,,* beyond which the melting point rises 
very rapidly. 

Only limited information is available on the rela- 
tive stability of magnetite and ferrous silicate, but 
the data given in Table VI throw some light on this 
question. 

Table VI shows that, according to the best avail- 
able data, the combination of 1 molecule of FeO 
with 1 of Fe,O,, to form magnetite, is about 5 times 
as exothermic as with 1 molecule of silica. Since 
the opportunity for ferrous oxide to combine with 
silica in a slag decreases as the basicity increases, 
it must be concluded that in ordinary converter 
slags, once ferric oxide has formed, the ferrous 
oxide will combine with it in preference to the 
silica. In the older phraseology, ferric oxide be- 
haves as a stronger acid than silica. 


CONTROL OF MAGNETITE IN SLAG 


Theoretically, ferrous oxide in the slag, even 
when combined with silica as the metasilicate, can 
readily be oxidized to magnetite, according to the , 
following equation: 


6FeSiO; + O, = 2Fe,0, + 6SiO, + 134.58 kcal 
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This reaction, being strongly exothermic, un- 
doubtedly will proceed rapidly if oxygen is blown 
through molten slag at a sufficiently high tempera- 
ture. In normal practice, however, the oxygen en- 
tering the converter in the blast nearly all combines 
with the iron and sulfur of the matte, and little re- 
mains to oxidize the ferrous oxide of the slag. It is 
nevertheless probably true that most of the magnet- 
ite in converter slags is formed in this way. 

To control magnetite formation in the slag, the 
operator may have recourse to changes in tempera- 
ture and slag composition. A plot (not shown) has 
been made of mean temperature against magnetite 
content of converter slag for all of the reporting 
plants, but little or no correlation can be seen. 

This is what might be expected from the work of 
Bowen and Schairer,* who found that between 2192° 
and 2732°F (1200° and 1500°C) any variation in the 
ferric-iron content was within the limits of analyt- 
ical error. 

A similar plot of the magnetite against the silica 
content is shown in Fig. 1. In spite-of the difficulty 
in determining magnetite in converter slags accu- 
rately, here is real evidence that in the reporting 
plants the magnetite tends to disappear with in- 
creasing silica content. In fact, one is tempted to 
consider the extrapolation of the line to 0 magnetite, 
as shown by the broken line in the figure, which cuts 
the silica axis at 33 pct. Complete elimination of 
magnetite must not be expected, however, even at 
higher percentages of silica, for Bowen and Schairer* 
have shown that, even when melted at 2219°F 
(1215°C) in an iron crucible (which is of course 
strongly reducing) and in an atmosphere of nitro- 
gen, ferrous silicates still retain appreciable ferric 
oxide. The data shown in Table VII (except for the 
calculated magnetite) have been taken from their 
paper. 

Although this work, carried out at the Geophysical 
Laboratory of the Carnegie Institution in Washington, 
shows that magnetite cannot be entirely eliminated, 
it equally demonstrates the favorable effect of an 
increase in the silica content of the ferrous silicate. 
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Fig. 1—Influence of silica on magnetite content of slag. 
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Table VII. Irreducible Fe203 in Ferrous Silicate 


SiO» FeO Fe,03 Calc. Fe30,4 
20.08 75.19 4.73 6.86 
27.29 70.21 2.50 3.62 
35.96 62.65 139 2.02 


The same trend was found by Lathe® in a study of 
Falconbridge slags, using Drummond’s data.” In 
that study, copper-nickel converter slags of 17 pct 
SiO, were found to carry an average of 25.5pct Fe,0, 


(compared with 33 pct of present Fig. 1), and those 
of 27 pct SiO, only 11.5 pct (which corresponds with 
the 12.5 pct of the present study). 

The possible influence of alumina on the magnetite 
content of converter slags also has been studied by 
the authors. Since it is a minor constituent, and 
silica is now known to have a major influence, the 
effect can best be determined by adding the silica 
and alumina and plotting their total against the mag- 
netite. The results of this study (not shown) com- 
pare closely with those of Fig. 1, with some im- 
provement in correlation in individual instances. 

In the case of both silica and alumina, the data con- 
firm Bowen and Schairer’s conclusion that com- 
plete elimination of magnetite is impossible, but it 
appears that whatever effect alumina has is favor- 
able. To be sure, some metallurgists still con- 
sider alumina wholly objectionable as a constituent 
of slags, but, as Lathe® has pointed out, although 
the lowest-melting eutectic between ferrous oxide 
and silica (at 76 FeO and 24 pct SiO, ) melts at 
2151°F (1177°C), a ternary eutectic of 76 FeO, 

18 SiO,, and 6 pct Al,O, melts at 1963°F (1073°C). 
In other words, replacement of some of the silica 
by alumina may lower considerably the temperature 
at which the slag will begin to solidify. 

Three quotations from prominent metallurgists 
describe their experience with magnetite, and the 
means of keeping it within reasonable limits: 

A. Gronningsater,” Falconbridge Nickel Mines 
Ltd.: “Converter slags with as low as 8 pct SiO, 
have been found possible. However, such a slag 
consists largely of magnetite, and a very high tem- 
perature is necessary. Such an operation is diffi- 
cult and the high temperature is hard on equipment. 
Converter slags with 18 to 20 pct SiO, have been 
run successfully for very long periods without 
trouble in converter operation or slag cleaning, 
but higher silica, say 22 to 24 pct, makes the op- 
eration easier to control and less touchy, and 27 to 
28 pct is still better.” 

J. R. Gordon,® International Nickel Co. of Canada 
Ltd.: “As Mr. Gronningsater points out, magnetite 
is a bugbear of reverberatory smelting and the pro- 
duction of low-silica converter slags will result in 
an increase in magnetite and increasing difficulties 
in reverberatory furnaces due to bottoms building 
up. Such a condition invariably leads to higher 
metal losses. I believe that, if a satisfactory re- 
verberatory operation is to be maintained, the silica 
content of converter slags should not be below 27 pct 
and preferably should be higher than that.” 

W. B. Boggs,*® Noranda Mines Ltd.: “The screen 
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analysis of the converter flux is 30 pct plus 72 in.; 
47 pct plus 3 mesh; 19 pct plus 6 mesh; 1 pct plus 
10 mesh; and 3 pct minus 10 mesh... . This 
screened flux . . . makes the converters work: 
faster, and helps to permit the making of converter 
slag with from 25 to 30 pct silica.” 


CONTROL OF MAGNETITE IN THE MATTE 


As shown in Table IV, substantial amounts of 
magnetite are at many plants introduced into the 
converters in the furnace matte (mainly as a cir- 
culating load), and much more may of course be 
formed there, hence its elimination is of major 
interest. 

Gronningsater,° speaking on behalf of both 
Drummond and himself, said: “We are of the 
opinion that too low a temperature is the greatest | 
danger in converter operations. .. . If the tem- 
perature is high enough, the troubles from mag- 
netite to a large extent disappear.” 

This question was studied by Wartman and 
Oldright,® who determined the rate of reduction 
by ferrous sulfide at different temperatures and 
with various additions. The rate of reduction in- 
creased very rapidly with the temperature, and was 
greatly favored by additions of silica, which pre- 
sumably helped by combining with the ferrous oxide 
formed in the reaction. Magnesia additions had an 
equally favorable effect, hence any magnesia dis- 
solved from the lining by the slag will tend to lower 
the magnetite. 

Work on the reduction of magnetite also has been 
done by Ellwood and Henderson,* who found metallic 
iron to be the best reducing agent for magnetite in a 
Roan Antelope converter slag, closely followed by 
ferrous sulfide. In both cases, the addition of silica 
promoted reduction. The work was carried out at 
2372°F (1300°C). 

The data on Falconbridge mattes reported by 
Drummond’ were analyzed by Lathe,*® who showed 
that in the experiments in question mattes carried 
24 pct of magnetite at 2264°F (1240°C), but only 
4 pct at 2408°F (1320°C); a straight-line relation 
held in the intervening range. 

The 3 series of experiments just reported all 
emphasize the importance of high temperature in 
eliminating magnetite from matte, and, as in the 
case of slags, it is shown that the addition of silica 
is also a favorable factor. Unfortunately, suffi- 
ciently detailed data are not available in the present 
study to permit a further check on these two gen- 
eral conclusions. 


COPPER LOSSES IN TREATMENT- FURNACE 
SLAGS 


It will be evident from Table V and the accompa- 
nying comments that the many disadvantages of 
having excessive magnetite formation in the con- 
verter, and, as a consequence, a reais © circulating 
load of magnetite from converter to treatment 
mes and back again, are already widely recog- 
nized. 


It is nevertheless possible that the magnitude of 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


Table VIII. Factors Affecting Copper Losses in Slags 


Reverberatory Furnaces Converter Slags 


Copper in Slags 


SiO, in Cu in 


Range No. Average Slags Mattes SiO, Fe,0, 
0.27-0.43 6 0.36 38.3 32.0 2/ak: 17.3 
0.44-0.50 7 0.48 36.8 36.4 23.5 19,3 
0.60-0.92 5 0.77 35.2 53.3 21.4 PEA 


the copper losses resulting from the presence of 
magnetite in the converter slag is even yet not fully 
appreciated. Since the first draft of this paper was 
presented (February, 1956), Barker, Jacobi, and 
Wadia’ have published the results of their experi- 
mental work with Cerro de Pasco converter slags. 
Having investigated the effect of magnetite in the 
slag on the loss of copper, they diverted the molten 
converter slag from 1 reverberatory treatment 
furnace, and carried out experiments on the sepa- 
rate treatment of converter slag for the recovery 
of its contained copper, as a result of which they 
estimated that their total copper-slag losses could 
be reduced from 6.08 tons per day to 2.81 tons, a 
saving of no less than 53.8 pct. 

The results of the investigation at Cerro de Pasco 
have encouraged a detailed examination of the data 
obtained through the converter questionnaire to de- 
termine whether, in spite of the wide variations in 
practice which they disclose, some additional light 
could be shed on this complex but highly important 
question. By grouping the reverberatory-furnace 
slags into (a) low, (6) medium, and (c) high copper 
content, with corresponding analyses, some indica- 
tion is obtained of the factors affecting copper 
losses, as shown in Table VIII. 

Although only 18 plants submitted adequate data 
for inclusion in Table VIII, the available data do 
indicate that, on the average, low copper losses in 
these slags were produced under conditions of 
(a) high silica in the reverberatory slags, (b) low 
copper in the matte produced (a factor long known), 
(c) high silica in the converter slags treated, and 
(d) low magnetite in the converter slags. That these 
influences are cumulative is strongly suggested by 
the fact that an increase of 114 pct in the copper 
loss from 0.36 to 0.77 pct is accompanied by a de- 
crease of 8 pct in the silica of the reverberatory 
slag, an increase of 66 pct in the matte grade, and 


Table IX. Effect of Silica in Converter Slags on Copper Losses 
in Treatment Furnace Slags 


Converter Slags Treatment Furnace 


Aver- SiO, Cu 
Treatment No of Range age Cu in in in 
Furnace Plants of SiO, SiO, Matte Slag Slag 
Reverberatory 6 10-21 18.4 42.7 35.3 0.59 
Reverberatory 5 22-24.5 23.3 32.9 35.0 0.52 
Reverberatory 6 25-27 25.3 45.1 38.6 0.48 
Reverberatory 7 27.5-31 28.6 33.9 36.1 0.45 
Total or 
weighted average 24 10-31 24.1 38.7 36.3 0.51 
Blast 5 13-19 16.6 48.9 32.8 0.49 
Blast 5 21-24 22.0 40.1 34.9 0.41 


Total or average 10 13-24 19.3 44.5 33.9 0.45 
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Table X. Effect of Magnetite in Converter Slags on Copper Losses 
in Treatment Furnace Slags 


Converter Slags Treatment Furnace 


Aver- Cu SiO, Cu 


No. of Range Average age in in in 
Plants of Fe,0, Fe,0, SiO, Matte Slag Slag 
6 7-16 13.0 26.8 40.0 38.8 0.46 
6 17-20 18.6 25.2 
6 21-35 26.6 20.4 37.7 36.7 0.57 
Total or 
average 18 7-35 19.4 24.1 0:52 


a decrease of 21 pct and an increase of 28 pct in the 
silica and magnetite, respectively, of the converter 
slag. The last 2 factors are of particular interest, 
Since they are under the control of the operators, 
and an analysis of the effect of silica is shown in 
Table [IX for 24 reverberatory and 10 blast-furnace 
plants treating the slags. 

In Table IX the copper in the matte and the silica 
in the slag of the treatment furnaces are shown, 
since these are also factors affecting copper losses. 
For the 24 reverberatory plants there is a slightly 
favorable but very irregular trend in matte grade 
and a slightly unfavorable trend of silica in the re- 
verberatory slags, but the consistent drop in slag 
losses with increasing silica in the converter slags 
is convincing evidence of the favorable effect of the 
latter. This should be expected, however, since 
converter slags high in silica are of lower gravity 
and less mushy than those low in silica. For the 
blast furnace plants the effect is equally striking; 
in this case the matte grade is definitely favorable 
and the silica in the blast furnace slags rather 
unfavorable. 

The effect of magnetite in the converter slags on 
treatment furnace slag losses is shown in Table X, 
but in this case the data are available for only 18 
reverberatory plants. Similar data are available 
for only 5 blast furnace plants, and, since the cop- 
per in the slags varies only from 0.27 to 0.30 pct, 
no trend can be shown. 

Table X shows a fairly consistent relation between 
the magnetite in the converter slags and slag losses 
in the reverberatory treatment furnaces. In this 
case the result is almost unaffected by the grade of 
matte or the silica in the reverberatory slags, but 
is favored by the silica in the converter slags. It is 
perhaps immaterial whether one ascribes the lower 
copper losses to the lower magnetite or to the higher 
silica in the converter slags, since, as shown in 
Fig. 1, these factors are fairly closely related, and 
any metallurgical change which improves one of 
them should give a favorable result. 


LIFE OF REFRACTORIES 


It is reasonably clear from the foregoing that the 
use of a higher temperature and a more siliceous 
converter slag would not only improve converter 
operation by greatly reducing the magnetite content 
of the slag, increasing its fluidity, decreasing its 
copper content, improving the oxygen efficiency, and 
reducing the labor of punching, but would make an 
even greater improvement in reverberatories treat- 
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ing the converter slag, by decreasing or eliminating 
the build-up of the bottom, increasing the fluidity of 
the slag, decreasing metal losses, and reducing 
costs. 

This general picture is not altogether new to most 
copper metallurgists, and the reason why such mod- 
ifications in practice have not been widely adopted 
appears to lie in the fear that the result would be a 
greatly reduced life of the converter refractories— 
so greatly reduced, some may feel, as to more than 
outweigh all of the technical and economic advan- 
tages on the other side of the ledger. This situation 
must be examined. 

Taking first the case of magnesite brick, which—at 
least until recently—have been the type most widely 
used in converter linings, what evidence is there as 
to the effect upon them of more siliceous slags and 
higher temperatures ? 

As a source of fundamental information on this 
subject, the work of the Geophysical Laboratory is 


again most helpful, and the essential data are 
contained in a monumental paper by Bowen and 
Schairer.® Since the paper was published 20 years 
ago, inquiry was recently made of Dr. Schairer as 
to the present validity of their findings, and espe- 
cially as to the FeO corner of the MgO-FeO-SiO, 
diagram, which is of greatest interest to converter 
operators, and he has replied that the chart and 
dashed lines “must quite closely represent the 
facts.” It is from the data of this paper that Fig. 2 
has been drawn. 

Fig. 2 shows for temperatures in the range 
2192°F (1200°C) to 2462°F (1350°C) the solubility 
of magnesia in straight ferrous-silicate slags of 
silica contents ranging up to 40 pct; that is, the 
amount of magnesia that could be taken up by the 
slag before it became saturated, when solution would 
of course stop. It is unlikely that in practice this 
equilibrium is ever actually reached, but the chart 
is of value by indicating the limits beyond which so- 
lution could not go. 

The most striking thing about the curves is their 
unusual form, which means, for example, that at 
2282°F (1250°C) a slag of 29 pct SiO, will dissolve 
no more magnesia (1.6 pct) than one of 22 pct SiO,, 
and that at 2372°F (1300°C) one of 31 pct SiO, will 
dissolve no more (4.6 pct) than one of 24 pct. Putting 
it another way, there should be no more corrosion of 
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Fig. 2—Solubility of magnesia in ferrous silicate slag. 
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(unprotected) magnesite brick, in the range of tem- 
perature cited, by an increase of 7 pct in the silica 
content of the converter slag. Strange to say, within 
the 2 ranges of silica content the solubility of mag- 
nesia is very slightly greater than at the particular 
percentages given, but the difference is so small as 
to be unimportant. 

Increases in temperature, however, do not follow 
a similar pattern, and, for the silica ranges in which 
most converter operators are interested, Fig. 2 
shows that an increase of 90°F (50°C) in tempera- 
ture will increase the solubility of magnesia by 
about 2.5 percentage points, which is equivalent to 
rather more than doubling it. The question then is, 
could an increase from say 5 pct of the total cost 
of converting to 11 to 12 pct be justified by the ad- 
vantages to be gained in ease of converting, reduc- 
tion of reverberatory build-up and reverberatory 
slag losses? In the authors’ opinion, the advantages 
would much more than justify the extra cost of re- 
fractories, for the potential reduction in metal 
losses alone should in most cases outweigh it. As 
Gronningsater® said in 1942, “I quite agree with 
Lathe that saving of refractories can be overdone, 
and I believe frequently has been overdone, for the 
sake of uneconomical lining records.” 

However, the increased corrosion of magnesite 
brick at higher temperatures suggests that one 
should consider another alternative, which is to use 
a chrome-magnesite brick containing only a small 
proportion of added magnesia. Conceivably, the 
objection may be raised that chrome brick are hard 
to smelt for the recovery of adsorbed copper. To 
that very fact the authors attribute the high resist- 
ance of chrome-magnesite brick to the corrosion of 
ferrous Silicate slags. That resistance certainly 
holds even for 30 pct SiO, slags at 2372° to 2462°F 
(1300° to 1350°C),conditions which should be suf- 
ficient to minimize or wholly eliminate the many 
troubles now experienced with slags and mattes high 
in magnetite. Under such conditions, there will of 
course be little or no magnetite coating on the con- 
verter brick. 


DETERMINATION OF MAGNETITE 


The authors have not checked any of the methods 
suggested for the determination of magnetite, but, 
for the sake of those who require a reliable method 
for the determination of magnetite in both mattes 
and slags, call attention to methods described by 
Sosman and Hostetter,*° Hawley," Roberts and 
Nugent, Drummond, ** and Ellwood and Henderson. 
Sosman and Hostetter alone use a “magnetic bal- 
ance,” that is, determine the attraction of a sample 
by a magnet of constant strength. Most of the others 
dissolve sulfides in a nitric-chlorate mixture and 
determine magnetite in the residue. The latest of 
these methods is that of Ellwood and Henderson, ° 
who say theirs is a modification of the method of 
Drummond,** and describe it as follows: 

“Half gram portions of the sample were heated 
to boiling in conical flasks with 10 ml of a satu- 
rated solution of potassium chlorate in concen- 
trated nitric acid and kept just boiling for 5 min. 
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Practically all of the sample (matte) except mag- 
netite was dissolved. The solution was diluted with 
water and filtered. The residue was washed and 
boiled with concentrated hydrochloric acid until a 
magnet showed that no more magnetite material 
remained undissolved. 


“The iron in solution was then reduced by metallic 


lead, the solution filtered and the filtrate cooled, fol- 
lowing the addition of 15 cc of a sulfuric-phosphoric 
acid mixture (630 cc concentrated H,SO,, 250 cc 

H, PO, [sp gr-1.7], and 1,000 cc H,O), and titrated 
against acidified ceric sulfate solution, using phenyl 
anthranilic acid as an indicator.” 
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The Temperature Dependence of the 


Yield Stress of Copper and Aluminum 


In tests on polycrystalline copper and aluminum, the vatio of the yield stress to 
modulus of elasticity was found to be strongly dependent on temperature. Also, it was 
shown that the change of the yield stress with temperature of a material at a given 
temperature and deformed to a given yield stress, but not necessarily to the same 
strain, does not depend on previous mechanical thermal history. Likewise, for a ma- 
terial at a given temperature and deformed to a given yield stress, the vate of work 
hardening is independent of the temperature of prior stressing. — 


W. D. Sylwestrowicz 


Ir has been shown by Los and Orowan’ and by Dorn, 


Goldberg, and Tietz* that the temperature depend- 
ence of the yield stress-strain curves of crystalline 
materials reflects two effects: not only does the 
yield stress of a material in a given structural state 
depend on the temperature, but the structural state 
(and the corresponding strain hardening) after a 
given amount of plastic straining also depends on 
the temperature at which the pre-straining has been 
carried out. Thus, for instance, if a specimen of a 
ductile metal has been strained along the stress- 
strain curve 1 at room temperature to point A, 

Fig. 1, and then the straining continued in liquid ni- 
trogen along curve NR, the yield stress A’ imme- 
diately after lowering the temperature is lower than 
the yield stress A’’ of a specimen that has been 


strained by the same amount in liquid nitrogen (along 


W. D. SYLWESTROWICZ, is associated with Bell Telephone Labo- 
ratories, Inc., Murray Hill, New Jersey. 
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curve 3). AA’ represents the effect of the tempera- 
ture change upon the yield stress of the specimen 
pre-strained at room temperature; A’ A’”’ is the ex- 
cess strain hardening acquired if the pre-straining 
has been carried out in liquid nitrogen instead of at 
room temperature. 

The dependence of the yield stress (i.e., of the 
structural state acquired during preceding straining) 
upon the conditions (speed, temperature) of a pre- 
straining is the reason for the nonexistence of a so- 
called “mechanical equation of state” for plastic 
deformation. A “mechanical equation of state” is a 
relationship of the form 


= 0, or = 7) [1] 
It was first suggested by Ludwik®* that plastic defor- 
mation might obey such an equation; this, however, 


was conclusively disproved by experiments of 
Kochendorfer.* Additional disproofs were given in 
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STRAIN 
Fig. 1—Stress-strain curves of copper specimens, strained 
at different temperatures. Curve No. 1—at 300°K; Curve 
No. 3—at 76°K; Curve RN —at 300°K after pre-straining at 
76°K; Curve NR — at 76°K after presenting at 300° K. 


Refs. 1, 2. The physical reason why a relationship 
of type [1] is not valid is that the structural state of 
the material is not determined solely by the plastic 
strain it has undergone but depends also on the tem- 
perature and the rate at which the straining was 
carried out. For this reason, the strain rate is not 
determined by the current values of o, €, and T but 
depends on the entire mechanical thermal past of 
the material. 

The knowledge of the pure temperature depend- 
ence of the yield stress (represented by the quantity 
AA’ in the example given in Fig. 1) is of a great in- 
terest because it must give valuable indications 
about the mechanism of strain hardening. A number 
of mechanisms of strain hardening have been sug- 
gested, and there is no doubt that different mechan- 
isms are at work not only in different materials but 
also in the same material, either simultaneously or 
consecutively in the course of straining. In most of 
these mechanisms the factors in the expression for 
the yield stress, which depend on temperature (elas- 
tic modulus, dislocation energy) do not depend on 
strain. In this case the ratio of the yield stresses 
at two fixed temperatures would be the same for all 
states of hardening, provided that there operates 
only one mechanism of work hardening. If another 
mechanism is also of influence upon the yieldstress, 
the temperature dependence may not be of this 
simple pattern, unless both mechanisms show the 
same temperature dependence. 

Although the inadequacy of the mechanical equa- 
tion of state has been proved, this may not affect 
the temperature dependence of the yield stress, in 
that the drop of the yield stress of a specimen pre- 
strained at the low temperature, on heating to room 
temperature, may be equal to the rise of the yield 
stress of a specimen pre-strained at room tempera- 
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ture, on cooling to the low temperature, provided 
that the specimens had the same yield stress at the 
lower (or the higher) temperature. In other words, 
it is possible that AA’ = BB’, Fig. 1, if, as assumed, 
both specimens are pre-strained so as to possess 
the same yield stress at the temperature of liquid 
nitrogen. In what follows, experiments will be de- 
scribed with polycrystalline specimens of aluminum 
and copper which show that the simple relationship 
AA’ = BB’ is, in fact, well obeyed. 


MATERIALS AND EQUIPMENT 


High purity copper (99.999 pct Cu) and aluminum 
(99.995 pct Al) were used in the experiments de- 
scribed in this paper. Copper wire specimens drawn 
through a diamond die of 0.05 in. diam were cut toa 
length of 3 in., annealed in an argon atmosphere at 
260°C for % hr, straightened between glass plates 
and then reannealed at 260°C for 72 hr in an argon 
atmosphere. The aluminum wire specimens of 
0.06 in. diam were annealed in vacuum at 340°C for 
45 min. The aluminum specimens were tested in a 
specially built tensile testing apparatus shown in 
Fig. 2a.* The specimen was extended by a pulling 


*The apparatus was originally built by Ebner, Epple, and Orowan in 
the Dept. of Mech. Eng., M.I. T. and modified for the present work. 


rod driven by a synchronous motor through a gear- 
box; the travel of the rod determined the plastic 
strain since the long thin wire specimen required 
only a minor correction for obtaining the effective 
gage length. The load was measured by the defor- 
mation of a phosphor-bronze ring with two mirrors 
attached, and recorded by an optical lever on bro- 
mide paper in a rotating drum camera. A vacuum 
vessel with a hot or cold liquid could be raised to 
accommodate the specimen; the rods connecting the 
lower grip-carrier with the frame of the apparatus 
were made of glass to reduce heat losses. The 
copper specimens were tested in an insert* fitted 


*Built in the Bell Telephone Labs. 


to an Instron testing machine which recorded load 
and extension; temperature baths were applied as 
in the apparatus in Fig. 20. A constant rate of 
straining of 0.01 min~* was used in the tests for 
copper and 0.0025 min-*, for aluminum specimens. 


EXPERIMENTS 


1) Effect of Temperature on the Yield Stress: Its 
Independence from the Mechanical-Thermal His- 
tory—Fig. 3 shows a number of stress-strain curves 
for high purity copper deformed in tension in the 
following ways: Specimens were extended at a tem- 
perature of 300°K to various amounts of plastic 
strain (points A, B, C, and so on, on curve 1); at the 
points A, B, and so on, the load was reduced to the 
small amount of 3 lb, (1400 lb per sq in.) the speci- 
men immersed in a bath of liquid nitrogen and the 
extension resumed at 76°K. Yielding started at this 
temperature at the points A’, B’, C’, and so on; 
curve 2 gives the locus of the yieldstresses in liquid 
nitrogen after various amounts of preceding defor- 
mation at room temperature. Curve 3 is the stress- 
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(b) (a) 
strain curve for deformation in liquid nitrogen 
throughout. : 

Fig. 4 gives the results of corresponding exper- 
iments with pre-straining at 76°K. Again 3 is the 
stress-strain curve at the temperature of liquid 
nitrogen. Various specimens were strained along 
this curve to the points A, B, C, D, respectively, 
then warmed up to room temperature under the load 
of 3 lb, and the extension was resumed. A’, B’, C’, 
D’ are the points at which yielding started at room 
temperature after pre-straining in liquid nitrogen; 
curve 4 connects A’, B’, C’, and so on. 

In Fig. 5 curves 1 to 4 are plotted together. They 
can be used for answering the fundamental question 
already mentioned in the foregoing: If two specimens 
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Fig. 3—Stress-strain curves for copper specimens, 
strained at 76°K after pre-straining at 300°K. Curve No. 
1—at 300°K; Curve No. 2— locus of yield points of spec- 
imens strained at 76°K after pre-straining at 300°K; Curve 
No. 3—at 76°K. 
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specimens. 


of the same material but of different mechanical- 
thermal histories have the same yield stress ata 
certain temperature, do they have equal yield 
stresses at any other temperature? Leta speci- 
men be extended at room temperature along curve 1 
to a point A, and then cooled down to the tempera- 
ture of liquid nitrogen, at which its initial yield 
stress is given by point A’on curve 2. A specimen 
extended along curve 3 to point B’ has the same 
yield stress at this temperature; if it is heated up 
to room temperature, its yield stress drops along 
the vertical BB to point B on curve 4. It is seen 
that points A and B lie on a horizontal line; in other 
words, the two specimens, of different mechanical- 
thermal history, have the same yield stress not only 
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Fig. 4—Stress-strain curves for copper specimens, 
strained at 300°K after pre-straining at 76°K. Curve No. 
1— at 300°K; Curve No. 3—at 76°K; Curve No. 4 — locus 
of the yield points of specimens strained at 300°K after 
pre-straining at 76°K. 
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Fig. 5—Stress-strain curves for copper specimens at 
300°K and 76°K and loci of the yield points of the speci- 
mens strained at 300°K and 76°K after pre-straining re- 
spectively at 76°K and 300° K. Curve No. 1—at 300°K; 
Curve No. 2—locus of the yield points of the specimens 
strained at 76°K after pre-straining at 300°K; Curve No. 
3—at 76°K; Curve No. 4—locus of the yield points of the 
specimens Strained at 300°K after pre-straining at 76°K. 


at the temperature of liquid nitrogen but also at 
room temperature: the effect of the temperature 
upon the yield stress is the same for the two speci- 
mens. Two additional parallelograms (dashed lines), 
one above and one below the parallelogram AA’ BB’, 
show that this is so with a very good approximation 
in a wide range of strains. 

Figs. 6, 7, and 8 show the corresponding curves 
for pure aluminum. With aluminum, there is a cer- 
tain ambiguity arising from the Cottrell-Stokes yield 
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Fig. 6—Stress-strain curves for aluminum specimens, 
strained at 76°K after pre-straining at 300°K. Curve No. 
1—at 300°K; Curve No. 2—locus of the yield points of 
specimens strained at 76°K after pre-straining at 300°K; 
Curve No. 3 —at 76°K. 
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Fig. 7—Stress-strain curves of aluminum specimen, 
strained at 300°K after pre-straining at 76°K. Curve No. 
1—at 300°K; Curve No. 3—at 76°K; Curve No. 4—locus 
of the upper yield points of specimens strained at 300°K 
after pre-straining at 76°K. 


phenomenon® which was also observed and studied 
by the present author in the initial part of this in- 
vestigation. Although the specimens used were 
polycrystalline wires, the results were substantially 
identical with those obtained by Cottrell and Stokes 
with single crystals. When a single crystal or a 
polycrystalline specimen of aluminum is pre- 
strained at a low temperature, heated to room 
temperature, and strained again, its plastic de- 
formation begins with a fairly sharp drop of stress 
similar to that of the yield phenomena due to strain 
aging. Should point B’ in Fig. 1 be identified with 
the upper or the lower yield point? It is natural to 
use the upper yield point because points B and B’ 
should represent the yield stresses of the same ma- 
terial, in the same structural state, at two different 
temperatures. Since the incidence of yielding 
changes the structural state, the upper rather than 
the lower yield point is the appropriate quantity to 
use. In Fig. 7 the Cottrell-Stokes yield phenomenon 
can be seen on the curves representing specimens 
strained at room temperature after being pre- 
strained in liquid nitrogen. For the reason given 
above curve 4 was drawn through the upper yield 
points. Fig. 8 contains the stress-strain curves at 
room temperature (1), in liquid nitrogen (3), the 
yield locus at the temperature of liquid nitrogen 
after pre-straining at room temperature (2), and 
the upper yield points measured at room tempera- 
ture after pre-straining in liquid nitrogen (4). As 
in Fig. 5, three quadrilaterals are drawn in the 
manner described. It is seen that all three quadri- 
laterals are parallelograms, demonstrating that for 
aluminum as for copper the pure temperature de-~ 
pendence of the yield point is not influenced by the 
mechanical-thermal conditions under which a given 
yield stress (at a given temperature) was reached. 
It is interesting to see how this result changes if 
curve 4 is based on the lower, instead of the upper 
yield point. Fig. 9 illustrates this. If the upper 
horizontal side and the adjacent vertical sides would 
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Fig. 8—Stress-strain curves for aluminum specimens, 
strained at 300°K and 76°K and loci of the yield points of 
the specimens strained at 76°K or 300°K after pre-strain- 
ing respectively at 300°K or 76°K. Curve No. 1—at 
300°K; Curve No. 2—locus of the yield points of speci- 
mens strained at 76°K after pre-straining at 300°K; Curve 
No. 3—at 76°K; Curve No. 4—locus of the upper yield 
points of specimens strained at 300°K after pre-straining 
at 76°K. 


be drawn as in Figs. 5 and 8, the fourth side would 
be no longer horizontal: The left hand vertical side, 
leading down to the lower yield point, is now longer 
than the right hand vertical side. The difference is 
insignificant for the smallest quadrilaterals, but 
clearly evident for the others. Since pure aluminum 
has a measurable rate of softening at room temper- 
ature, the difference Ao between the two vertical 
sides might be attributed to recovery suffered while 
the specimen was warmed up to room temperature. 
To recognize whether the magnitude of recovery 
would be sufficient to account for the difference Ao, 


18X10? PSI 


_ TRUE STRESS 
@ 


STRAIN 


Fig. 9—Stress-strain curves for aluminum specimens, 
strained at 300°K and 76° K and loci of the yield points of 
the specimens strained at 76°K or 300°K after pre-strain- 
ing respectively at 300°K or 76°K. Curve No. 1—at 

300° K; Curve No. 2—locus of the yield points of speci- 
mens strained at 76°K after pre-straining at 300° K; Curve 
No. 3—at 76°K; Curve No. 4— locus of the lower yield 
points of specimens strained at 300°K after pre-straining 
at 76°K. 
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experiments were carried out in which the speci- 
mens were Strained in liquid nitrogen, heated to 
room temperature, and kept there for a certain time 
without straining, then cooled in liquid nitrogen and 
re-strained. It was found that the drop of yield 
stress due to the room temperature annealing did 
in fact account approximately for the differences 
Ao in Fig. 9. 

If the difference Ao between the lengths of the 
vertical sides of the quadrilaterals in Fig. 9 repre- 
sents on one hand the yield drop, on the other the 
thermal softening occurring on heating to room 
temperature, a possible interpretation of the Cot- 
trell-Stokes yield phenomenon could be suggested. 
The phenomenon may be due to thermal recovery 
which, for some reason, remains latent until a 
stress barrier (the upper yield point) has been 
overcome. When the specimen is strained at low 
temperature after room-temperature annealing, the 
barrier may be unobservable because its height may 
be below that of the normal low-temperature yield 
stress. Whether such an interpretation is possible 
cannot be recognized from the few recovery ex- 
periments available. 

2) Approximate Independence of the Rate of Strain 
Hardening from the Mechanical-Thermal History— 
Fig. 10 shows the stress-strain curves of copper at 
room temperature (1), in liquid nitrogen (3), and two 
of the stress-strain curves (a’ and b’) partially in- 
cluded in the preceding Fig. 4. Curves a’ andb’ 
were obtained by straining specimens in liquid ni- 
trogen to the points A and B, heating them to room 
temperature, and continuing the extension. If these 
curves are displaced horizontally into the dotted 
positions, as indicated by the arrows (which cor- 
responds to a shift B A on Fig. 5), they coincide 
within the reproducibility of the measurements with 
the room temperature stress-strain curve 1. Fig. 11 
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Fig. 10—Stress-strain curves for copper specimens, 
strained at 300°K after pre-straining at 76°K. Curve No. 
1—at 300°K; Curve No. 3—at 76°K; Curves a’ and b’ —at 
300° K after pre-straining at 76°K. 
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Fig. 11—Stress-strain curves for copper specimens, 
strained at 76°K after pre-straining at 300°K. Curve No. 
1—at 300°K; Curve No. 3—at 76°K; Curves a’ and b’ —at 
76° K after pre-straining at 300°K. 


shows the same fact for two of the curves already 
presented in Fig. 3. Curve a’ was obtained by 
straining a specimen to point A on curve 1 at room 
temperature, cooling down in liquid nitrogen, and 
continuing the extension; curve b’ corresponds to 
straining at room temperature to point B. If curves 
a’ and b’ are displaced to the left according to the 
arrows, they coincide with the liquid nitrogen 
curve 3. Figs. 12 and 13 have been obtained in the 
same manner with pure aluminum; they correspond 
to the preceding curves in Figs. 10 and 11. 

Figs. 10 to 13 show that, within moderate ranges 
of strains, the stress-strain curve of a specimen 
pre-strained at a temperature 7, so as to have 
a yield stress o at another temperature T, co- 
incides with a good approximation with the stress- 
strain curve of a specimen that has been pre- 
strained at temperature T, to the same stress 
level o. That this does not hold accurately in wide 
ranges of strain has been demonstrated by Dorn, 
Goldberg, and Tietz” for pure aluminum. However, 
the preceding figures, as well as the work of Dorn, 
Goldbert, and Tietz on 2S aluminum and brass, in- 
dicate that the stress-strain curve starting from a 
given stress level at a given temperature is re- 
markably independent of the mechanical-thermal 
history. It should be noted that the discrepancy 
found by Dorn, Goldberg, and Tietz in the case of 
pure aluminum became more serious at higher 
strains; their measurements extended to strains 
of nearly 40 pct while in the present measurements 
the strain did not exceed 12 pct. This may be at 
least partly the reason why major effects of the 
mechanical-thermal history upon the rate of hard- 
ening of materials of equal yield stress have not 
been found in the present experiments. In fact, the 
important and remarkable point seems to be that 
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the rates of strain hardening of different specimens 
of equal yield stress at a given temperature are 
very nearly equal at moderate strains rather than 
that they diverge at large strains. This seems to 
indicate a characteristic feature of the mechanism 


of strain hardening; it may be the circumstance that } 


the ability of a structural defect to hinder slip and 
to give rise to further structural defects is not di- 
rectly related to its thermodynamic stability, 1.05 
to the activation energy required for its removal by 
a thermal fluctuation, which depends on the past 
history of deformation as was shown by Tietz, 
Anderson, and Dorn.° 

3) Yield Phenomena in Copper—Curves A’, B’, 
C'in Fig. 4, representing stress-strain curves of 
copper wires at room temperature after pre-strain- 
ing in liquid nitrogen, show no indication of the 
Cottrell-Stokes yield phenomenon. This appears 
faintly on curve D’, at a pre-strain of nearly 15 pct; 
sharp yield drops are present only on the curves 
taken after pre-strains exceeding 20 pct. 

On the other hand, all stress-strain curves of 
copper taken in liquid nitrogen after pre-straining 
at room temperature begin with a horizontal por- 
tion, 7.e., they show a mild yield phenomenon. This 
has not been observed in aluminum. It may well be 
essentially different from the Cottrell-Stokes phe- 
nomenon. 

Stress-strain curves recorded by Adams and 
Cottrell’ on copper single crystals strained at low 
temperature after straining at a higher temperature 
also frequently show an initial horizontal or nearly 
horizontal part, similar to those seen in Fig. 3. Also 
Haasen and Kelly® report yield phenomenon for 
single crystals of nickel pre-strained at higher 
temperature. 

4) Temperature Dependence of the Yield Stress 
at Different Levels of Strain Hardening— Whether 
strain hardening is of the Taylor” type (interaction 
of essentially parallel dislocations), of the disloca- 
tion extrusion type,*° or a consequence of the 
stretching of dislocations” or stacking faults,” it 
depends on certain physical quantities such as an 
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Fig. 12—Stress-strain curves for aluminum specimens, 
strained at 76°K after pre-straining at 300°K. Curve No. 
1—at 300°K; Curve No. 3 —at 76°K; Curves a’ and b’ —at 
76°K after pre-straining at 300°K. 
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Fig. 13—Stress-strain curve for copper specimen, 
strained at 300°K after pre-straining at 76°K. Curve No. 
1—at 300°K; Curve No. 3—at 76°K; Curve a’ —at 300°K 
after pre-straining at 76°K. 


elastic modulus, atomic spacing, or dislocation ten- 
sion, and on the nature and spacing of the relevant 
types of obstacles to slip. The latter remain con- 
stant if the temperature is raised or lowered without 
accompanying structural changes; the effect of the 
temperature on the yield stress then consists in 
changing the physical quantities involved. These 
enter the usual expressions for the yield stress 
(e.g., 0 ~ I'/bd where I is the energy of the dis- 
location per unit length, 6 Burgers vector, and d 
spacing between obstacles) in the form of a factor 
separated from the factor that represents the in- 
fluence of the hardening flaws; consequently, the 
ratio of yield stresses at two given temperatures 
should be independent of the level of strain harden- 
ing, provided that the yield stress is predominately 
determined by one mechanism of hardening. This 
is not so if the dislocation driving stress” (e.g., the 
Peierls-Nabarro force,’»** or a nonsinusoidal dis- 
location immobilizing force) is a significant and es- 
sentially additive part of the yield stress. The ratio 
of the yield stresses at two given temperatures 7, 
and 7, is then 


+ 
[2] 
+ Tne 


where 0, is the driving stress and o, the part of 
the yield stress contributed by strain hardening at 
temperature T,. Obviously, 7,, depends now on the 
relative magnitudes of o, and o, unless both happen 
to have the same temperature dependence. Simi- 
larly, if the mechanism of strain hardening changes 
with increasing strain, g will in general depend on 
the preceding strain. 

Both Dorn and his collaborators, and Cottrell and 
Stokes found that in the case of aluminum the ratio 
diz was substantially independent of the strain ina 
wide range, except for very small strains. Fig. 14 
shows that this is the case with copper also. This 
is not surprising since copper, like aluminum, has 
a very low driving stress (initial yield stress) com- 
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pared to the yield stress. The strain-independence 
of the ratio 7 ,, also shows that there is no reason 

for assuming a significant change of the mechanism 
of hardening in the strain range examined. 

5) Temperature Dependence of the Yield Stress— 
Cottrell and Stokes have measured the temperature 
dependence of the yield stress of aluminum crystals 
and found that it decreased with the temperature 
much more rapidly than Young’s modulus. They 
pointed out that this was at variance with most dis- 
location theories of strain hardening in which the 
temperature dependence of the yield stress is due 
mainly to the fact that it contains an elastic modulus 
as a linear factor. Subsequently, Adams and Cottrell’ 
found that the yield stress of copper crystals in fact 
decreased with the temperatures in proportion with 
Young’s modulus about 250°K; below this tempera- 
ture, it behaved like the yield stress of aluminum in 
that its temperature dependence was much stronger 
than that of the elastic moduli. They interpreted 
this by assuming that, above 250°K, the yield stress 
was due substantially to long-range interactions of 
dislocations which are governed by the macroscopic 
values of the elastic moduli. 

Fig. 15 shows the temperature dependence of poly- 
crystalline copper measured in the present experi- 
ments, between 76° and 394°K (curve a); the quantity 
plotted is the ratio of the yield stress to the yield 
stress at 76°K. In this temperature range, the yield 
stress decreased by 20 pct. Curve b is the same 
quantity divided by the value of Young’s modulus at 
the same temperature, as measured by Koster”; 
Koster’s values have also been used by Adams and 
Cottrell. The ratio: yield stress/Young’s modulus 
shows no sign of becoming constant above 250°K. 

It would be difficult to attribute the divergence be- 
tween Fig. 15 and the corresponding measurements 
of Adams and Cottrell to the fact that the material 
used in the present experiments was polycrystalline; 
since polycrystalline materials have an additional 
strain hardening due to the (long-range) interaction 
of dislocations piling up at grain boundaries, the 
temperature-dependence of the yield stress ought 

to conform to that of the elastic moduli even more 
closely than in the case of single crystals. 

The fact that the yield stress decreases with in- 
creasing temperature more rapidly than the elastic 
moduli could be explained as follows. The factor 
E or G appears in theoretical expressions for the 
yield stress usually because the energy of the dis- 
location has been assumed to be proportional to the 
elastic energy of its surroundings. However, the 
greater part of the dislocation energy may be that 
of the central regions where Hooke’s law and the 
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Fig. 14—Ratio of yield stresses at 300°K and at 76°K for 
copper specimens at different strains. O— ratio meas- 
ured in cooling from 300° to 76°K, @— ratio measured in 
heating from 76° to 300°K. 
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Fig. 15—Ratio of yield stresses at different temperatures 
to the yield stress at liquid nitrogen. Curve a — ratio 
g,/0,; Curve b — ratio Ey/oyE,. 


macroscopic values of the elastic constants are not 
applicable. There is no reason why the tempera- 
ture dependence of this part of the energy should be 
similar to that of the elastic energy in the Hookean 
regions. Consequently, the proportionality between 
the yield stress and the elastic moduli is the con- 
sequence of a simplification in all those theories of 
the yield stress in which this is proportional to the 
macroscopic elastic moduli. 


SUMMARY 


1) For high purity copper and aluminum the ef- 
fect of the temperature upon the yield stress of 
specimens having a given yield stress at a given 
temperature is independent of the mechanical- 
thermal history in the course of which the yield 
stress was acquired. 

2) If specimens having the same yield stress at 
the same temperature are strained at this temper- 
ature, the resulting stress-strain curve is approx- 
imately independent of the mechanical-thermal past 
within a moderate range of strains. 

3) High purity copper shows a yield phenomenon 
different from that observed by Cottrell and Stokes 
with aluminum: it occurs when a specimen pre- 
strained at room temperature is cooled in liquid 
nitrogen and strained again. The yield phenomenon 


of the type observed in aluminum is observable only 
at higher strains. 

4) The ratio of the yield stress to Young’s modu- 
lus is strongly dependent on the temperature. This 
may be a consequence of the fact that a significant 
part of the dislocation energy is that of the central 
regions in which Hooke’s law and the macroscopic 
values of the elastic moduli are not applicable. 
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Effects of Composition on Transformations in Titanium-Chromium Alloys 


H. |. Aaronson, W. B. Triplett and G. M. Andes 


Tue morphology and mechanism of the proeutectoid 
a and the eutectoid reactions have been recently in- 
vestigated in some detail in an iodide-base Ti—7.22 
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Technical Note 


pet Cr alloy." These studies have now been extended 
to an iodide-base Ti—10.8 pct Cr alloy in order to 
evaluate the effects of composition on the proeutec- 
toid and eutectoid transformations in titanium-chro- 
mium alloys. 

The alloy used in this investigation had the follow- 
ing composition: 10.8 Cr, 0.0327 O, 0.011 N, 
0.0063 H, and 0.011 pct C. Specimens of this alloy 
were heat treated in evacuated and internally get- 
tered Vycor capsules. The specimens were solu- 
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tion annealed for 40 min at 1000°C, isothermally 
transformed at temperatures ranging from 675° to 
500°C at intervals of 25°C, and then quenched in 
iced water. One tip of each capsule was broken off 
under molten lead during quenching to the reaction 
temperature in order to fill the capsule quickly with 
lead and thus accelerate the cooling of the speci- 
men. The remainder of the capsule was shattered 
during the iced water quench. 


PROEUTECTOID ALPHA REACTION 


The morphologies of proeutectoid @ previously 
reported in a 7.22 pct Cr alloy’ were also observed 
in the 10.8 pct Cr alloy. As shown in Table I, how- 
ever, the increase in chromium content reduces 
from 50° to 75°C the temperature at which those 
features of a-morphology whose formation or shape 
is temperature-sensitive will be reproduced. These 
reductions average somewhat larger than the cor- 
responding decrease in the transus temperature, 
from between 750° and 745°C in Ti—7.22 pct Cr to 
between 690° and 695°C in Ti—10.8 pct Cr. Dube** 
has previously found a similar correlation between 
the transus or Ae3 temperature and the temperature 
at which Widmanstatten sideplates replace grain 
boundary allotriomorphs as the predominant mor- 
phology in the proeutectoid ferrite reaction in plain 
carbon steels. 


EUTECTOID REACTION 


The mechanism of the eutectoid reaction in Ti— 
10.8 pct Cr is the same as that in Ti—7.22 pet, Cr: 
TiCr, and a precipitate successively from f in non- 
lamellar form. The TTT-curve for the beginning of 
the eutectoid reaction in Ti—10.8 pct Cr, shown in © 
Fig. 1, however, differs from the corresponding 


Table |. Effects of Composition on the Formation of Proeutectoid 
Alpha Structurés in Ti-Cr Alloys 


Temperatures of Forma- 


tion, °C@ 
In Ti-7.22 In Ti-10.8 

Proeutectoid Alpha Structure Pct Cri Pct Cr 
Sideplates are the predominant morphol- 
ogy at late reaction times 725°-675° 675°-625° 
Average spacing between sideplates, 
and the major types of sideplate degen- 
eracy are the same in both alloys> ay T —(50°-75°) 
Sheaves of sideplates appear more F 
frequently than single sideplates 625°-575° 550°-500 
Intragranular plates are the predominant : 
morphology at late reaction times 650°-550° 600°-500 
Intragranular plates appear almost 
entirely in sheaves 700°-575° 650°-525° 
“Black plates”! increasingly replace 
plates 600°-550° 525°-500° 
Intragranular “black plates” are eure 
in complex configurations, rather than 
in simple structures. 550° 500° 


aThe temperature ranges studied were 725° to 550°C in 7.22 pct Cr! 
and 675° to 500°C in 10.8 pct Cr. 

bApplicable between 725° and 625°C in 7.22 pct Cr and between 
675° and 550°C in 10.8 pct Cr. 
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Fig. 1—TTT-diagram for iodide Ti-10.8 pct Cr alloy. 
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curve for the Ti—7.22 pct Cr alloy in that it does 
not undergo a significant change in shape in the tem- 
perature range investigated. 

M. K. and A. D. McQuillan*® have concluded that 
the eutectoid temperature of the titanium-chromium 
system is ca. 500°C, rather than in the range of 
temperatures, 650° to 700°C, reported by previous 
investigators.°-° The failure of the earlier workers 
to decompose the B-phase completely at tempera- 
tures near the 650° to 700°C range was considered 
by the McQuillans to furnish strong support for a 
much lower value of the eutectoid temperature. 
During this investigation, however, complete trans- 
formation was attained from 500° to 625°C in the 
10.8 pct Cr alloy. The times required are plotted 
in Fig. 1. The microstructure of a specimen which 
was completely reacted at 625°C, a temperature 
only 20° to 25°C below the eutectoid temperature 
determined for this alloy, is shown in Fig. 2. This 
result provides good evidence that the eutectoid 
temperature of the titanium-chromium system lies 
above 625°C, rather than in the vicinity of 500°C. 

It is also consistent with the high-temperature X-ray 
diffraction data obtained by Margolin, Farrar, and 
Kirk*® on a Ti—15 pct Cr alloy, showing that 8, a, 
and TiCr, are present at temperature in a speci- 
men undergoing transformation at 600°C. 


DISC USSION 


The type of heat-treatment technique used in this 
investigation has been criticized on the grounds that 
it does not permit the specimens to be quenched 
from the solution-annealing temperature to the iso- 
thermal reaction temperature at a rate sufficiently 
rapid to prevent transformation from occurring 
during quenching.** This criticism, however, is 
clearly inapplicable in the case of the alloy used in 
this work. At each temperature studied, the rate of 
formation of proeutectoid a (and, of course, of 
eutectoid structure) was sufficiently slow to permit 
the B-phase to be wholly retained after intervals of 
isothermal reaction ranging from more than 1 min 
at 550°C to more than 1 day at 675°C. 

The cooling rates attained by the technique em- 
ployed during quenching from the reaction tempera- 
ture to room temperature have also been criticized 
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decomposition of B to proetectoid a and eutectoid structure 
at a temperature only 20° to 25°C below the eutectoid tem- 
perature. Ti-10.8 pct Cr, solution annealed 40 min at 
1000°C; reacted 23 days at 625°C. Etched in 60 pct glyc- 
erine, 20 pct HF, 20 pct HNO;. X500. 


as inadequate, and it has been claimed that many of 
the eutectoid and proeutectoid structures developed 
in specimens heat treated in this manner were ac- 
tually formed during quenching, at temperatures ap- 
preciably lower than the reaction temperature. 
Specimens quenched after increasing times at a 
given reaction temperature, however, almost cer- 
tainly cool at rates which vary more or less at ran- 
dom within a quite limited range. If these speci- 
mens transform anisothermally, then one can account 
neither for the systematic increase in the size of 
the proeutectoid a-crystals and thé eutectoid nod- 
ules nor for the orderly development of the mor- 
phology of these structures. As Van Thyne and 
Rostoker”™ have pointed out, the isothermal “coars- 


Surface Deformation Differences between 


and in Partial Vacuum 


K. U. Snowden and J. Neill Greenwood 


Ean y studies by Gough and Sopwith’ have shown 
that the fatigue resistance of certain metals in- 
creased when the test was carried out in a partial 
vacuum; lead showed this effect to a marked degree. 
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ening” of proeutectoid a-structures at late reaction 
times* is also inexplicable on this basis. Specimens 


*Unlike the growth processes which occur during the early stages of 
transformation, “coarsening” takes place with little or no increase in 
the total amount of « present in the microstructure. 


quenched from the lower reaction temperatures used 
in this investigation presumably cooled at the same 
rates, or perhaps at slightly lower rates, * ? through 
the temperature region in which the McQuillans con- 
sider transformation to be taking place as those 
quenched from the higher reaction temperatures. 

If the McQuillans’ views are correct, then specimens 
which were “nominally” reacted at the lower tem- 
peratures should exhibit either the same or some- 
what coarser structures than those “nominally” 
reacted at the higher temperatures. Experimen- 
tally, however, both the size and the inter-particle 
spacing of the proeutectoid a-crystals and of the 

a and the TiCr, crystals in the eutectoid struc- 
tures are found to decrease systematically and very 
substantially with decreasing reaction temperature. 
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Lead Fatigued in Air 


Technical Note 


This communication describes surface deformation 
differences between high-purity lead fatigued in air 
and in a vacuum of approximately 5 x 10-* mm Hg. 

Both air and vacuum tests were carried out by the 

same alternating flexure machine at a frequency of 
500 cpm. Flat cantilever-bend specimens with ta- 

pered sides were cut from strip, annealed at 100° Cy 
and chemically polished. 
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Fig. 1(a)-Specimen fractured in air at 
1.8 X 10° cycles X5. 


The influence of the partial vacuum on the fatigue 
life was as follows: 


Maminal Strain Average No. of Cycles to 


per Cycle Fracture 
Pct Air Vacuum 
0.15 1.8x 10° 1.3x 10° 
(6 specimens) (6 specimens) 
0.10 2.4x 10° 4.6x 10° 


(10 specimens) (2 specimens) 


The increase in fatigue life in vacuo was associ- 
ated with a marked change in fracture appearance, 
as shown in Figs. la and 1b. Specimens fatigued in 
air failed along grain boundaries with little surface 
deformation. Specimens fatigued in vacuo developed 
sets of furrows in the maximum shear stress direc- 
tion, i.e., at about 45 deg to the specimen axis. 
Failure took place along certain of these furrows. 


50 pet 


75 pet 


25 pct 
Fig. 2—Fatigue cracks opened up by bending at 25, 50, and 
75 pet of estimated life in air. X1. 
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Fig. 1(4)-Specimen fractured in vacuo 
at 1.5 x 108 cycles X5. 


Fig. 1(c)-Surface after 1.8 x 10° cycles 
in vacuo X5, 


In order to compare the surface deformation in 
air and in vacuo at the same number of cycles, a 
specimen was given the same number of cycles in 
vacuo as that required to fracture a similar speci- 
men in air. The result is shown in Fig. lc. By 
comparing Figs. la and Ic, it can be seen that the 
surface deformation is greater in vacuo as shown 
by the heavy markings on the latter specimen. This 
suggests that fatigue in vacuo causes more surface 
deformation even though the fatigue life is greater. 

These results would appear to be consistent with 
observations at a smaller cyclic strain already re- 
ported,” that fatigue cracks form at an early stage 
of the life in air. In the present work specimens 
were fatigued to different percentages of the life in 
air and bent about a 17/4-in. diam rod. The bending 
opened up cracks well before complete fracture, as 
shown in Fig. 2. Similar bend tests on vacuum- 
tested specimens showed no evidence of cracking 
after the same number of cycles. It would there- 
fore appear that the presence of fatigue cracks in 
the surface of air-tested specimens relieves the 
surface stress which consequently reduces the 
surface deformation. 
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Self-Diffusion of Silver in Molten Silver 


Self-diffusion coefficients of silver in molten silver have been measured by means of 
the capillary-reservoir method in the temperature range 1002° to 1105°C. The results 
can be represented by the equation D = (7.10+ 0.06) X 1074 exp [(—8150 + 1130)/ RT]. 

The heat of activation agrees within the limit of experimental uncertainty with that for 
the viscous flow. The validity of the Eyring and the Stokes-Einstein equations are ex- 
amined on the basis of the self-diffusion coefficients obtained and the known viscosity 


data of molten silver. 


Ling Yang, Satoshi Kado, and G. Derge 


M £asurEMENT of the self-diffusion coefficient 
of silver in molten silver was made in the tempera- 
ture range 1275° to 1378°K, using the capillary- 
reservoir method and Ag*’® as the radioactive 
tracer. The experimental arrangement is shown 

in Fig. 1. Silver of 99.99 pct purity (fine silver), 
was melted and degassed in vacuum in a graphite 
crucible situated inside a McDanel vacuum jacket. 
The crucible (4 in. tall and 1 in. ID) was protected 
both at the top and at the bottom with graphite 
shields and contained about 220 g of silver. The 
sample holder was a piece of graphite rod (1 in. 
long and 7 in. diam) with 4 capillaries drilled 
longitudinally into it. The holder was screwed onto 
a long graphite rod (12 in. long and 7% in. diam) 
which was connected to a steel disk hanging on a 
nylon string through a glass pulley. The steel disk 
kept the sample holder at the center of the McDanel 
tube and was heavy enough to overcome the buoyancy 
when the holder was lowered into the molten silver. 
By turning a handle connected to the pulley through 
a tapered glass joint, it was possible to raise or 
lower the sample holder without breaking the vac- 
uum. 

Two such arrangements were constructed, sitting 
side by side in 2 Kanthal furnaces. One with non- 
radioactive silver in its crucible was used for the 
diffusion run and the other with radioactive silver 
in its crucible was used for filling the capillaries. 
To fill the capillaries with radioactive silver, the 
sample holder was degassed first and then lowered 
into the radioactive molten silver in vacuum. Pu- 
rified argon gas was then admitted into the system 
to push the liquid silver into the capillaries. After 
cooling in argon, the filled capillaries were polished 
on emery paper to expose the top of the rod and used 
immediately as samples for the diffusion run which 
was carried out at the same temperature as that 
used for filling the capillaries. During the diffusion 
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run, the samples were degassed in vacuum and 
lowered slowly into the nonradioactive molten silver 
before purified argon was admitted into the system. 
After a predetermined period of time, the samples 
were raised out of the melt and cooled in argon. The 
temperature of the melt was measured before and _ 
after the run with a chromel-alumel thermocouple 
inside a McDanel protection tube. Another chromel- 
alumel thermocouple attached to the outside wall of 
the McDanel vacuum jacket was used to indicate any 
fluctuation in the temperature of the furnace during 
the run, which was found to be less than + 2°C for 
the longest run made (93 min). The temperature 
gradient inside the molten silver was found to be 
negligible. No significant difference was observed 
in the results obtained whether the melt was stag- 
nant during the run or was stirred by raising and 
lowering the sample holder slowly a few times a 
minute for a distance of about 7s in. inside the melt. 


Ground glass joint 
and pulley 


Ground glass joint 


To vacuum or 


argon gas Nylon thread 


Steel cylinder 


Graphite shield 


Fig, 1—-Experimen- 
tal arrangement for 
study of self-dif- 
fusion in molten 
silver. 


McDanel jacket 


20" 


LLL 


Graphite rod 


Graphite sample holder 
and capillaries 


Molten silver 


Graphite shield 
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After the diffusion run, the silver rods in the 
capillaries were separated mechanically from the 
graphite container and their lengths measured with 
a micrometer. They were then counted with a Gei- 
ger counter, from which the average residual speci- 
fic radioactivity C was calculated. The initial spe- 
cific radioactivity, C o of the silver sample was 
determined in the same manner, using silver rods 
obtained from the radioactive bath. Since the same 
diffusion bath was used for all the runs, its specific 
radioactivity had to be determined before and after 
each run and the average value was called C,. The 
self-diffusion coefficient D was calculated from the 
following equation 


= ( 


where 6 = (n*pt )/(417), ¢ being the time of diffusion 
in seconds and / the length of the capillary in centi- 
meters evaluated from the length of the silver rod 
corrected for its contraction due to solidification 
and temperature change. To facilitate the calcula- 
tion, the equation was plotted in the form of Dt/I” 
against (C — Cs)/(C, The Dt/l? values 
corresponding to the experimental (C —C sW(C, 

— Cz)-values were read from the curve and the 
D-values calculated from the corresponding ¢ and 
l-values. 


RESULTS AND DISCUSSION 


The results are shown in Table I and plotted in 
Fig. 2 as log D against 1/T. The least-square line 
drawn through the experimental points can be repre- 
sented by the equation 


D = (7.10 + 0.06) x 10°* exp [(—8150 + 1130)/R7] 


Since the viscosity coefficient 7 of molten silver 
has been measured,” it is of interest to test the 
validity of the Stokes-Einstein relationship, D = 
kT/(6mN 7), and the Eyring relationship, D = 
kT/2nr), between D, n, and the radius 7 of the dif- 
fusing species. The results are shown in Table II. 

As the metallic radius of silver is 1.44A and that 


© No 


Dx 10° 
(cm2/sec.) 


740 7.60 7.80 


1o*/T°K 
Fig. 2—Self-diffusion coefficients of silver in molten 
silver at various temperatures. 


8.00 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


Table |. Self-Diffusion Data of Silver in Molten Silver 


Avg 
Spec Initial 
Activ- Spe- Spe- 
ity of cific ific 
Sample Activ- Activ- 
after ity of ity of 
Diffu- Length Diffu- Diffu-_ Sample, Bath Dx 105, 
sion of Ca- sion sion, C, o> Cy Sq Cm 
Temp, pillary, Time, Cpm Cpm Cpm per 
OK Cm Sec perg perg perg Sec 
1275 2.22 5580 1500 1859 26.4 2.64 
1.80 3720 1498 1859 Suey/ 2.66 
2.10 3720 1526 1859 SULTS 2.98 
1285 DBA 3600 2017 2417 0 2.64 
1:21 3600 1756 2466 0 2.66 
0.70 3600 1170 2450 0 2.92 
1308 2.00 2700 1564 1859 50.2 3.06 
1.82 2700 1535 1859 50.2 3.06 
1.35 2700 1415 1859 50.2 3.19 
1.90 3600 1509 1859 48.6 2.93 
1.34 3600 1336 1859 48.6 3.26 
1311 Tsao 3300 1238 1859 54.3 3.44 
0.89 3300 1154 1859 55.6 2.89 
1.114 3300 1429 2088 55.6 3.05 
2.00 3600 1944 2410 6.4 3.28 
1314 1.67 3300 1455 1859 Bnle7/ 3.29 
1.25 3300 1328 1859 53 3.18 
1.20> 3300 1799 2553 53 3.12 
1333 1.80 3600 1452 1859 22 3.42 
1.80 2700 1519 1859 24.3 3.22 
1361 2.01 3600 1484 1859 16.0 3.63 
72 3600 1436 1859 16.0 3.38 
115 2700 1320 1859 19.0 3.30 
1378 2.00 3600 1490 1859 35.4 3.56 
1.21 3600 1243 1859 35.4 3.63 


aCapillary diameter 0.050 in., Capillary diameter 0.032 in., the 
rest 0.060 in. 


of silver ion 1.254, the v-values obtained from the 
Eyring equation are obviously too high and those 
obtained from the Stokes-Einstein equation too low. 
Sutherland’ has given an equation 


37 
1422 
Br 


where f is the coefficient of sliding friction between 
the diffusing species and the diffusion medium. The 
magnitude of 8 depends on the relative size of the 
diffusing species and the molecules of the diffusion 
medium. When the former is much bigger than the 
latter, 8 = © and the equation becomes the Stokes- 
Einstein equation. On the other hand, when the dif- 
fusing species is smaller than the molecules of the 
diffusion medium, 6 = 0 and ry = kT/(4mnD). The 
latter has been found to be applicable to the self- 
diffusion of a number of different substances.° If 

D and yn for molten silver are substituted into it, the 


Table Il. Validity of Stokes-Einstein and Eyring 
Relationships in Molten Silver 


TSE Ts 
Dx 10°, TE (Stokes- (Suther- 
Temp, 0 Sq Cm (Eyring), Einstein), land), 
°K (poise) per Sec A A A 
1273 0.0389 2.80 8.10 0.86 1.29 
1323 0.0363 3.16 7.98 0.85 27 
1373 0.0339 8.55 7.88 0.84 1.25 


Note: D taken from Fig. 2, rg = kT/2D, rgp = kT nD, 
Ts =kT/4r nD. 
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y-values obtained (designated as 7, in Table II) 
agree well with the radius of the silver ion. This 
-would mean that the diffusing species is silver ion. 
The agreement, however, may be fortuitous. 

The heat of activation for viscous flow in molten 
silver, defined as [d In (n/r)]/[d (1/T)] is about 
7.5 kcal per g atom as compared to that for self- 
diffusion obtained in this work, (8.2 + 1.1) kcal per g 
atom. The agreement is within the uncertainty limit 
of these values. 

It is known that the heats of activation for the 
lattice, the grain boundary and the surface diffusion 
of solid silver are 45,500 to 49,950 (500° to 950°C),*"" 

20,200 (375° to 500°C)® and 10,300 (225° to 350°C)*® 
cal per g atom, respectively. If the uncertainties of 
these values are taken into consideration, the heat 
of activation for self-diffusion in molten silver 
(8150 cal per g atom) is of the same order of mag- 
nitude as that for the surface diffusion of solid 
silver. This is in line with the highly disordered 
nature of the liquid state. Probably diffusion in 
liquids occurs predominantly in regions of misfit 


between regions possessing short-range order. It 
would be of interest to compare the heats of activa- 
tion of various types of diffusion in other metals. 
Unfortunately, this is impossible because of lack of 
experimental data. 
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Effect of Complexing on Mechanical 
Properties of Ti-6Al-3Mo Alloy 


Tensile, creep-rupture, and stability tests were employed to evaluate the effect of 
a-strengthening and B-complexing additions on the base composition Ti-6Al-3Mo. The 
ultimate objective was to produce an alloy of greater strength than the Ti-7Al-3Mo al- 
loy. Strengthening of a was accomplished by additions of 2 and 4 pct Ge, 4 pct Sn, 4 pect 
Zr, and 2 pct Sn-2 pct Zr. Making the B more complex while keeping the total of g- 
stabilizing additions constant at 3 pct resulted in higher tensile strengths but lower 
creep and rupture strengths, especially at 1000°F. None of the more complex versions 
of the base alloy offers greater promise than the Ti-7Al-3Mo alloy. However, some 
improvement in the strength of the latter may follow from additions of zirconium per- 


haps up to 4 pet. 


F. A. Crossley and W.-F. Carew 


Previous work directed at the development of 
titanium-base alloys with: 1) minimum room-tem- 
perature tensile elongation of 10 pct in 1 in., 2) high 
creep resistance at elevated temperature, and 3) the 
ability to retain original room temperature tensile 
ductility following exposure to creep conditions at 
elevated temperatures, demonstrated Ti-Al-Mo 
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ternary compositions in the range 5 to 7 pct Al-3 to 
6 pct Mo to be the most promising. Of this group 
the Ti-7Al-3Mo alloy was the strongest.’~° The ob- 
jective of the present work was to determine if al- 
loys of this type could be further strengthened by 
making additions which dissolve preferentially in 
the a-phase and by making the 6-phase more com- 
plex. For this study the base composition Ti-6Al- 
3Mo was selected rather than Ti-7Al-3Mo in order 
to minimize the possibility that in a more complex 
alloy with o-strengthening additions, low ductility 
might obscure the strength contribution. The metals 
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germanium, tin, and zirconium were investigated as 
a-phase strengtheners. Previous work showed that 
tin and zirconium impart strengthening without af- 
fecting tensile ductility. In order to evaluate the 
effects of 8 complexing per se, the § stabilizers 
chromium, manganese, and vanadium were added 
as partial replacement for the molybdenum of the 
base alloy, maintaining the total of 8 additions at 
the 3 pct level. 

The following nominal alloy compositions were 
prepared: 6Al-3Mo as base material, 6Al-3Mo-2Ge, 
6Al-3Mo-4Ge, 6Al-3Mo-4Sn, 6Al-3Mo-4Zr, 6Al- 
3Mo-2Sn-2Zr, 6Al-2Mo-1Cr, 6Al-2Mo-1Mn, 6Al- 
2Mo-1V, 6Al-1Mo-1Mn-1Cr, and 6Al-1Mo-1Mn-1V. 
The base material and each alloy modification was 
evaluated by tensile tests at room temperature, 600°, 
800°, and 1000°F; by creep-rupture tests at 800° 
and 1000°F; and by stability tests on material ex- 
posed under stress at 800° and, for a limited num- 
ber of tests, 1000°F. 


EXPERIMENTAL TECHNIQUES 


The alloys were prepared with 120 BHN quality 
titanium sponge. The highest purity commercial 
grade materials were used as additives. Because 
of their high melting points, chromium, molybdenum, 
vanadium, and zirconium were charged as master 
alloys. Six-lb ingots were processed by double 
melting in accordance with the technique described 
by Van Thyne et al.* Chemical analysis of repre- 
sentative samples of each alloy are shown in Table I. 
The results indicated excellent agreement between 
nominal and analyzed composition, and consequently 
the alloys will be identified throughout the text by 
their nominal compositions. Considering the effect 
of aluminum and of isomorphous f-stabilizing addi- 
tions in increasing the hydrogen tolerance of tita- 
nium alloys, it is not expected that the hydrogen 
levels of the alloys influenced the test results de- 
termined in this investigation. 

Standard 0.252-in. diam by 1.25-in. reduced sec- 
tion test specimens were used. All specimens were 
heat treated: 1470°F-6 hr-air cool, 1000°F-24 hr- 
air cool. This heat treatment, applied to Ti- Al-Mo 
alloys, gave excellent combinations of room and 
elevated temperature properties and developed 
stable structures. 

Tensile test data were obtained on a Baldwin- 
Southwark machine. Elevated temperature tests 


Table |. Results of Chemical Analyses 


Analyzed Composition, Wt Pct Hydrogen 
Nominal Content, 
Composition Al Mo Other Ppm 
6A1-3Mo 6.14 3.08 126 
6Al-3Mo-2Ge 5.86 2.88 2.02Ge 50 
6Al-3Mo-4Ge 5.81 2.96 3.94Ge 69 
6Al-3Mo-4Sn 6.11 3.29 3.56Sn 129 
6Al-3Mo-4Zr 6.05 3.23 3.91Zr 170 
6Al-3Mo-2Sn-2Zr 5.82 3.35 1.98Sn, 2.22Zr 235 
6Al-2Mo-1Cr 6.10 2.05 0.97Cr 153 
6Al-2Mo-1Mn 6.37 2.40 1.13Mn <50 
6Al-2Mo-1V 6.23 2.20 0.90V 189 
‘6Al-1Mo-1Mn-1Cr 6.16 1.00 1.07Mn, 1.00Cr 200 
6Al-1Mo-1Mn-1V 6.54 1.10 1.02Mn, 0.90V 221 
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Fig. 1—Ti-6Al-3Mo, 1470° F-6 hr-AC, 1000° F-24 hr-AC. 
a+. X750. Etchant: 60 ce glycerin, 20 cc HNOs, 20 cc 


HF. Enlarged approximately 12 pct for reproduction. 


were controlled to + 5°F as measured by thermo- 
couples attached to the specimens. Creep-rupture 
tests under constant load were conducted in con- 
ventional 20:1 ratio lever arm test stands with 
temperatures maintained to + 2°F over the test 
section. Elongation-time curves were obtained by 
means of modified Baldwin microscrew exten- 
someters. 

Test specimens subjected to creep conditions at 
elevated temperatures were tensile tested at room 
temperature to determine stability. Alloys main- 
taining ductility values comparable to unexposed 
values were considered stable. 


RESULTS AND DISCUSSION 


Microstructures—Some microstructural differ- 
ences were observed in the alloys under investiga- 
tion. These differences were not a reflection of 
alloying additions per se, but rather, indicative of 
variations in processing. Each alloy material was 
forged within the a + 8 region, at initially the same 
temperature increment below the estimated 8 
transus. Actually, forging took place over a tem- 
perature interval, and the ultimate structural con- 
figurations were consequently dictated by the amount 
of reduction introduced at the lower temperatures. 

The microstructural patterns may be divided into 
two basic groups: Widmanstatten and equiaxed. The 
Widmanstatten structure shown in Fig. 1 for the 
Ti-6Al-3Mo alloy was obtained for all alloys except 
Ti-6Al-3Mo-2Ge, Ti-6Al-3Mo-4Ge, and Ti-6Al- 
2Mo-1Mn. Fig. 2 shows the equiaxed structure ob- 
tained for the alloys Ti-6Al-3Mo-2Ge and Ti-6Al- 
2Mo-1Mn. The equiaxed microstructure of Ti-6Al- 
3Mo-4Ge alloy is shown in Fig. 3. The third phase 
present in Fig. 3 is considered to be TiGe. 
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Fig. 38Mo- 1470° F-6 hr- AC, 1000° F-24 
hr-AC. a+ 8. X750. Etchant: 60 cc glycerin, 20 cc 


HNOs, 20 cc HF. Enlarged approximately 12 pct for 
reproduction. 


Investigations”® of the Ti-7Al-3Mo alloy have 
shown the following gross effects of microstructure 
in comparing data for Widmanstatten and equiaxed 
materials: 

1) Room temperature tensile strength and duc- 
tility are somewhat lower for Widmanstatten struc- 
tures. 

2) Elevated temperature tensile properties are 
somewhat higher for Widmanstatten structures. 

3) Widmanstatten structures have higher rupture 
strength and greater creep resistance at elevated 
temperatures. This difference is quite significant 
at 1000°F but is small at 800°F. 

4) Widmanstatten and equiaxed structures prop- 
erly heat treated are equally stable. 

Since Widmanstatten structures have higher 
creep-rupture strength at 800° to i000°F than 
equiaxed structures, when an equiaxed alloy is 
stronger than the base composition then it is un- 
equivocally stronger. However, the extent of the 
strength superiority is not known. Conversely, 
when an equiaxed alloy is weaker than the base 
composition, especially at 1000°F, the true stand- 
ing of the alloy is not known since the equiaxed 
structure is inherently weaker irrespective of 
composition. 

Tensile Tests—Tensile test data for the alloys 
with @ strengthening additions are compared with 
the base alloy Ti-6Al-3Mo in Fig. 4. Of this group 
only the two alloys containing germanium had 
equiaxed microstructures. The alloys are ranked 
from left to right in order of decreasing ultimate 
tensile strength. At all test temperatures the base 
alloy exhibited the lowest strength. The alloys with 
germanium additions were strongest at all tempera- 
tures except 1000°F. At 1000°F the relative stand- 
ings of these two alloys is uncertain because of the 
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Fig. 3—Ti-6Al- 3Mo- 4Ge, 1470° F- 6 ie AC, 1000° F-24 hr- 
AC. a+ 8+ TiGe (?). Etchant: 60 ce glycerin, 20 cc 
HNO, 20 cc HF. X750. Enlarged approximately 12 pct 
for reproduction. 


difference in microstructures. The room temper- 
ature ductility of the Ti-6Al-3Mo-4Ge alloy was 
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Data Represent Averages for Two Tests 
Fig. 4—Comparison of tensile properties of a-complexed 
alloys with base alloy Ti-6Al-3Mo. 
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Fig. 5—Comparison of tensile properties of B-complexed 
alloys with base alloy Ti-6Al-3Mo. 


very poor, perhaps due to the presence of the com- 
pound phase. 

As might be expected from binary tensile data, ° 
the 4 pct Sn addition is more effective than the 4 pct 
Zr addition. However, at all test temperatures the 
2 pct Sn-2 pct Zr addition produced about the same 
strengthening as the 4 pct Sn addition. 

Tensile data for alloys with complex f are com- 
pared with the base alloy in Fig. 5. Of this group 
only the Ti-6Al-2Mo-1Mn alloy had an equiaxed 
microstructure. The Ti-6Al-2Mo-1V alloy was 
weakest at all test temperatures except 800°F, 
where the base alloy was very slightly lower in 
ultimate tensile strength (but higher in yield 
strength). Of the three f-stabilizing additions 
substituted for part of the molybdenum content of 
the base alloy, manganese was the most potent 
strengthener, with chromium following and vanadium 
apparently producing a weakening influence. The 
Ti-6Al-2Mo-1Mn and Ti-6Al-1Mo-1Mn-1V alloys 
were strongest at all temperatures. Since equiaxed 
structures are indicated to have lower strength at 
elevated temperatures than Widmanstatten struc- 
tures, the relative standing of the Ti-6Al-2Mo-1Mn 
alloy is unequivocal at 600° and 800°F, while there 
is uncertainty at 1000°F. 

Creep and Rupture Tests—Creep and rupture data 
for the @-strengthened group are compared with the 
base alloy in Figs. 6 and 7. All of these alloys are 
superior in rupture strength at 1000°F to the base 
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Fig. 6—Stress-rupture properties of a-complexed alloys 
at 1000°F. 


alloy except possibly the alloy with the 2 pct Ge 
addition for times exceeding 200 hr. The relative 
strengths of germanium-bearing alloys are uncer- 
tain because of their equiaxed structures. However, 
the Ti-6Al-3Mo-4Ge alloy unquestionably has the 
highest 1000°F rupture strength. The additions 

4 Zr, 4 Sn, and 2 Sn-2 pct Zr produced increasing 
rupture strength in the order given in agreement 
with the tensile data. At 800°F all alloys were more 
creep resistant than the base alloy. At 1000°F the 
relative improvement in strength of the stronger al- 
loys over the base alloy was greater than at 800°F. 
At 1000°F the Ti-6Al-3Mo-4Zr alloy appeared to 
have the same creep resistance as the base alloy. 
The Ti-6Al-3Mo-2Ge alloy is apparently inferior 
and the Ti-6Al-3Mo-4Ge alloy the most creep re- 
sistant, although comparisons are obscured by the 
differences in microstructures. Of the alloys with 
Widmanstatten structures, Ti-6Al-3Mo-2Sn-2Zr 
appears to be the most creep resistant at 800° and 
1000°F. 

Creep and rupture data for the B-complexed group 
are compared with the base alloy in Figs. 8 and 9. 
Even considering the fact that the Ti-6Al-2Mo-1Mn 
alloy is equiaxed, there is little doubt but that all of 
the more complex alloys in this comparison are in- 
ferior in rupture strength at 1000°F to the base al- 
loy. This general inferiority is also evident in the 
secondary creep rate data for 800°F and especially 
for 1000°F. The 1000°F data clearly show the al- 
loys with three 6-stabilizing additions to be weaker 
than those with two. 

Comparison of 1000°F creep and rupture data for 
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Fig. 7—Secondary creep-rate data for a-complexed alloys 
at 800° and 1000°F. 
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Table II. Stability of Room Temperature Tensile Properties upon Exposure to Creep at Elevated Temperatures 


Before Exposure After Exposure 
Ultimate Ultimate 
Exposure Conditions Tensile Tensile 
Temp, Stress, Time, Def, Strength, RA, Elong, Strength, RA, Elong, 
Alloy oF Psi Hr Pct Psi Pct Pct Psi Pct Pct 
0 11.0 
Ti-6Al-3Mo 800 90000 311 5.5 145000 28.5 12.5 150500 25. 
800 80000 304 2.5 os = - 147000 20.0 13.5 
Ti-6Al-3Mo-2Ge 800 90000 304 0.94 163000 41.5 17.5 168500 8.5 ef 
800 80000 307 0.22 - - - 162500 3.0 - 
800 70000 311 0.19 - - - 168000 4.5 as 
800 50000 1001 0.14 = - - 141500 a a 
Ti-6 Al-3Mo-4Ge 800 90000 306 0.18 164500 - 4.0 25 173000 5.5 4.0 
800 80000 312 0.20 - - - 170500 6.0 3.0 
800 70000 329 0.02 - - - 161500 16.5 8.0 
800 70000 306 0.05 - ~ - 165000 3.0 1.0 
800 50000 1010 0.03 = _ - 170000 7.0 5.0 
Ti-6Al-3Mo-4Sn 800 90000 304 1.0 156000 23.0 14.5 168000 11.0 7.0 
800 80000 306 0.20 - - - 169000 19.5 14.0 
1000 30000 320 - 156000 8.5 5.5 
1000 30000 457 1.0 - - - 58500 a a 
Ti-6Al-3Mo-4Zr 800 90000 320 1.0 150000 28.0 12.0 160000 25.0 13.0 
800 80000 300 1.0 - - - 151000 29.0 16.0 
Ti-6Al-3Mo-2Sn-2Zr 800 100000 328 2.0 156000 26.5 13.0 165200 9.5 4.0 
800 90000 311 0.5 - - - 158000 6.5 5.5 
800 90000 310 2.5 - = - 162000 14.0 11.5 
800 80000 308 0.1 - - - 164000 22:5 12.5 
Ti-6Al-2Mo-1Cr 800 80000 305 5.0 147500 30.0 14.0 152000 26.0 15.0 
800 70000 306 0.7 - a - 148000 15.5 10.0 
1000 20000 644 13.0 - - - 148000 15.5 5.5 
1000 7500 1000 0.5 - - - 145000 29.0 13.0 
Ti-6 Al-2Mo-1Mn 800 70000 310 1.0 156000 23.0 13.0 153500 27.0 15.0 
1000 5000 309 0.5 - - - 151000 18.5 11.0 
Ti-6A1-2Mo-1V 800 80000 304 3.0 142000 37.0 14.5 149000 325 16.0 
800 70000 307 1.0 - - - 166000 10.5 8.5 
800 70000 306 1.0 - - - 144000 38.0 15.0 
Ti-6Al-1Mo-1Mn-1Cr 800 80000 308 2.0 153500 SAS 14.0 160000 16.0 11.0 
800 70000 307 1.0 - - - 153000 8.0 4.5 
1000 7500 1006 0.5 - - - 144500 5.5 3.0 
Ti-6Al-1Mo-1Mn-1V 800 80000 305 7.5 156500 44.0 17-5 161000 0.0 0.0 
800 70000 311 1.0 - - - 153500 8.0 2.5 


aFractured in threads. 


these alloys with data recently determined for the 
Ti-7Al-3Mo”’ alloy shows the latter to be superior 
to all except the Ti-6Al-3Mo-4Ge alloy. This alloy 
appears to be somewhat stronger when data for like 
microstructures are compared. 

Stability— The base alloy appeared to be com- 
pletely stable, in agreement with previous experi- 
ence with Ti-Al-Mo alloys.” Of the a-strengthened 
group only the Ti-6Al-3Mo-4Ge and Ti-6Al-3Mo- 
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Fig. 8—Stress-rupture properties of B-complexed alloys 
at 1000°F. 
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4Zr alloys appeared to be stable under exposure to 
stress at 800°F. The former alloy was low in 
ductility initially, and the average ductility of ex- 
posed specimens was actually higher than the aver- 
age for unexposed specimens. Significantly, per- 
haps, both alloys containing tin additions lacked 
stability. 


800 °F Secondary Creep Rate, In/in/Hr 


107-3 
= T T if T T 
M—All Others 800°F 
3Mo LOD 
eb 2Mo-lV 
Lis: 2Mo-ICr 4 
° 
= 4 
1Mo-IMn-1V 1000°F 
|Mo-IMn-ICr] 
Open Points: Widmanstétten Structure 
[- | Closed Points: Equiaxed Structure ZI 
Ti-6Al Base + B Stabilizing Addition(s) as Indicated 4 
10-2 


'000°F Secondary Creep Rate, In/In/Hr 


Fig. 9—Secondary creep-rate data for B-complexed alloys 
at 800° and 1000°F. 
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Of the B-complexed group, the data indicate that 
the Ti-6Al-2Mo-1Mn and Ti-6Al-2Mo-1V alloys are 
stable. Although one of three exposed specimens of 
the latter alloy was low in ductility, the other two 
specimens exhibited high ductilities comparable to 
unexposed specimens. The Ti-6Al-2Mo-1Cr, Ti- 
6Al-1Mo-1Mn-1Cr, and Ti-6Al-1Mo-1Mn-1V alloys 
were indicated to be lacking in stability. 


CONCLUSIONS 


From this investigation the following conclusions 
are drawn: 

1) The addition of the a strengtheners 2Ge, 4Ge, 
4 Sn, 4 pet Zr, or 2 Sn-2 pct Zr to the base compo- 
sition Ti-6Al-3Mo produces increased tensile 
strength without detriment to ductility except for 
the 4 pct Ge addition. 

2) In general, substituting 1 pct Mn or 1 pct Cr 
for 1 pct Mo of the base alloy produces increased 
tensile strength without detriment to ductility. The 
substitution of 1 pct V for 1 pct Mo apparently has 
a slight weakening effect. 

3) The addition of a strengtheners to the base 
alloy improves 1000°F rupture strength. In order 
of decreasing effectiveness they are: 4 Ge, 2 Sn- 

2 Zr, 4 Sn, and 4 pct Zr. The position of the 2 pct 
Ge addition in this sequence is uncertain because 
of microstructural differences. 

4) The 4 pct Zr addition and possibly the 2 pct 
Ge addition do not improve creep resistance at 
1000°F. The a-strengthening additions 4 Ge, 4 Sn, 
and 2 Sn-2 pct Zr increase creep resistance over 
that of the base alloy at 1000°F. 

5) Excluding from the comparison the Ti-6Al- 
2Mo-1Mn alloy because of its different micro- 
structure, the 8-complexed alloys are inferior in 
creep resistance at 800° and 1000°F and inferior 
in rupture strength at 1000°F to the base alloy. 
Furthermore, at 1000°F the alloys containing three 
B-stabilizing metals are inferior to those contain- 
jng two. Evidently, 8 complexing, although bene- 


ficial to short-time elevated temperature properties, 


is detrimental to long-time properties. 
6) In agreement with previous findings for Ti-Al- 
Mo alloys, the base composition Ti-6Al-3Mo is 


stable following exposure to stress at 800°F for 
300 hr. Of the a-strengthened group of alloys, 
Ti-6Al-3Mo-4Ge and Ti-6Al-3Mo-4Zr are also 
stable; while the Ti-6Al-3Mo-2Ge, Ti-6Al-3Mo- 
4Sn and the Ti-6Al-3Mo-2Sn-2Zr alloys are un- 
stable. Of the B-complexed alloys only Ti-6Al- 
2Mo-1Mn and Ti-6Al-2Mo-1V are stable. The data 
imply that the addition of 2 pct or more of tin to an 
alloy containing 6 pct Al produces structures that 
are unstable under conditions of long-time exposure 
to stress at 800°F. 

7) Since the superior strength performance of the 
Ti-6Al-3Mo-4Ge alloy is offset by its poor ductility, 
none of the alloys investigated show more promise 
than the Ti-7Al-3Mo alloy. 

8) The data suggest that some strength improve- 
ment to the Ti-7Al-3Mo alloy without detriment to 
tensile ductility or stability may be achieved by 
adding zirconium, perhaps as much as 4 pct. 
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Use of Resistivity of Copper at Low Temperatures to Evaluate Purity in Relation 


to Performance of Copper-Oxide Varistors 


J. E. Kunzler and J. H. Scaff 


Tue measurement of the electrical, thermal, and 
magnetic properties of metals at low temperatures, 
primarily in the range of liquid helium below 4.2°K, 
is a powerful tool for investigating many of the fun- 
damental properties of the metallic state. Such 
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Technical Note 


measurements also have many practical applica- 
tions, particularly as an analytical tool. One ex- 
ample of the practical utility of such measurements 
is illustrated by a short study we have made of the 
low-temperature resistance of copper used in pre- 
paring varistors. 

Copper-oxide varistors are prepared by the 
thermal oxidation of copper. This results in the 
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production of a rectifying barrier layer in the 
junction between the copper and the cuprous-oxide 
layer formed on it. Such junctions have nonlinear 
current voltage characteristics of utility in tele- 
phone communications as modulators, surge pro- 
tectors and the like, and in addition are electrically 
nonsymmetrical, i.e., they rectify. The electrical 
characteristics of the varistors’ are sensitive to 
the nature and concentration of impurities in the 
copper and consequently are critically dependent on 
the source of the copper. Varistors of the best 
quality can neither be prepared from copper of the 
highest purity nor the usual grades of electrolytic 
copper. Apparently, certain impurities in limited 
quantities are essential to varistor performance, 
while other impurities affect the properties ad- 
versely. Chile copper (C.C.C.), prepared by elec- 
trodeposition from solution of leached ore, has been 
widely used for preparing varistors. Among the 
commercial sources of copper, such material is of 
consistent high purity by virtue of the character of 
the ore and the refining process and at the same 
time it contains the kind of impurities required for 
the fabrication of varistors of high quality. The 
types and concentrations of impurities in the Chile 
copper are relatively constant. However, the per- 
formance of varistors is so closely related to vari- 
ations in impurity content or concentration that 
samples from different refinery lots of this same 
source give markedly different results. Moreover, 
chemical analysis of the copper has not yielded suf- 
ficient information on variations in impurity content 
to explain the differences observed. A good cor- 
relation has, however, been observed between the 
low-temperature resistivity of various coppers and 
the performance of copper-oxide varistors fabri- 
cated from them. 

It is well known that the resistivity of a relatively 
pure metal at liquid-helium temperatures is very 
sensitive to the amount of impurity present, but is 
essentially independent of temperature. This situa- 
tion is a consequence of the fact that electrons are 
being scattered or inhibited almost entirely by im- 
purity atoms and imperfections, the scattering by 
the thermal motion of the atoms being reduced to 
negligible proportions at liquid-helium tempera- 
tures. For the case of a single impurity, the re- 
sistivity is proportional to the concentration of the 
impurity to a good first approximation. In practice, 
the observed resistivity is a measure of the com- 
bined effect of all impurities and imperfections 
present. Where more than one specie of impurity 
is present, as is generally the case, it is the varia- 
tion in the sum of effects that is observed by re- 
sistivity measurements. This is not a serious limi- 
tation for materials where primarily one impurity 
or a related group of impurities vary, as seems to 
be the case for Chile copper. Also, in many cases 
it is an advantage to be able to get a measure of the 
total impurity, since in the use of analytical methods 
for specific impurities there is always the risk that 
some species might be overlooked. 

For this study, samples were taken from several 
lots of Chile copper and from one lot of domestic 
electrolytic copper. Material from these lots had 
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been used for making varistors which had either 
undergone extensive testing or had been used in 
production. The samples were drawn into .005-in. 
diam wire and specimens consisting of short sec- 
tions (27/2-in. long) of the wire were mounted in long 
holes in a quartz holder in a reasonably strain-free > 
manner. Each holder contained up to ten specimens 
that were mechanically connected in series, and 
each assembly was annealed in high vacuum (P < 
10-° mm) for nearly 12 hr at about 250°C. Potential 
and current leads were attached with solder after 
the completion of the annealing without significantly 
disturbing the physical state of the specimens. 

The resistance of each specimen was measured 
at the ice point (273.2°K) and at the boiling point of 
liquid helium (4.2°K) using a Wenner potentiometer 
and the potential drop method of measuring resist- 
ance. The most convenient and unambiguous way of 
expressing the resistivity of relatively pure metals 
at liquid-helium temperature is in terms of the re- 
sistance ratio, R4 Which is very nearly 
proportional to the resistivity.* The results are 


*This can be shown as follows: 


Rq.2 
or P49 = 
ko73,Ro73 


where & is the geometrical factor involving the shape of the specimen. 
For relatively pure isotropic metals, P73 and k4,2/k73 are nearly 
constant from sample to sample. Therefore 


P4.9 = Constant —— 


273 


and since k4,2/k273, which depends on the expansion between 4.2°K 
and 273°K, is not known for many materials, it is preferable to express 
the results as R4, 


given in Table I, along with the varistor rating of 
the copper (performance of copper-oxide rectifiers 
made from the copper). The resistance ratios are 
tabulated in ascending order. The varistor ratings 
were made in studies unrelated to the present in- 
vestigation. Several samples were taken from most 
of the lots of copper, and the values of Ry 70% /Ro730K 
are averages of all the specimens measured. In no 
case was the maximum deviation of the observed 
resistance ratio for any specimen greater than 
0.0003 from the value listed in Table I. 

As can readily be seen from Table I, the correla- 
tion between R 4 90% /Ry73.2% Of copper and the rating 
from varistor performance is very satisfactory. 


Table 1. Comparison of Resistance Ratio R4,2°K/R273,2°K of 
Samples of Copper with the Rating of Varistors Made from the Copper 


Sample 

(Lot No.) Rg. 2°K/R273,2°K Varistor Rating 

M-106-4 0.0045 Very good 

U-51 0.0048 Good 

N-292 0.0050 Good 

Y-38 0.0053 Fair 

M-89-39 0.0057 Fairt 

w-9 0.0059 Marginal 

V-156 0.0059 Rejected 

W-10 0.0060 Marginal but 
Poorer than W-9 

W-136 0.0071 Rejected 

A-8 0.0076 Very poor 
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The best varistor copper is that with the lowest re- 
sistance ratio, and consequently the highest “ef- 
fective” purity. The material with the lowest re- 
sistance ratio is probably the purest from the 
chemical point of view but not necessarily so. In 
copper the effect on the resistivity per at. pct of 
impurity varies over a range of about two decades. 
For example, if one removed 107? pct Ag from cop- 
per but added 10-* pct Fe during the process, the 
chemical purity would be improved but the resist- 
ance ratio would be larger, since iron has about 
one hundred times the effect that silver does on the 
resistivity.®° It is fairly obvious that a correlation 
such as exists in Table I could not be expected for 
all possible combinations of impurities in copper. 
On the other hand, if the important impurity, so far 
as varistor action is concerned, is one that has a 
large effect on the resistivity, or if a group of re- 
lated impurities is involved, one would expect any 
variations in concentration to be reflected in the re- 
sistivity. It seems reasonable that this should be 
the case for Chile copper used for varistors, since 
some sort of semiconductor action involving at least 
one of the impurities is almost certainly involved. 
Also, all of the samples of Chile copper might be 
expected to have the same impurities present, since 
their origin is common. Sample A-8 is not a Chile 
copper but ‘still fits the correlation, indicating the 
correlation may be somewhat broader than indicated 
in the foregoing material. 

It is planned to use the foregoing correlation as 


an aid in selecting some varistor coppers in the 
near future. However, while this method may prove 
to be useful in selecting varistor coppers, the pres- 
ent results are reported primarily to call attention 
to a particular example of the practical utility of 
low-temperature resistance measurements in as- 
sessing the relative purity of metals, since it is felt 
that the method may have more general utility as a 
criterion of purity than is generally recognized. 
Similar correlations might be looked for in other 
problems involving reasonably pure metals and 
properties that are sensitive to small amounts of 
impurities. 
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The Temperature Dependence of Preferred 


Orientation in Rolled Tungsten 


The preferred orientation of cold-rolled tungsten was evaluated asa function of an- 
nealing temperature by means of pole figures. Additional information was obtained from 
back reflection powder patterns and photomicrographs. 

The as-rolled texture was found to be centered about the orientation {100} <011>. 
Annealing did not produce a change of texture below 1800°C. Above 1800°C a new texture 
based on the double orientation {100} <011> +12° develops. Alternatively, this can be 
described as corresponding approximately to the orientations {011} <320> and {011} 
<230>. Microstructure is observed to coarsen as the annealing temperature is increased 
to 1800°C. For treatments above 1800°C, larger and more vegularly shaped grains were 


detected. 


An analysis of these observations in terms of polygonization, substructure growth, and 


recrystallization was made. 


J. W. Pugh 


PreFreRRED orientations in cold-rolled body- 
centered-cubic metals appear to have remarkable 
similarity. The as-cold-rolled textures in iron,” 
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silicon-iron,* mild steel,* molybdenum,® vanadium, 
chromium,” tantalum,® tungsten,° and 6-zirconium- 
niobium alloys’® have been determined. These tex- 
tures have, in some cases, been represented by con- 
gruous pole figures and have all been described in 
one or both of two ways. They have frequently been 
reported as predominantly {100} <011> orientation 
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with a large spread (40 to 60 deg) about the rolling 
direction. Much smaller spreads are observed 
about the transverse direction as an axis. Alternate 
descriptions have been based on three ‘‘ideal’’ ori- 
entations: {100} <011>, {112} <110>, {111} <112>. 

Data for preferred orientations in recrystallized 
sheet are more rare and in less agreement. Iron 
and vanadium textures appear to be describable in 
terms of the orientation {111} <112> and a double 
orientation described as {100} <011> + 15 deg of 
rotation about the normal to the rolling plane. 
Tantalum® has a recrystallized texture which can _ 
be represented by the single orientation {111} <112> 
and molybdenum” is reported not to change texture 
on recrystallization. 

In this report, pole figures are presented which 
represent the texture of rolled tungsten foil as- 
rolled and as-annealed at temperatures up to 
2400°C. 


PROCEDURE 


Tungsten for these experiments was manufactured 
by a commercial process at General Electric Co.’s 
Cleveland Wire Plant. A sintered powder ingot hav- 
ing a 1-in. sq section was rolled to 0.001-in. foil. 
The rolling procedure involves a transition from 
hot-rolling to cold-rolling, so that it is difficult to 
assign the exact amount of cold deformation. More- 
over, there is a certain ambiguity in the quantitative 
use of the term cold deformation. Perhaps the 
statement that 96 pct reduction was made at tem- 
peratures below 600°C is sufficiently descriptive. 
The microstructure produced is one which is typical 
of very heavily cold-worked metal, see Fig. 6. Final 
passes were made in a polished stainless steel pack 
so that a smooth foil was obtained. A typical chem- 
ical analysis of this product is the following: 


Element Present Wt Pct 
O 0.0005 + 0.0005 * 
H 0.0000 + 0.0001 * 
C 0.01 +0.01 
N 0.0003 + 0.0002 * 
Fe 0.006 
Mo 0.003 

Na, K, Al, Ca, 

Ni, Cr, Cu, each less than 


Si, Mn, Mg, 
Ti, Ag, Pb, Li 


*Vacuum-fusion analysis. 


0.001 


This foil was annealed in high vacuum at tempera- 
tures up to 2500°C for periods of 30 min. 

Back reflection X-ray powder patterns and pole 
figures were made for a variety of annealing treat- 
ments. Pole figures were made by a transmission 
technique devised by Geisler.’ It employed an 
integrating pole-figure goniometer which permits 
continuous rotation about a perpendicular to the 
sheet as an axis (8 angles) and a 5-deg incremental 
rotation about a direction parallel to the plane of the 
sheet (a angles). The specimens were raised and 
lowered a distance of 1 in. at a rate of 1 cps so that 


a large area could be covered by the incident X-rays. 
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Diffracted X-rays were measured by a Stationary 
Geiger counter mounted at the appropriate 26 angle. 
The effect of changing the a angle on the absorption 
factor was compensated for by means of calibrated 
resistances in the pickup circuit. Intensity data 
were recorded autographically on a chart recorder © 
and on an automatic pole-figure recorder.” 

Molybdenum Ka radiation was used with a zirco- 
nium filter. A 3-deg slit in the XRD-3 spectrogoni- 
ometer was used so that the total exposed area on 
the specimen was 0.3 sq in. Rotation of the speci- 
men beyond an a angle of 55 deg was not possible 
because of interference from the specimen holder. 
This limitation is indicated in the pole figures pub- 
lished here by means of a dotted circle. Spurious 
intensities due to white radiation were identified by 
taking new data in questionable areas with an auxil- 
iary strontium filter to remove Ka radiation. 
Comparison with the original data indicated which 
intensity peaks were spurious. 

Samples of foil were mounted between layers of 
0.010-in. tungsten sheet and polished electrolytically 
for metallographic analysis. 


RESULTS 


The pole figure for cold-rolled tungsten foil is 
presented as Fig. 1. The texture can be described 
as centered about {100} <011> with a large amount 
of spread (~ + 26° at 4X intensity level) about the 
rolling direction as an axis. A smaller amount of 
spread is observed about the transverse direction. 
This is in general agreement with the early elec- 
tron-diffraction data of Burgers and van Amstel.® 

A cursory investigation by means of back-reflec- 
tion X-ray powder patterns gave general agree- 
ment with the more definitive work of Becker on 
cold-drawn wire.’* Becker observed resolution of 
the Ka doublet after annealing at 600°C for 1 hr and 
discontinuous Debye lines after annealing at 800°C 
for lhr. For the tungsten foil examined in this 
case, 900°C annealing (30 min) produced discontin- 


RD 


{ioo}<on) 


Fig. 1—110 pole figure of cold-rolled tungsten sheet. 
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Fig. 2—110 pote figure of cold-rolled tungsten annealed 
30 min at 1800°C. 


12° 
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Fig. 4—110 pole figure of cold-rolled tungsten annealed 
30 min at 2000°C. 


Fig. 3—110 pole figure of cold-rolled tungsten annealed 
30 min at 1900°C. 


uous Debye lines. However, no change in texture 
other than a slight sharpening is observed up to an- 
nealing temperatures of 1800°C. Fig. 2 is a 110 
pole figure for a specimen annealed at 1800°C. 

For annealing temperatures above 1800°C a 
change in texture is apparent. Fig. 3, a 110 pole 
figure for a sample annealed at 1900°C, shows a 
predominance of new texture with perhaps some 
evidence of the old remaining. After annealing at 
2000°C, the new texture exists alone as shown in 
Fig. 4. Fig. 5 indicates that samples annealed at 
2400°C have textures equivalent to those annealed 
at 2000°C. Pole-figure data for 2500°C annealed 
foil were erratic, due apparently to the larger grain 
size, but no significant deviation from the textures 
produced at 2000° and 2400°C was observed. The 


new texture produced by annealing above 1800°F can 
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Fig. 5—110 pole figure of cold-rolled tungsten annealed 
30 min at 2400°C. 


be described as consisting predominantly of the two 
orientations {001} <320> and {001} <230>. These 
orientations can be described alternatively as {100} 
<011> + 12° about the sheet normal. This texture 
is similar to recrystallized iron and vanadium tex- 
tures except that it does not contain the {111} <112> 
orientation. 

Evidence which suggests that recrystallization 
begins at annealing treatments as low as 1800°C 
was obtained. The 1800°C-annealed sample used 
for a back-reflection powder pattern produced, in 
addition, a Laue pattern for a single grain. It is 
assumed that this resulted from the growth of a 
large grain during the annealing treatment and that 
sufficient white radiation was reflected from it to 
produce the Laue pattern. The orientation of this 
grain was found to be {001} <320>. This orientation 
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(d) 30 min 1200° Cc. 


(j) Annealed 30 min at 1800°C. 


30 min at 2000°C. 


(1) Annealed 30 min at 2500°C. 


Fig. 6—Effect of annealing on the microstructure of cold-rolled tungsten sheet. X1000. Reduced approximately 23 pct for 


reproduction. 


is concordant with the high-temperature texture. 

In Fig. 6 photomicrographs of the tungsten foil are 
presented as-cold-worked and as-annealed at tem- 
peratures from 1000° to 2500°C. No change in 
microstructure could be observed up to annealing 
temperatures of 1000°C and even at 1000°C the dif- 
ference is, perhaps, not convincing. For higher an- 
nealing temperatures, the fibrous structure becomes 
coarser as the temperature increases. After 1800°C 
annealing, Fig. 6(7), larger and more regularly 
shaped grains were detected in the structure. At 
2000°C these larger grains nearly monopolized the 
structure although a certain amount of more fibrous 
appearing material remained, Fig. 6(2). Finally, 
when annealed at 2500°C, the large grains have 
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grown to the point of extending completely through 
the foil as shown in Fig. 6(/). 


DISC USSION 


It is frequently the case that semantic difficulties 
arise when the temperature dependence of metallic 
structures is discussed. It is, therefore, important 
to begin this discussion by announcing the specific 
meanings which are intended. ‘‘Polygonization’’ will 
denote a thermally activated alignment of randomly 
distributed dislocations into low-angle ‘‘subbound- 
aries’’ which delineate ‘‘subgrains.’’ This is not 
intended as a denial that similar alignments can take 
place athermally. ‘‘Subgrain growth’’ is visualized 
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(a) As-cold-rolled. (6) Annealed 30 min at 1000°C. (c) Annealed 30 min at 1100°C. 
(e) Annealed 30 min at 1300°C. (f) Annealed 30 min at 1400°C. 
(g) Annealed 30 min at 1500°C. (h) Annealed 30 min at 1600°C. (i) Annealed 30 min at 1700°C. 
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as resulting from subboundary migration and coal- 
lescence. Neither polygonization nor subgrain 
growth results in a gross change in crystallographic 
orientations. ‘‘Recrystallization’’ will designate a 
process characterized by the motion of high angle 
boundaries and the creation of a structure having a 
new crystallographic orientation. The generic use 
of recrystallization which involves the growth of 
“‘strain-free grains’”’ at the expense of a ‘‘cold- 
worked matrix can be made to include ‘‘recrys- 
tallization in situ’’ and probably even polygonization 
and subgrain growth. This broader meaning of the 
term is specifically avoided in this paper. 

Tungsten is not worked at a constant temperature, 
but is started at high temperatures and finished at 
low temperatures. This procedure is expected to 
have produced either a partially polygonized struc- 
ture or a completely polygonized structure prior to 
any annealing treatment. Annealing at temperatures 
up to about 600°C probably contributes to subgrain 
perfection and growth. Subgrains resulting from a 
1-hr annealing treatment at 600°C were apparently 
large enough in tungsten wire to cause sharpening 
of Debye rings in the X-ray powder patterns of 
Becker. One hr of 800°C annealing produced dis- 
continuous X-ray diffraction rings indicating further 
growth. This early X-ray observation of Becker has 
been quoted as evidence of primary recrystallization 
in tungsten. The data are, however, more properly 
rationalized in terms of subgrain growth. More- 
over, judging from the similarity of the textures of 
Figs. 1 and 2, recrystallization in cold-rolled tung- 
sten foil does not appear to take place prior to about 
1800°C. 

At lower annealing temperatures subgrain growth 
takes place at rates which depend on temperature. 
The amount of disorientation in the boundaries is 
probably proportional to the amount of growth and 
after higher annealing temperatures the boundaries 
resemble those of a recrystallized metal. This de- 
scription of the annealing process up to 1800°C is 
supported by the observation that microstructures 
of Fig. 6 show a gradual coarsening over a broad 
temperature range. 

It should be pointed out that a very considerable 
amount of ‘‘softening’’ may be expected due to 
structure growth in this temperature range, but 
that no abrupt deviation in the temperature de- 
pendence of strength attributable to recrystalliza- 
tion is apparent. This statement is based on ten- 
sile strength data on tungsten wire tested at tem- 
peratures up to 1500°C.* An anomaly in the 


dependence of room-temperature strength on an- a 
nealing temperature at 575°C reported by Smithells 
is more likely due to strain aging than to recrys- 
tallization as suggested. This is especially true, 
since once the strength began depreciating as a 
function of annealing temperature above 575°C, it 
continued to do so smoothly and without deviation 
to about 2200°C. In this connection, it may be added 
that the complete recovery of electrical conductivity 
after deformation has been observed to require tem- 
peratures as high as 2230°C.”* 

For annealing temperatures above 1800°C, re- 
crystallization which is characterized by a change 
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in texture takes place. The texture change produced 
by recrystallization is comparable to that which 
takes place in tungsten wire. In the latter case, a 
change from the <110> orientation to the <320> 
orientation has been observed.’® (An identical 
change has been observed for molybdenum wire 
after annealing at 2000°C.*” It is quite possible 

that a new texture may develop in molybdenum sheet 
if sufficiently high annealing temperatures were 
used. The highest temperature for which an anneal- 
ing texture is reported for molybdenum sheet is 
1540°C.°) 

The observations made here on the dependence of 
texture and microstructure on annealing tempera- 
ture suggest a new concept of annealing response 
for tungsten. It is probable that polygonization takes 
place on deformation or at low annealing tempera- 
tures. Higher annealing temperatures produce a 
pronounced growth of the substructure. The con- 
sequence of this is that as the disorientation between 
subgrains increases, the structure approaches that 
of a recrystallized metal. Finally, at very high tem- 
peratures (1800° to 2000°C) a recrystallization 
process characterized by the production of a new 
texture occurs. 

If this is the proper interpretation, two interesting 
and important consequences suggest themselves. 
The first may be expected to affect unrecrystallized 
tungsten which depends on substructure for its high- 
temperature strength. The annealing mechanism 
which takes place at temperatures below 1800°C 
accounts for a major portion of the softening in 
cold-worked tungsten. If this is due to subgrain 
growth, then the rate of softening may be greatly 
accelerated by applied stress. This is suggested 
as a result of the discovery by Wood and Scrutton™® 
and by Hino, Shewmon, and Beck’® that applied 
stress drastically increases the rate of subgrain 
growth. Such considerations are likely to be equally 
applicable to molybdenum and perhaps to alloys of 
tungsten and molybdenum. 

The other consequence concerns the creep of 
tungsten. Certain impurities are frequently added 
to tungsten to improve its creep resistance. Becker” 
has shown how such impurities have inhibited what 
is interpreted here as subgrain growth. Recently 
Swalin and Geisler®® have demonstrated that tung- 
sten wire doped-with these impurities does not re- 
crystallize to a new texture whereas the undoped 
metal having the same treatment does. It is now 
suggested that the difference in the creep strength 
observed for doped and undoped tungsten may result 
from the difference in substructure. Ancker, Hazlett, 
and Parker have shown that a striking increase in 
creep strength can result from introducing small- 
angle boundaries in high-purity nickel.*° It appears 
possible that the greater creep strength of doped 
tungsten which has been subjected to high-tempera- 
ture applications may be due to its failure to re- 
crystallize. 
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The Redistribution of a Second Phase during 


Annealing in a Temperature Gradient 


If a 2-phase alloy is annealed in a temperature gradient, there is a tendency for the 
piece to be enriched in 1 phase at the hot or cold end of the piece: e.g., Fe,;C concen- 


trates at the hot end of a-Fe and hydrides enrich at the cold end of a-Zr. 


The physical 


forces giving rise to this effect ave discussed and, for the case where diffusion occurs 
predominantly in one phase, equations are given for estimating the kinetics of the redis- 
tribution. It is concluded that for interstitial solutes, the effect is easily observable 
under laboratory conditions and should be found in various high-temperature applications 
where temperature gradients exist. However, for substitutional solutes, the redistribu- 
tion of the second phase will occur in a reasonable time only under conditions of very 


high temperature and temperature gradient. 


P. G. Shewmon 


Tuis paper is concerned with the redistribution of 
a second phase when a 2-phase solid alloy is an- 
nealed in a temperature gradient. An example which 
is discussed in detail is the redistribution of car- 
bides in a low-carbon steel annealed in a tempera- 
ture gradient below the A; temperature. As a re- 
sult of such a treatment, the carbides at the cooler 
side disappear, while those at the hotter side grow 
in size. In a 2-phase zirconium-hydrogen alloy, the 
amount of hydride will tend to be increased at the 
cold end and decreased at the hot end. That such an 
effect can occur in solid metals is not generally ap- 
preciated. However, with the trend toward higher 
operating temperatures in several fields, this phe- 
nomenon will become more important in the future, 
Actually, such effects should be rather common in 
the core of nuclear power reactors where the op- 
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erating temperatures are high and temperature 
gradients are an order of magnitude higher than in 
previous high-temperature applications of alloys. 
The purpose of this paper is to point out the exist- 
ence of such an effect, to discuss the manner in 
which one predicts whether a redistribution of the 
second phase will occur in a given system, whether 
the second phase will go to the hot or cold face, and 
how rapidly the redistribution will occur. 

One aspect of this problem has been discussed by 
Pfann* and Wernick? who considered the migration 
of a small liquid region through a solid. In their 
case, the diffusivity in the liquid is much larger 
than in the solid and they have interpreted their re- 
sults successfully by using Fick’s first law as the 
flux equation in the liquid, and taking the concentra- 
tion gradient from the phase diagram. For all the 
cases they have studied, this type of analysis pre- 
dicts that the liquid region migrates from the cold 
end to the hot end, and this is what was found ex- 
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perimentally. Their procedure neglects thermal 
diffusion effects; i.e., the contribution to the flux 
which results from a temperature gradient and 
which is superimposed upon that resulting from a 
concentration gradient, For the case of liquids, 
they seem to be justified in this approximation. 
However, it will be shown that for a satisfactory in- 
terpretation of the effects occurring in solid alloys, 
thermal-diffusion effects must be included in the 
analysis. 


BASIC FLUX EQUATION 


In this section, we will state without derivation 
the flux equation to be used, and discuss its mean- 
ing. The reader who is interested in the derivation 
of the equation is referred to Denbigh or Davies.** 
For the case of a single-phase, 2-component sys- 
tem, the flux of component 1 relative to the lattice 
can be written as 


DiNi din Ny: aT 
RT [ar T | [1] 


where x is the distance co-ordinate, T the temper- 
ature, R the gas constant, Ji its flux parallel to the 
x-axis, N, the moles of 1 in solution per cu cm,Qt 
the heat of transport of 1, and D, the diffusion co- 
efficient of 1.* A similar equation holds for compo- 


*Throughout this paper it is assumed that (du,/d1n N,)r is inde- 
pendent of N,. (4, is the chemical potential of 1.) This is strictly true 
only for dilute solutions, however the accuracy of the available data 
and the approximations made in the following analysis do not justify 
a more detailed treatment. 


nent 2. For an isothermal system, the second term in 
the brackets is 0, and the equation reduces to Fick’s 
first law. If the first term in the brackets is 0 but 
a temperature gradient exists, there will still be a 
flux of atoms if Qf is different from 0. Qf can be 
either positive or negative depending on the alloy, 
and is the heat flux per unit atom flux in the ab- 
sence of a temperature gradient.** In a tempera- 
ture gradient, the flow of atoms will be such as to 
transport heat from the hot to the cold end. Thus, 
in the absence of a concentration gradient, a posi- 
tive QT will always give a flux of component 1 from 
the hot to the cold end, and a negative Qf, a flux in 
the opposite direction. 

To give a better understanding of Eq. [1] as ap- 
plied to the redistribution of a second phase ina 
temperature gradient, let us consider its applica- 
tion to the simplified, 2-phase system in a temper- 
ature gradient shown in Fig. 1 (a). Throughout the 
following discussion, we will assume that the prob- 
lem can be treated by considering the flux of only 


Fig. 1(a)—System 
| used to determine 
1 sign of J; in 2- 
phase. alloy in 

! temperature gra- 
dient; (b) phase 
diagram for a 
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one component in q. This will be a valid approxi- 
mation for alloys where component 1 is interstitial 
in q, and in substitutional alloys where the solubil- 
ity of component 1 in q@ is quite low.* We wish to 


*The validity of this approximation for these cases can be shown as 
follows: Assume that a given region has a higher value of p, than its 
surroundings. This difference can be relaxed by the diffusion of 1 into 
the region, or 2 out of it. From Eq. [1], J, = K,D, and J, = K,D,. The 
Gibbs-Duhem equation allows one to prove that for an isothermal sys- 
tem K, =—K,. Thus for a given Ap, the fluxes J, and J, are essen- 
tially independent of the concentration. If 2is interstitial, D, > D, and 
thus Ay, will be relaxed by the diffusion of 2 only. If the alloy is sub- 
stitutional D, ~ D, (within an order of magnitude) and one must con- 
sider the relative effectiveness of J, and /, in reducing ,. We assumed 
that diffusion occurs by a vacancy mechanism, and that the equilibrium 
concentration of vacancies is always maintained; that is, we can keep 
dN, = 0 in the region, diffuse, dN,, atoms in, dN, out, and then create 
inside the region to reestablish p, = 0. 


Now #, = p°(7, P) + RT 1n N,/N where N=N, +N,+Ny 


is the number of sites in the region. It follows that 


If we take dN; = J; dt the relative effectiveness of J, and J, in relaxing 
is given by 


\_ RT an \ KaD,RT 
Oty, N dt, N, N. 


Since D, X D,, if N, > N, (dilute alloy) the relaxation of Ay, will occur 
predominantly by the diffusion of one component; i.e., 2. A temperature 
gradient will make K, # — K, but should change our conclusion only 
for marginal cases such as not so dilute substitutional alloys 


determine the direction of the steady-state flux of 1 
for various values of Q* when AT > 0 and d and e 
are joined together. To do this, we perform the fol- 
lowing thought experiment: Make a cut at d-e, allow 
J, to go to 0 and compare the values of Ni at d and 
at e. Sinced and e are at the same temperature, 
when they are joined the flux, J;, will always be 
from the region of higher to lower N. 

Case I, Qi = 0—Consider first the case where Qf 
in Eq. [1] is equal to zero. If the system shown in 
Fig. 1 (a) and having the phase diagram shown in 
Fig. 1 (6) is brought to equilibrium with AT = 0, the 
composition of a will be the same throughout and be 
given by the phase diagram. If now the temperature 
of the upper end is raised slightly, i.e., AT > 0, 
some of the £ will go into solution at c. Since Qf 
equals 0, the final equilibrium (i.e., J: = 0) will be 
attained when N:(d) = Ni(c).* Under these condi- 


*Since AT can be made arbitrarily small, it can always be adjusted 
so that no B-phase precipitates between c and d even though part of 
this region is supersaturated with respect to 6 at the prevailing tem- 
perature. 


tions, however, Ni(Z) > N:(e) as can be seen from 
the phase diagram. If d and e are now joined, com- 
ponent 1 will flow from d to e, £ will be precipitated 
at f, and ultimately a steady state will be set up in 
which component 1 goes into solution at c, diffuses 
down the concentration gradient to f and precipitates 
as B. This is the same type of problem that Pfann’ 
treated. In his case, a was liquid and £ was solid. 
Case II, One 0— Again consider the system shown 
in Fig. 1 withd and e now separated and AT > 0. No 
precipitate is allowed to form between a and/f, and, 
when J; becomes 0, there will be a concentration 
gradient in c-d as shown in Fig. 2. The equation 


OCTOBER, 1958—643 


a8 
ie T 
x 
‘Zep 
N, (e) 


Fig. 2—Final val- 
ues of Ny asa 
function of dis- 
tance in Fig. 1(a) 
N, (c) when Q; <0. 
| 
N, (d) ! 
d 


for this curve can be obtained by solving Eq. [1] 
under the condition that J; = 0, i.e., 


OL 
aT aT? [2] 


It can be seen from this equation that Ni(c) - Ni@) 
will increase as |Q7| increases. Thus Ni(d) can be 
greater than, less than, or equal to N:i(e), depending 
on the magnitude of Q1. If at Ji= 0,Ni@)>Ni(e), 
upon joining d and e, component 1 will flow toward 
the low-temperature end as in Case I but with a 


lower flux. However, if |Q7| is large, at Jr= 0 
Ni(d) < Ni(e) and upon joining d and e component 1 
will flow against the composition gradient toward 
the hot end. When a steady state is attained the 
B-phase will be transported in the direction oppo- 
site to that predicted by the phase diagram and 
Fick’s first law. 

Case II, qr >0O—In this case, the contribution 
of the thermal-diffusion term to Ji in Fig. 1 is in 
the same direction as the term involving the con- 
centration gradient. Thus the direction of the flow, 
J,, will be unaffected by the thermal-diffusion term, 
while its magnitude will be increased. 


APPLICATIONS AND EXAMPLES 


In this section 2 examples of the redistribution 
of a second phase will be discussed in detail. The 
first part will deal with estimating the rate at which 
redistribution occurs, the second will consider the 
redistribution of cementite in a-iron as an example 
of Case II. Finally, the case of zirconium hydride 
in a-zirconium will be given as an example of 
Case II. 

Metallurgically, the most common distribution of 
phase £ in a matrix of a is a random array of par- 
ticles. To estimate J: for such a system ina given 
temperature gradient, we must know the concentra- 
tion of component 1 at all points in the a-phase. 
The simplest assumption to make is that Ni at every 
point in a is the equilibrium value given by the 
phase diagram for that temperature. This will be 
strictly true only if J: is close to zero, even though 
appreciable diffusion can occur in the a-phase. As 
Ji increases, this approximation will become less 
reliable, although it will always give the correct 
sign for J,. 

The other assumption that will be made is that 
Ji >> Jz, Jt of Je where Jf is the flux of compo- 
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nent 1 in the a-phase. In the examples to be given, 
this assumption will be valid. In cases where this 
simplification cannot be made, the final result will 
depend on the competition between several fluxes; 
however, no new principle is involved. 

With these assumptions, we can now use Eq. [1] 
to obtain Ji. If the local equilibrium between a and 
8 is obtained at each point in a temperature gradi- 
ent, the first term in Eq. [1] is given by equilibrium 
equation.” 

dln Ni dT 


3 


where AH, is the partial molar heat of mixing of 
component 1 in a, and g saturated with a is taken 
as the standard state for 1. If Eqs. [1] and [3] are 
combined, we obtain 


DN: x, dT 
Ji i+ [4] 


It should be noted that aside from Qf and AZ, all the 
terms in Eq. [4] are always positive so that the di- 
rection of the flux will be determined by the sign of 
Qi + AH,. These 2 terms are parameters which in- 
dicate the relative strengths of the 2 driving forces 
involved; i.e., the thermal-diffusion effect and the 
temperature dependence of the solubility. If the 
sum of these terms is positive, the flux is toward 
the cold end. 

To clarify the use of Eq. [4] we next consider its 
application to the Fe-C system. This will serve 
also as an example of Case II where the thermal- 
diffusion effect opposes and dominates the effect of 
a positive heat of solution. (A positive heat of so- 
lution means the solubility of N, in @ will increase 
as the temperature increases.) 

In the experiment to be described, a thin speci- 
men of a spheroidized 0.14 pct C-iron alloy” was 
held in a temperature gradient with the entire spec- 
imen below the A, so that the specimen consisted 
of carbides in a ferrite matrix. Richardson gives 
AH, ~ 15,000 cal per mol for FesC in a-Fe.° The 
heat transport, Q." in a-Fe is not known with cer- 
tainty, but from the work of Darken and Oriani, one 
can say that Q* < - 25,000 cal per mol. Since the 
sum AH + Q* is negative, the net flux of carbon will 
be toward the hot end. 

Using Eq. [4] and the temperature variation of 
N, and D,, it would be possible to calculate the di- 
vergence of J,, i.e., the accumulation or depletion 
of carbide, at any point in the specimen. However, 
we will consider only the effects at the hot side and 
cold side of the thin sheet, At these surfaces, the 
flux must equal 0, so that change in the amount of 
second phase is more pronounced than in some re- 
gion away from the surfaces. 

Since the flux given by Eq. [4] is from the cold to 
hot end, this will result in a depletion of carbide at 
the cold side and an accumulation of carbides at the 
hot side. An experiment to demonstrate this was 
carried out on the 0.14 pct specimen mentioned pre- 
viously in the apparatus shown schematically in 
Fig. 3. The Cr-Al thermocouple wires were not 
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Cr (Ag or Cu) 
Graphite ——> 
Tungsten Spring 


Fig. 3—Schematic section of thermal-diffusion apparatus. 


joined to one another but spot-welded individually 
to the specimen, as shown. In this way the temper- 
ature of each surface was determined accurately. 
The assembly was inserted in a quartz tube with 
bail joints on each end, and dry hydrogen* passed 


*The hydrogen was purified by passing over a Pd catalyst, through 
a column of magnesium perchlorate and finally over titanium chips at 


700°C. 


through the vacuum-tight system. After annealing 
for 60 hr in a temperature gradient of 545°C per 
cm (top temperature 705°C, bottom temperature 
640°C) the specimen was sectioned to expose a sur- 
face parallel to the diffusion direction. Regions 
near the hot, cold, and middle portions of the spec- 
imen are shown in Fig. 4. A region completely free 
of carbides can be seen on the cold side. The re- 
gion in the center has increased slightly in carbon 
(as estimated by lineal analysis), while the amount 
of carbide on the hot side has increased greatly 
corresponding to 1.75 pct C at the hot surface and 


Fig. 4—Photographs from three parts of 
spheroidized Fe—0.14 pct C alloy after , 
annealing 60 hr in temperature gradient es 
of 545°C per cm. Temperature of hot 
and cold faces, 705°C, and 640°C, re- 
spectively. X500. Reduced approximately 
40 pet for reproduction. 
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cold Face 


approximately 0.45 pct C in the remainder of the 
picture taken near the hot surface. Thus, it is seen 
that appreciable redistribution of carbides can 
occur in a temperature gradient in a relatively 
short time. 

If the specimen shown in Fig. 4 had been an- 
nealed long enough in the temperature gradient, all 
of the carbide would have been transported to the 
hot face. The final carbon distribution would have 
been similar to that shown in Fig. 2, with N, of Fig. 
2 corresponding to the mol fraction of carbon and 
6 corresponding to Fe3C. 

To estimate the time required to attain the fore- 
going “final carbon distribution,” consider a piece 
of an alloy consisting of a uniform dispersion of 
fine carbides in a-iron with a uniform cross sec- 
tion normal to the x-axis and a temperature grad- 
ient parallel to the x-axis. The amount of carbon 
crossing a given plane, x, from the cold face, in 
unit time is J, Since carbon is conserved and no 
carbon enters the cold end of the piece, the flux J; 
will change the average composition of the region 
on the cold side of x, by an amount (N° — N4) where 
Nis the initial composition of the alloy and MN, the 
final composition of the region. If the annealing is 
continued until all of the carbides are swept out of 
the.region on the cold side of x, the time required, 
ts, is 


(Ni - Ni)x, [5] 
Jy 

where N; is the moles of carbon per cu cm left in 

solution after the carbides are removed. As long 

as there are carbides remaining in solution, we can 

approximate J, by Eq. [4]. 

We can now estimate ¢, for the 0.14 pct C alloy 
discussed previously. If we take the average tem- 
perature to be 675°C, best values for the param- 
eters are. 107" sq per sec,’ N} = 
1010-4 mol C per cu cm," Ni= 9 X 107 * mol C 
per cu cm, dT/dx = 545°C per cm, (AH, +Q*)= -10%, 
12 cm. From Eq. [4] one obtains an av- 
erage flux of 1.5 x 10° *° mol C per sq cm sec. Using 
Eq. [5] and the remainder of the data, it is seen that 
the time required to sweep most of the carbide to 
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the hot end is 12 days. This value of the time is a 
lower estimate because, as the number of particles 
in any given isothermal band becomes smaller, the 
approximation of carbon-saturated ferrite will be- 
come a poorer one. The majority of the carbide 
would be removed in 12 days, but to clear the region 
of all carbides could take considerably longer. 

As a second example, consider the redistribution 
of zirconium hydride in a matrix of a-zirconium. 
This case differs from the foregoing one in that Qe 
and AH, are both positive. Thus, both the concen- 
tration gradient and the temperature gradient will 
tend to transport the hydride toward the cold end. 
Consider an alloy with N%, = 3.6 x 107* mol H per cu 
cm (= 55 ppm by wt), and a mean temperature of 
200°C, in a temperature gradient of 100°C per cm. 
Under these conditions, the solid solubility is Ny = 
7.2 x 107° mol H per cu cm,® Dy = 4X 107',? AH = 
8600 cal per mol for the hydride® and, from the work 
of Markowitz and Bell, one can estimate Qj = 7+ 1 
kcal per mol.” If the required data are put in Eq. 
[4], one obtains J = 10°*° mol H per cu cm sec. 
Using the remainder of the foregoing data and Eq. 
[5], we find that the time required to sweep the ma- 
jority of the hydride to the cold end of a 0.1-cm- 
thick sheet is about 5 days. 


If one considers the zirconium cladding of the 
fuel element in a water-cooled heterogeneous power 
reactor, the operating temperature will certainly be 
above 200°C and the temperature gradient almost an 
order of magnitude larger than 100°C per cm.” 
Thus, if there were hydrides present in the cladding 
initially, one would expect to find them all at the 
cold surface after a day under operating conditions. 
The hydrogen content for the warmer portion of the 
cladding would be given by Eq. [2] and the boundary 
condition that Ny is given by the phase diagram for 
the temperature of the zirconium-hydride interface. 
The resulting distribution would be similar to Fig. 
2 if the right-hand side was considered to be the 
low-temperature side. 


There is an additional type of phase redistribution 
which can occur when annealing in a temperature 
gradient, this effect being especially pronounced 
when Qf and Ad; have the same sign. If a zircon- 
ium-hydrogen alloy with Ny = 7 x 107° mol H per cu 
cm is annealed in a temperature gradient at a mean 
temperature of 300°C, all of the hydrogen can ini- 
tially go into solution. Since Qj > 0 there will be a 
flow of hydrogen atoms toward the cold side. As the 
hydrogen content at the cold face builds up, the sol- 
ubility of the hydride will be exceeded and an hy- 
dride formed. The final distribution of hydrogen will 
then be of the type described in the foregoing for a 
mixture of hydride and a-zirconium in a tempera- 
ture gradient. 

In the examples discussed, the transport occurred 
by diffusion of 1 in the continuous phase. However, 
if the diffusivity of the solute in the discontinuous 
phase was much greater than in the continuous 
phase, the 6-phase particles would no longer be 
transported by solution in @ and reprecipitation, but 
would move through the matrix intact. In this case, 
the rate and direction of transport would no longer 
be determined by the values of Q*, AH, D, and so 
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on, in a, but by their values in 8. This type of 
transport has been treated elsewhere””” under the 
restriction that Q* = 0. However, their equations 
can easily be generalized by replacing AH(dT/dx) 
by the sum (AH + Q*)(dT/dx). 


DISCUSSION 


In the foregoing, we have discussed the redistri- 
bution of a second phase which is possible when an- 
nealing takes place in a temperature gradient. The 
main points that have been made are that an appre- 
ciable redistribution of certain precipitates can 
occur under easily attained conditions of tempera- 
ture and temperature gradient, and that the sign of 
this redistribution, i.e., whether it goes toward the 
hot or cold face, cannot be predicted from the phase 
diagram and Fick’s first law. 

Since the effects described can change the micro- 
structure of an alloy drastically, it is important 
to determine in what other systems one might find 
an appreciable redistribution of the second phase. 
For the sake of discussion, we will take any system 
with a flux equal to or greater than 107 2 mol per 
sq cm sec as being able to give a significant redis- 
tribution. (The carbon flux for the specimen shown 
in Fig. 4 was 10°*° mol C per sq cm sec.) Using 
Eq. [4], one can obtain what tends to be an upper 
limit on J for most cases by taking T = 1000°K, N; 
= 107° mol per cu cm (~ 1 atom pct), (AH + Q*) = 
+ 10 kcal per mol and dT/dx= 107°C per cm. This 
gives J/D= 10°* mol per cm*. To obtain J = + 10°” 
mol per sq cm sec, one must have D= 107° sq cm 
per sec. 

If one consults a compilation of data for D (e.g., 
reference 13) it is apparent that values of D = 107° 
sq cm per sec can be attained for substitutional 
solutes only at temperatures very near the melting 
point of the alloy. On the other hand, for interstitial 
solutes diffusivities much larger than 107° are often 
attained in the temperature range of commerical ap- 
plication for the matrix metal.* Thus one might ex- 


*The data on D for hydrogen listed in reference!® are seriously in 
error in the temperature range of interest here. As an indication of the 
most recent values, the temperature at which Dy = 10 sq em per sec 
for several metals is o-Fe, 65°C; 14 a-Ti, 360°C; 15 a-Zr, 270°C; 9 
a-U, 280°C. 16 
pect to find a significant redistribution of precipi- 
tate under conditions appreciably less severe than 
those used in the foregoing if the solute is intersti- 
tial, while for substitutional solutes the effect would 
be expected only under the most severe conditions. 

Up to this point we have assumed “reasonable” 
values of the parameters entering into Eq. [1] and 
have discussed the microstructural changes which 
one would expect under these conditions. However, 
if one wished to make predictions about systems 
other than those mentioned here, it probably would 
be impossible to find data for Q*. To the author’s 
knowledge, there are only 2 published papers in 
which anything approaching quantitative data for Q* 
are given for solid metal alloys. These data are for 
carbon and nitrogen in @-iron,° and silver, thallium 
and indium in zinc.** Once Q* and the other more 
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common parameters entering into Eq. [1] have been 
determined, the prediction of the precipitate redis- 
tribution to be expected in a given situation reduces 
to a boundary-value problem. However, until more 
data are available for Q* , it usually will be impos- 
sible to predict even the sign, much less the magni- 
tude of the effect to be expected. 


SUMMARY 


When a 2-phase alloy is annealed in a tempera- 
ture gradient, it is possible to obtain an appreciable 
redistribution of the phases simply as a result of 
the temperature gradient. Consideration of the 
driving forces involved shows that one cannot pre- 
dict the sign of this redistribution by using only the 
temperature dependence of the solubility and Fick’s 
first law. The actual redistribution depends on the 
relative magnitude of this solubility effect plus that 
force due to Or. the heat of transport of the diffus- 
ing atoms in the matrix. 

Two examples of this redistribution are discussed 
in some detail. Cementite is shown to be trans- 
ported to the hot end of a-iron and zirconium hy- 
dride to the cold end of a-zirconium., Assuming that 
the phase transport occurs predominantly through 
the diffusion of 1 component in 1 phase, equations 
are derived with which one can estimate the kinetics 
of such a redistribution, provided Q*, the diffusion 
coefficient, and the terminal solubility as a function 
of temperature are known. Finally, it is shown that 
an appreciable change in the microstructure of an 
alloy can easily be obtained if the solute is intersti- 
tial, whereas for substitutional solutes, a change 
will occur only under the most stringent conditions. 
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Concerning the Mechanism of Resistivity Recovery Observed in Cold-Worked 


Molybdenum 


H. R. Peiffer 


Recent iy Martin’ has indicated that the re- 
covery of resistivity at 145°C following elongation 
of molybdenum at room temperature was the result 
of the annihilation of vacancies. The activation 
energy for this process was, according to Martin, 
1.26 ev. This energy seems to be a reasonable one 
for the activation energy for the diffusion of vacan- 
cies in molybdenum. However, impurity atoms such 
as carbon,” nitrogen,’ and oxygen* have an activa- 
tion energy for diffusion in molybdenum of the same 
order of magnitude (7.e., 1.45, 1.15, and 2.09 ev, re- 
spectively). Cottrell and Churchman® have already 
correlated the return of impurity atoms to disloca- 
tions in cold- worked iron with the return of the up- 
per and lower yield point. 


H. R. PEIFFER, Junior Member AIME, is Staff Scientist RIAS, Inc., 
Baltimore 12, Maryland. 
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Technical Note 


According to Cottrell® the diffusion of carbon 
atoms to dislocations results in the return of the 
yield point. As the carbon atoms become trapped 
by dislocations, Bhatia’ has shown that a decrease 
in the electrical resistivity is to be expected. Cot- 
trell and Churchman were able to correlate experi- 
mentally the decrease in electrical resistivity with 
the return of the yield point. 

Since one would expect strain aging to occur in 
molybdenum, an experiment was performed to de- 
termine whether the resistivity recovery at 150°C 
for molybdenum cold-worked at room temperature 
can be correlated with the return of an upper and 
lower yield point. For this experiment 716-in. ten- 
sile bars of Climax molybdenum, 99.961 pct pure, 
were used. The specimens were annealed at 1000°C 
for 1 hr in an argon atmosphere and then were elon- 
gated up to 10 pct on a Baldwin- Lima-Hamilton FGT 
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Table |. The Difference between the Upper and Lower Yield 
Points for Molybdenum Specimens Annealed at 1000°C for 1 Hr 


Ao (psi) 


Specimen 


4100 
2800 
5200 
5200 
5400 
4900 
6000 


Tensile machine. The difference, Ao, between the 
upper and lower yield points of a few specimens are 
noted in Table I. Following elongation, the speci- 
mens were heated to 145°C and at given intervals 

a specimen was tested again to determine whether 
strain-aging had occurred. No strain-aging was in 
evidence even after 96 hr. It had been shown earlier 
that the resistivity recovery for this same material® 
was nearly completed after 96 hr of anneal at 145°C. 


In conclusion it then seems unlikely that impurity 
atoms are migrating to dislocations during the 
145°C recovery process. The interpretation of 
Martin attributing the recovery mechanism to the 
annihilation of vacancies appears to be valid. 

Since this experiment was conducted, the author 
has become aware of a similar experiment? per- 
formed on the material used by Martin. The results 
were the same. 
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The Deformation of Single Crystals of Aluminum 


Single crystals of aluminum oriented for single slip and duplex slip were deformed 
at 23°, 300°, and 600°C at creep, normal, and very rapid rates of straining to about 
0.035 strain. A detailed study of the crystallography of deformation was made by the 
optical examination of slip traces and the Laue and Berg-Barrett X-ray techniques. Slip 
was found to take place almost exclusively on the {111} planes; the only other slip plane 
observed was the (011) which was active to a minor extent in the crystal oriented for du- 
plex slip and deformed at 300°C at the very rapid rate. The spacing of the traces of slip 
bands, kink bands, and bands of secondary slip, and the size of sub-grains are shown to 
be dependent upon both the temperature and rate of strain. The occurrence of bands of 
secondary slip or kink bands also depends upon the mechanism of deformation and upon 
one another’s presence. For the creep rate of straining at 600°C crystals of both orienta- 
tions were observed to deform by localized octahedral slip. The slip bands in the crys- 
tal oriented for duplex slip were the less localized and were detected only by X-rays. 

It is believed that the relatively thick, high-temperature oxide film acted as a barrier 

to dislocations and made slip steps unobservable under the microscope. The entire gage 
length of this crystal was covered with a network of lines running almost parallel and 
perpendicular to the specimen axis. A similar orderly network of lines was observed 
near the very coarse, more localized slip bands of the crystal oriented for single slip. 
These lines are believed to be stress cracks in the oxide layers. 


J. M. Roberts and K. V. Gow 


In a recent review of the field of plastic deforma- 
tion of metal single crystals, Maddin and Chen? indi- 
cated the need for systematic investigations of the 
crystallography of the slip process with special at- 
tention to: 

a) The effect of the orientation of a crystal on 
the appearance of slip lines, 


J. M. ROBERTS, presently a graduate student at the University of 
Pennsylvania, Philadelphia, Pa., was formerly a graduate student at 
the University of Toronto, Canada. K. V. GOW, associated with the 
Department of Mines and Technical Surveys, Ottowa, Ontario, was 
formerly a Research Fellow, University of Toronto, Canada. 
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b) The effect of high temperatures on the slip 
systems of aluminum, 

c) The effect of strain rate on the crystallogra- 
phy of slip. 

The present paper deals with the effect of tem- 
perature and strain rate on the mechanism of de- 
formation of aluminum single crystals Similarly 
oriented for single and duplex slip. The work of 
several investigators* ° has shown that in alumi- 
num at high temperatures other slip systems in 
addition to the predicted {111}<101> may operate. 
The most generally reported additional systems 
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are the {100}<101> and {211}<101>. However, in 
a large number of cases the indices of these addi- 
tional slip systems are not determined absolutely. 
Recent electron microscopy work led to the con- 
ee that only {111} planes took part in cross 
Slip. 

In this investigation two types of deformation 
bands were observed: ”?! 

a) Those which form initially on planes normal 
to the active slip direction and in which there is 
abrupt bending of the glide lamellae; only one sys- 
tem of slip planes is active. These are referred to 
below as “kink bands.” 

6) Bands almost parallel to the principal slip 
plane and which are the sites for slip on one or 
more unpredicted systems of planes different from 
those operating in adjacent parts of the crystal. 
These are referred to as “bands of secondary slip.” 

The term “slip band” refers to a bundle of glide 
lamellae, the grouping of which forms a band visible 
under the microscope. 


EXPERIMENTAL PROCEDURE 


Preparation of the Specimens—Super-purity alu- 
minum single crystals were grown into their melt 
in a horizontal graphite boat using the seeding-on 
technique and under conditions similar to those 
described by Clark and Chalmers.® They were 6 in. 
long, 72 in. wide, and 71. in. thick. A spectrographic 
analysis of several of the crystals showed them to 
be at least 99.985 pct Al. The principal impurities 
were iron, silicon, copper, and magnesium in 
amounts of about 0.008, 0.004, 0.002, and 0.001 pct, 
respectively. 

In 1 series,. designated A, crystals were oriented 
such that only the (111) [110] slip system would op- 


{00 
Fig. 1—Standard (001) stereographic projection showing 
orientation of crystals of the A-series. SA-pole of speci- 
men axis; TA-pole of top surface; RA-pole of side surface; 
CN-pole of unpredicted plane almost normal to specimen 
axis found in specimen A9; CP-pole of unpredicted plane 
almost parallel to specimen axis found in specimen AQ. 
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Fig. 2—Standard (001) stereographic projection showing 
orientation crystals of B-series. SB-pole of specimen 
axis; TB-pole of top surface; RA-pole of side surface; 
NSA-pole of unpredicted plane almost normal to specimen 
axis found in specimen B9; PSA-pole of unpredicted plane 
almost parallel to specimen axis found in specimen B9. 


erate from the initiation of plastic tensile strain and 
they could be extended as much as 40 pct and still 
slip on the same single set of (111) planes.* Ina 
second series, designated B, crystals were oriented 
such that the (111) [011] and (111) [110] slip systems 
would operate simultaneously from the initiation of 
tensile deformation. The orientations of the crys- 
tals of A and B series were determined from Laue 
back-reflection photographs and are plotted in the 
stereographic projections shown in Figs. 1 and 2, 
respectively. 

A tapered gage section 2 in. long, 7s2 in. wide, and 
%so in. thick was formed by milling the crystals; the 
depth of each cut was 0.001 in. A fine jewellers’ 
saw was used to cut the seed crystals from the 
specimens. A hole was drilled near each end of the 
specimen to accommodate the specimen grips. Dur- 
ing the cutting, drilling, and machining operations 
the crystals were supported in a special jig to avoid 
straining them. Fig. 3 shows a typical specimen. 

The specimens were electropolished to provide a 
suitable surface for observing slip traces and to re- 
move surface strains introduced during milling. 
The electropolishing technique described by De Sy° 
was used. After the deformed surface layers were 
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Fig. 3—Specimen A9 — deformed by 600°C creep, about 1/4 
actual size. 
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removed, as indicated by the disappearance of as- 
terism from Laue back-reflection photographs, 
some additional electropolishing was carried out 
as an extra precaution to remove all strained 
material. 

Fine lines were inscribed at either end of the gage 
length and the strain was determined by measure- 

- ments of the separation of these marks with a trav- 
elling stage microscope accurate to + 0.001 mm. 

Elongation of the Specimens—A hard tensile ma- 
chine was used to deform the specimens in uniaxial 
tension at creep, normal, and impact rates. The 
grips held the specimens in a vertical position in a 
conventional, resistance-wound tube furnace. The 
temperature over the gage length was controlled to 

Creep was at a constant rate, the lower grip being 
moved slowly downward by an electric motor and 
speed-reduction unit. Normal rates were obtained 
by hand-winding a gear in the speed-reduction unit. 
Very rapid rates were obtained by causing the upper 
grip to move upwards by the impact of a freely fall- 
ing weight on a lever arm attached to the tension rod 
extending from the furnace. The time for extension 
under impact was measured by the travel of a needle 
attached to the lever arm. The point of the needle 
traced a circle in carbon black deposited on a 
motor-driven rotating disk. The length of the path 
traced by the needle when moving from the before- 
impact to the larger radius after-impact circle gave 
a measure of the time for extension, the disk rota- 
tion speed being known. 

Specimens strained by impact and normal rates at 
elevated temperatures were cooled quickly by rais- 
ing the furnace from around the crystal and im- 
mersing the lower grip in wafer. This retarded re- 
crystallization. Creep specimens were cooled 
slowly in the furnace. 

Examination of the Specimens— The polished sur- 
faces of the deformed specimens were studied under 
the optical microscope using various types of illu- 
mination such as bright field, phase contrast, and 


polarized light. This examination was confined to a 
section 7/s in. long at the center of the gage section. 

The Miller indices of slip planes intersecting the 
top and side surfaces were determined by the two- 
trace method of analysis.’° The angles between the 
traces of the slip planes and the specimen axis on 
the four surfaces were measured on the rotating 
stage of a projection microscope. 

Measurement of Spacing of Traces of Bands of 
Slip, Secondary Slip, and Kink—The spacing of slip 
traces was measured on the surfaces where they 
were most easily discernible; i.e., the slip direc- 
tion making the largest angle with respect to the 
surface. The counts were made normal to the ob- 
served slip traces over several regions about 1 mm 
in length. Where slip occurred predominantly on 1 
system but occasional traces of other systems were 
observed, the spacing recorded is that of the pre- 
dominant system only. Where 2 or more systems 
operated, each to a considerable extent, the spacing 
for each system was determined and the average 
value recorded. In crystals of the B-series the 
spacing between two systems differed enough to al- 
low their spacing to be recorded separately. 

Both before and after deformation Laue and Berg 
back-reflection X-ray photographs were taken at 
the center of the polished sections on the top sur- 
faces; i.e., the surfaces on top during growth of the 
crystals. 

The X-ray microscopy technique described by 
Barrett*° and Honeycombe’ was used. An X-ray 
beam from a copper target energized at 30 kv and 
15 ma was passed through a nickle filter to give 
copper K a radiation. The X-ray beam was col- 
limated through a 1-mm X 10-cm slit 10 cm long. 
The slit-to-specimen distance was 26 cm. The 
specimen-to-film distance was about 2mm. After 
obtaining a setting that gave an intense reflection, 
the frame supporting the crystal and film was os- 
cillated through 2 deg about a horizontal axis normal 
to the X-ray beam. For crystals of the A-series an 
angle of incidence of 35 deg between the X-ray beam 


Table |. Temperatures and Strain Rates at Which Crystals Were Deformed 


Temperature 23°C 300°C 600°C 
Specimen Al Bl A4 B4 A7 B7 

A 
p Strain 0.037 0.033 0.030 0.037 0.042 0.034 
I Extension period, sec 10° 3.3 x 10°? 1.65 x 107° 
D 

Strain rate, mm per mm per sec 26.4 10.1 LA 22.3 24.6 21.0 
N Specimen A2 B2 AS B5 AS - B8 
R Strain 0.044 0.028 0.041 0.037 0.043 0.040 
M 
A Extension period, sec 116 92 63 83 64 74 
i Strain rate, mm per mm per sec 3.78 x 10° 3.06 x 107° 6.54 x 10° 4.43 x 10 6.73 x 10% 5.35 x 10 
x Specimen A3 B3 A6 B6 AQ B9 
4 Strain 0.036 0.028 0.044 0.036 0.043 0.043 
E Extension period, sec 108,300 109,800 108,000 108,000 110,100 : 115,200 
Pp 

Strain rate, mm per mm per sec 3.34 x 10°” 2.59 x 10°’ 4.06 x 1077 3.28 x 10°” 3.88 x 10°” 3.68 x 1077 
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Fig. 4(a)—Left: Impact 23°C, TS 
(XM). X22. Reduced approximately 
34 pct for reproduction. 


Fig. 4(6)—Right: Normal 23°C, BS 
(XM). X65. Reduced approximately 
34 pet for reproduction. 


Fig. 4(c)—Left: Normal 300°C, TS 
(XM). X65. Reduced approximately 
34 pet for reproduction. 


Fig. 4(d)—Right: Creep 300°C, BS 
(XM). X35. Reduced approximately 
34 pet for reproduction. 


Fig. 4(e)—Left: Impact 600°C, BS 
(OP). X500. Reduced approximately 
34 pet for reproduction. 


Fig. 4(f)—Right: Normal 600°C, BS 
(XM). X22. Reduced approximately 
34 pet for reproduction. 


KB 6-D. SS8 


Nomenclature for Markings Used on Figures: 


SSB — secondary slip bands; GD — growth direction; 
KB — kink bands; SB — slip bands. 


and the specimen surface was found to give an in- 
tense reflection. This angle was 27 deg for the B- 
series crystals. 

The films used in this study were ordinary dental 
X-ray films and Kodak spectrographic plates, the 
latter having the higher resolving powers of 500 and 
1000 lines per mm. The dental prints shown are 
positives and the spectrographic plate prints are 
negatives. 

The spacings of the traces of bands of secondary 
slip and kink bands, as well as the size of the sub- 
grains, were determined from the X-ray micro- 
graphs. 

Crystals of each series were deformed at three 
different temperatures and strain rates as shown in 
Table I. The strain rates shown are the average 
values. Since the rapid rates were in the range of 
10 mm per mm per sec it is assumed that these 
tests were not influenced appreciably by wave-prop- 
agation effects.’ That is, these rapid loading tests 
were just at the border of conditions under which an 
appreciable change in stress occurs during the time 
required for a small increment of strain to prop- 
agate throughout the specimen. 
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TS —top surface; SS — side surface; BS — bottom surface; 
OP — optical photomicrograph; XM — X-ray micrograph. 


EXPERIMENTAL RESULTS 


Slip, Kink, and Secondary Slip-Band Spacings, 
Sub-Grain Sizes and Operative Slip Systems— The 


spacing of the traces of slip bands, kink bands, and 
bands of secondary slip as well as sub-grain sizes 
and operative slip systems are reported in Tables 
II and III for crystals of A and B-series, respec- 
tively. It was observed by X-rays that in many 
cases kink bands and secondary slip bands, not ob- 
servable by optical examination, had formed during 
deformation. In all cases the value obtained for the 
spacing of the bands was smaller when determined 
by X-rays than by optical means. 

a) Slip Bands— Table II shows that the spacing of 
slip bands in crystals oriented for single slip in- 
creased with increasing temperature and decreasing 
strain rate. Table III shows that in crystals ori- 
ented for duplex slip the spacing of slip bands does 
not behave in such a consistent manner. At room 
temperature the slip-band spacing was almost in- 
dependent of strain rate whereas at 300° and 600°C 
the spacings increased with decreasing strain rate. 
For the normal and creep rates of strain the spac- 
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Table Il. Values of Slip Band, Kink Band, and Secondary Slip-Band Spacings and Sub-Grain Sizes for Crystals Oriented for Single Slip 


Slip Systems 


Bands of Secondary Kink Bands, Sub-Grains 
Operative 


An Strain Slip Bands, 
Slip, 


Specimen XS Rate 
Al 23 Rapid 2.41 128 (111) [110] 


A2 23 Normal 3.64 


A3 23 Creep 5.56 


A4 300 Rapid 3.30 


Normal 17.4 


A6 300 Creep 125 


A7 600 Rapid 4.35 


A8 600 Normal 20.0 


AQ 600 Creep 5000 


(111) [110] 


180 650 (1i1) 


(ii1) [110] 


45 1450 (1i1)_ [iio] 


(iit) [110] 


14 qi1) [Tio] 


(111) [110] and 
possibly a plane of 
the [ 100] zone 


500 25 to (1i1) [iio] 
100 (111) [110] 

(111) is possibly 

a cross-slip plane 


525 140 (111) [iio] 
(111) [110] 
(111) possibly a 
cross-slip plane 


500 (111) 


possibly a plane of 
the [010] zone 


1600 250 (111) [110] 
(111) [110] 


200 to (ii1) [110] 

600 (111) [iio] 
sub-sub-grains 

14 


ing increased with temperature but in the rapidly 
deformed specimens the spacing was almost in- 
sensitive to the large changes in temperature of 
testing. 


b) Kink Bands—In the crystals of the A-series 
kink-band spacings (Table II) were relatively inde- 
pendent of strain rate. The kink-band spacing was 
greater at 600°C than at lower temperatures of test- 
ing. The occurrence of kink bands appears to be de- 
pendent upon both temperature and strain rate when 
wide variations of these parameters are employed. 

In the crystals of the B-series kink bands form 
only at 300° and 600°C, being very coarse at the 
latter temperature. Their spacing at these temper- 
atures was relatively independent of strain rate and 
appears to be dependent primarily upon whether 
bands of secondary slip formed during deformation 
(Table III). 


c) Bands of Secondary Slip—Crystals of the 
A-series developed bands of secondary slip at room 
temperature for all three strain rates, and at 300° 
and 600°C for the very rapid rate. Their spacing at 
room temperature was almost independent of strain 
rate. It was observed optically that these bands 
were wider and deviated more from running parallel 
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to the primary slip planes at faster strain rates. 
The bands of secondary slip observed on specimen 
Al deviated _as much as 13 deg from running paral- 
lel to the (111) slip traces. 

Table III shows that bands of secondary slip 
formed at room temperature at each strain rate 
and their spacing was independent of strain rate. 
Bands also formed at 300° and 600°C but only at the 
very rapid rate of strain. 

d) Sub-Grains—Within the limits of resolution of 
the X-ray techniques employed, sub-grains were 
observed in the crystals of the A-series strained at 


the normal and creep rates at 300° and 600°C. Their 


size increased with decreasing strain rate and in- 
creasing temperature. 

Similarly, in crystals of the B-series, sub-grains 
were observed only in specimens deformed at the 
creep-strain rate at 300°C and at each strain rate 
at 600°C. Sub-grain sizes increased with decreas- 
ing strain rate and increasing temperature. The 
sub-grains for the rapid and normal rates at 300°C 


reported in Table III, were not sufficiently developed 


to permit measurement of their exact size. 
Metallographic, X-Ray Microscopy, and X-Ray 

Back-Reflection Observations— Detailed metallo- 

graphic observations were made on the appearance 
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Table Ill. 


Values of Slip Band, Kink Band, and Secondary Slip-Band Spacings and Sub-Grain Sizes for Crystals Oriented for Duplex Slip 


SHP Bands, 
: rain and Slip Systems Band of S d i 
ate Operative Slip, Sub-Grains, 
Bl 23 Rapid 6.7 for (111) [011] 115 parallel to (111) 
7.8 for (111) [1i0] 1410 parallel to (ii1)| 
9.5 for (111) 320 parallel to (111) 
B2 23 Normal 6.2 for (111) [011] 
7.9 for (111) [110] 33 parallel to (111) 
11.1 for (111) 
B3 23 Creep 6.1 for (111) [011] 
6.0 for (111) [110] 40 parallel to (111) 
18.9 for (111) 66 parallel to (111) 
B4 300 Rapid 16 for (111) [oi1] 110 parallel to (111) Slight indication by 
12 for (011) X-ray microscopy 
size ~ 140 
BS 300 Normal 22 for (111) [0i1] 400 for Slight indication by 
25 for (111) [110] (110) bands X-ray microscopy 
size ~ 140 
B6 300 Creep $1 for (111) [011] 230 for 
104 for (111) [1i0] (110) bands 45 to 33 
660 for 
| (110) bands 
B7 600 Rapid 5.3 for (111) [011] 250 parallel to (111) —— 57 to 114 
4.0 for (111) 
B8 600 Nomal 39 for (111) [iio]* 3760 for 175 to 330 
70 for (111) [011]? (110) bands 
BO 600 Creep 1360 for (111) [iio)> 1000 
sub-sub grains 
24 to 58 


“These bands were observed only in localized clusters, not as uniformly spaced bands over the entire gage length. 


Determined by X-ray microscopy. 


of slip bands; numerous optical photomicrographs, 
Laue and Berg X-ray back-reflection, and glancing- 
angle X-ray micrographs were taken. The salient 
features of these observations are shown in Tables 
IV and V. All illustrations are referred to by figure 
numbers in the tables. 

In addition to the observations made on crystals 
of the A-series shown in Tables II and IV 1 speci- 
men of a shorter gage length (1 in.) was deformed 
at 450°C to 0.051 strain at the creep rate of strain. 
Deformation occurred predominantly by coarse slip 
on the (111) plane. The waviness of these coarse 
slip bands on the side surface only could be due to 
(111) and (011) also being operative. The spacing 
of the (111) bands is 1240 4 which is consistent with 
data given in Table II. 

X-ray micrographs taken on crystals electro- 
polished after deformation showed the same types 
of bands as those taken prior to electropolishing, 
but the former are much more distinct. All micro- 
graphs referred to in Tables IV and V were taken 
on the ‘as-deformed” surface. 

In all cases the Laue and Berg spots taken prior 
to deformation were of uniform intensity and showed 
no asterism. After deformation these spots exhib- 
ited bandings and break-up consistent with the kink 
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and secondary slip bands and with the sub-grains, 
respectively, as revealed by X-ray microscopy. An 
example may be obtained by comparing Figs. 5(e) 
and 6(h). 

Several prominent (111) cross-slip lines were ob- 
served on specimen B3. A similar specimen, but 
with a gage length of only 1 in., was deformed to the 
same extent under the same conditions as those of 
specimen B38. A much greater amount of prominent 
(111) cross-slip was observed between the (111) and 
(111) slip traces. It was concluded that cross-slip 
is caused partly by bending of the crystal due to grip 
constraint. 

To substantiate further that the unpredicted mark- 
ings observed on specimens A9 and B9 were not due 
to some form of deformation of the aluminum, such 
as slip or climb, specimen B9 was electropolished 
and deformed again at 600°C at the normal rate of 
strain. The specimen showed deformation markings 
exactly as found for specimen B8 and no indication 
of the original unpredicted markings were found. It 
would be expected that a mechanism operating dur- 
ing creep also should continue to operate when de- 
formed again at the normal rate. 

The unpredicted markings parallel and perpendic- 
ular to the specimen axis, observed on specimens 
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A9 and B9, were shown to bear no rational crystal- 
lographic relationship. The planes causing these 
traces are shown in Figs. 1 and 2 as CN, CP, and 
NSA and PSA, respectively. An analysis of the prin- 
Cipal direction of stress acting upon a brittle oxide 
film on the metal crystal, when shear of the crystal 
is occurring on the slip systems determined, does 
not predict the stress cracks to run parallel and 
perpendicular to the specimen axis. Consequently, 
these oxide stress cracks are believed to be due to 
the pile up of dislocations at the head of the slip 
band with subsequent breaking of the bond between 
the oxide film and the substrate. The film is then 
under pure tension and cracks form parallel and 
perpendicular to the specimen axis due to exten- 
sion and Poisson contraction. The surface, gently 
curved on a microscopic scale, allows bending un- 
der compression and causes the cracks. 


DISCUSSION 


Slip Systems—For both series of crystals the 
large amount of unpredicted octahedral slip is prob- 
ably due to a combination of the impurities in the 
crystals and the design of the gage section, the gage 
length used, nonperfect uniaxial loading, and so on. 
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Fig. 5(a)—Left: Creep 600°C, BS 
(OP), phase contrast. X250. Re- 
duced approximately 34 pct for 


Fig. 5(b)—Right: Creep.600°C, TS 
(XM). X7. Reduced approximately 
31 pet for reproduction. 


Fig. 5(c)—Left: Impact 23°C, SS 
(OP). X100. Reduced approximately 
34 pet for reproduction. 


Fig. 5(¢)—Right: Impact 23°C, TS 
(XM). X22. Reduced approximately 
34 pet for reproduction. 


Fig. 5(e)—Left: Creep 23°C, TS 
(XM). X22. Reduced approximately 
34 pet for reproduction. 


Fig. 5(f)—Right: Impact 300°C, TS 
(OP). X200. Reduced approximately ~~ 
34 pet for reproduction. 


The waviness of slip bands at elevated temperatures 
and slow strain rates is partly attributable to the 
alternate octahedral slip detected within the limit of 
resolution employed here. In some crystals of the 
A-series planes of a <100> zone appear to have 
operated; but this again could be due to alternate 
segments of octahedral slip on a submicroscopic 
basis giving rise to a slip zone removed from the 
actual traces of the slip planes causing it, as shown 
by Trotter.” 

For specimens B8 and B9 octahedral slip is not 
conclusively determined, since only a few weak slip 
traces could be observed optically; yet the X-ray 
evidence is consistent with there having been octa- 
hedral slip. The occurrence of (011) slip at 300°C 
at the very rapid rate and not at 600°C is difficult 
to explain; it may be due to bending because of non- 
perfect uniaxial tension. 


Summarizing, for these two orientations of crys- 
tals deformed under this range of conditions to 
small strains, slip in nearly all cases occurs on 
octahedral planes. When slip may have occurred 
on other planes it appears to be much weaker. In 
the latter instance the slip planes are not accurately 
determinable because either traces on only one sur- 
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Table IV. Detailed Metallographic, X-ray Microscopy, and X-ray Back-Reflection Observations 
Made on Crystals Oriented for Single Slip (A Series) after Deformation 


Specimen 


Al 


A2 


A3 


A4 


AS 


A7 


AQ 


On the top surface, the principal slip plane (111) separates regions of extensive (111) and (111) secondary slip. These bands some- 
Enas terminate or change direction slightly at low angle lineage boundaries (Fig. 4a). Throughout this analysis these lineage bound- 
aries were observed to have orientation changes of from 0.14 to 2 deg and generally to run almost parallel to the specimen axis. A 
large amount of intimate cross-slip observed in the secondary slip bands on the side surfaces gave a rumpled appearance. 


The (111) secondary slip bands run almost parallel to the predominant (111) slip plane. The (110) kink bands, associated with (111) 


slip, give an abrupt orientation change in the X-ray micrograph (Fig. 4b). Secondary slip bands on the side surfaces show intimate 
cross-slip, principally on the (111). 


The (111) secondary slip bands run almost parallel to the predominant (111) slip plane. Isolated (111) slip traces are observed. The 
(110) kink bands to the (111) [110] system, and the bands of secondary slip, appear similar to those of Fig. 4(6). 


Slip occurred to about an equal extent on the (111) and (111), these bands being fine and highly segmented. X-ray micrographs re- 
vealed fine bands, parallel to the (111) traces, which are probably bands of (111) secondary slip. 


Slip lines are very wavy and there is much cross-slip which may be due to (111) slip. At one edge of the specimen there is a small 
region where (11}) is hi ghly predominant. Faint (111) traces are observed at the boundary between this edge region and the predomi- 


nant (111) slip region. Fig. 4(c) shows (110) kinks to the (111). Intense, slightly rotated (111) slip bands as well as polygonal sub- 
grains occur at the edge of the kink boundaries. 


Both (111) and (111) slip occurred to a nearly equal extent, the former having operated first. Waviness of the (111) slip bands ob- 
served on the side surface may be due to cross-slip in which the(111) was predominant. (110) kinks to the (111) and regular rectangu- 
lar shaped sub-grains were observed (Fig. 4d). 


Most of the deformation has occurred by fine, segmented slip on the (111) planes (Fig. 4e). At a magnification of 1000, the slip traces 
on the top surface (parallel to the Burger’s vector) appear as a series of fine pits whereas on the side surfaces (perpendicular to 

the Burger’s vector) they appear as short segmented lines. Bands of secondary slip parallel to the (111) plane, which were undetec- 
table optically, are observed. 


Slip on the (din was predominant, the slip lines being localized in fine clusters. Some of the (111) slip lines appear to be uniformly 
spaced, rather than in clusters. The surface was rumpled and waviness of the (11) slip bands on the side surface is due to multiple 
slip on the (111). Fig. 4(f) shows (110) kinks to the (111) and rectangular sub-grains with their long axis normal to the kink plane. 


Deformation proceeded by highly localized(111) and(111) slip, the unpredicted system being most active. Slip operated first on the predicted 
system. Oxide stress cracks are observed at and adjacent to the coarse slip bands which run parallel and perpendicular to the spec- 
imen axis (Fig. 5a). Cracks parallel to the specimen axis are resolved by X-ray microscopy (Fig. 5b). Large polygonal sub-grains 
which are further sub-divided into smaller grains are observed; the orientation difference across these grains is small; i.e., less 

than 10 min. 


face are discernible or the traces are so short that 
precise measurement of the angle is impossible. 
Slip- Band Spacing— The slip-band spacings are 


operate as well as the longer ones. 
These results indicate that when the overall 
strain is almost constant more slip systems and slip 


not considered to be absolute values since different 
results would be obtained if electron micrographs 
were made and examined. The values themselves 
afford a good comparison between the effects of 
temperature and strain rate on the spacing of glide 
lamellae which are resolvable optically. At higher 
temperatures the bands are more widely spaced 
and coarser in agreement qualitatively with Brown’s 
data on polycrystalline aluminum.** This effect is 
pronounced in crystals oriented for single slip and 
is also noticeable in crystals oriented for duplex 
slip. For the latter, however, this relationship does 
not hold at the very rapid rate. This is probably due 
to the fact that bands of secondary slip of about 
equal densities formed in each of these cases. 
Slip-band density generally increases with in- 
creasing strain rate when bands of secondary slip 
do not occur. The effect of temperature and strain 
rate are in agreement with the work of Nishimura 
and Takamura” and Rosi and Mathewson.” 


sources operate when the strain rate is increased. 
Thus the strain on each slip band is less for defor- 
mation at the higher rates. These results are in 
agreement with Boas and Schmid*® who postulate 
that increasing the rate of strain is equivalent to 
decreasing the temperature of testing; this is true 
insofar as it produces a more homogeneous distri- 
bution of deformation. 

Bands of Secondary Slip and Kink Bands— Either 
kink bands or bands of secondary slip formed under 
all conditions of deformation except the very high- 
temperature creep tests. It thus appears that these 
bands form when bending of the crystal due to grip 
constraint causes rotation of the primary glide 
lamellae as discussed by Honeycombe’” and Gervais, 
et al.’” They do not form during high-temperature 
creep because vacancy diffusion and climb occur 
easily under these conditions with the resultant an- 
nihilation of dislocations. 

In crystals oriented for single slip and deformed 


The 


increased density of slip bands at faster strain rates 
may be due to the shorter time available for recov- 
ery processes to occur, or to the increased rate of 
propagation of strain at faster rates causing the 
shorter Frank-Read sources on the slip planes to 
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at room temperature, the bands of secondary slip 
deviate more from running parallel to the primary 
slip planes at faster strain rates. This could be due 
to the glide lamellae of the latter consisting of fewer 
slip bands and hence presenting weaker obstacles to 
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Fig. 6(a)—Left: Impact 23°C, TS 
(XM). X22. Reduced approximately 
34 pet for reproduction. 


Fig. 6(b)—Right: Normal 300°C, TS 
(XM). X4. Reduced approximately 
34 pet for reproduction. 


Fig. 6(c)—Left: Creep 300°C, BS 
(XM). X22. Reduced approximately 
34 pet for reproduction. 


Fig. 6(d)—Right: Impact 600°C, BS 
(XM). X85. Reduced approximately 
34 pet for reproduction. 


Fig. 6(e)—Left: Normal 300°C, BS 
(XM). X4. Reduced approximately 
11 pet for reproduction. 


Fig. 6(f)—Right: Creep 600°C, TS 
(XM). X55. Reduced approximately 
34 pet for reproduction. 


=F 


Fig. 6(g)—Left: Creep 600°C, TS 
(OP), phase contrast. X250. Reduced 
approximately 34 pct for reproduc- 
tion. 


Fig. 6(h)—Right: Creep 23°C, BS, 
Berg spot. X4. Reduced approxi- 
mately 12 pct for reproduction. 


(iu) 


238 


num of varying degrees of purity. His results in- 
dicated that the speed of deformation appeared to 
have little effect on the formation and habit of kink 
bands. The present study reveals kink-band forma- 
tion to be dependent upon orientation, temperature, 
wide variations of strain rate, and other modes of 
deformation such as bands of secondary Slip. Kink 
bands are absent when deformation occurs by turbu- 


secondary slip. Excessive lattice distortion and 
bending, observed by X-ray microscopy in the du- 
plex slip crystals which had bands of secondary slip, 
may be due partly to the interaction of Cottrell- 
Lomer” sessile dislocations at existing bands of 
secondary slip and partly to other secondary-slip 
systems. 

Honeycombe’ studied the effect of deformation 


speed on the formation of kink bands at room tem- 
perature and at 300°C in single crystals of alumi- 
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lent flow; but one slip system may operate initially, 
kink bands may then form and subsequently a second 
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Table V. Detailed Metallographic, X-ray Microscopy and X-ray Back-Reflection Observations 
Made on Crystals Oriented for Duplex Slip (B Series) after Deformation 


Specimen 


Bl 


Both predicted systems operated. In addition (111) slip traces are observed as bands of secondary slip parallel to the (111). A large 


amount of intimate cross-slip is observed on the side surfaces between the (111) and (111); it runs in bands inclined about 20° to the 
(111) traces (Fig. 5c). X-ray micr oscopy teveals wavy bands (Fig. Sd), not entirely crystallographic but consistent with bands of 
secondary slip parallel to the (111), (111), and (111) planes as well as the bands of intimate cross-slip as shown in Fig. 5(c). 


B2 


Slip occurred on the predicted systems to an equal extent. Unpredicted (1i1) and (111) slip also operated, the latter primarily as 


Soa siRe Bands of secondaty slip parallel to the (111) planes, which are not detectable optically, are observed by X-rays. Due to 
the unpredicted slip occurring often in regions, not bands as observed optically, the micrographs often exhibit random areas of exces- 


sive lattice distortion. 


B3 


Slip occurred predominantly on the (111) [011] system, these slip traces were often segmented. Some (111) and (111) slip is observed 


and some (111) prominent cross-slip occurred. X-ray microscopy reveals bands of secondary slip parallel to the (111) and (111) pre 
dicted planes. The former seem to have formed first and the latter, upon intersection of the (111) bands, cause excessive bending of 


the lattice, Fig. 5(e). 
B4 


Short, segmented and often wavy (111) slip traces occur. In addition fine slip traces corresponding to the (011) are discernable on all 


four surfaces (Fig. 5f). Bands of secondary slip parallel to the (111) traces are detected by X-rays and there is indication of very 
low-angle, polygonal boundaries having started to form, Fig. 6(a). 


B5 Forked and wavy (111) and (111) slip is observed. The latter appear to have started first. (110) kinks to the (111) [110] slip system are 
observed, Fig. 6(b). High resolution X-ray microscopy reveals the intersection of (111) slip bands at the kinks and their slight change 


in orientation. 


B6é Slip occurred predominantly on the (111) as coarse, tapered, and forked slip traces. Fine and straight (111) slip traces are also ob- 
served. The waviness of the (111) bands appears to be partly due to consecutive (111) and (111) slip on an almost sub-microscopic 
scale. The (011) and (110) kinks as very fine bands are observed, Fig. 6(c); and polygonal, sub-grain boundaries show a tendency 


to follow the (011) and (110) planes. 


B7 Short segmented slip traces consistent with (111) and (111) slip were observed on the side surfaces only. No traces on the top sur- 
faces were observable. X-ray microscopy on the top surface delineates bands parallel to the (111) which are believed to be bands 
of secondary slip and probably due to (111) slip, Fig. 6(d). Sub-grains between these bands are discernible. 


B8 Slip is predominantly on the (111) [iio] although the (111) [0 11] also operated. (110) kinks to the (111) [110] system formed, 


Fig. 6(e); and the form of polygonization is also revealed. 


B9 Coarse slip bands were undetectable optically. Coarse (111) bands are observed by X-ray microscopy, Fig. 6(f). Occasionally a 
faint trace of the (111) slip plane is observed, Fig. 6(g). The entire gage length is broken up by oxide stress cracks parallel and 
perpendicular to the specimen axis and suggestive of a more homogeneous deformation than specimen A9. The oxide cracks parallel 
to the specimen axis are resolved in the micrograph Fig. 6(f ). A faint indication of the subdivided sub-grains is also discernible; 
they showed up more strongly in other pictures not included in this paper. 


slip system may become active. This occurred in 
crystals A2, A3, B5, and B6 in which the kinks 
formed with respect to the first operative slip sys- 
tem, as was deduced from the displacements of the 
slip traces. The spacing of kink bands appears al- 
most independent of temperature up to 300°C, but 
at 600°C the spacing is less dense. 

In some cases, specimens A5, B5, and B6, kink 
bands do not show an abrupt orientation change. 
Either the angles involved are very small or the 
individual bend planes migrate and dislocation walls 
of opposite sign approach, and may even annihilate, 
each other. If they become very close to each other, 
i.e., the kinked region very narrow, the band can 
degenerate into a line upon X-ray examination, as 
has been suggested by Cahn.° 

Sub-Grains— The block type of substructure with 
boundaries almost parallel and perpendicular to the 
active slip plane suggests that they were formed by 
polygonization.” The irregular appearance of the 
sub-grains observed in some specimens may be at- 
tributed to the operation of at least two slip systems 
as described by Cottrell.”* 

It is interesting to note that pronounced surface 
rumpling is observed only where the sub-boundaries 
form parallel planes with definite crystallographic 
orientation. Cahn* has described the generation of 
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surface ridges and grooves by polygonization in kink 
bands. It appears that the tilting of each block rela- 
tive to the adjacent blocks over the entire gage sec- 
tion is the principal cause of rumpling. This is seen 
where extensive polygonization has occurred be- 
tween slip bands and not just at kink bands. 

During the very high-temperature creep experi- 
ments (specimens B9 and AQ), the dislocations gen- 
erated at localized slip regions climbed and mi- 
grated in sucha way as to form polygonal sub-bound- 
aries with ~ 120 deg angles between them. These 
boundaries appear to consist of alternate walls of 
edge dislocations of opposite sign since they show 
up so distinctly in X-ray micrographs, yet exhibit 
so little orientation difference across them. 


Oxide Film Formed at 600°C—During tests at 
600°C, if the deformation is highly inhomogeneous, 
the oxide film is broken and perceptible slip steps 
form (specimens A9 and A8). If the deformation is 
more homogeneous (specimens B9 and B8), the ox- 
ide film acts as an efficient barrier to dislocations 
piled up on slip planes; this gives rise to slip which 
is undetectable optically and is often called “viscous 
flow.” It also appears that owing to extinction of the 
X-ray beam cracks in this oxide film are detectable 
by X-ray microscopy. Other bands discernible in 
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the micrographs show clearly that reflection from 
the substrate does occur. 


SUMMARY 


1) Only the occurrence of {111} slip was shown 
conclusively. An exception was some (011) at 300°C 
at the rapid rate of loading for a crystal oriented 
for duplex slip. At elevated temperatures other Slip 
planes, generally belonging to an <010> zone, may 
operate to a minor extent. 

2) The density of slip bands visible under the 
microscope increased with increasing strain rate 
and decreasing temperature, except when bands of 
secondary slip were formed. 

3) Bands of secondary slip and kink bands, not 
discernible with the light microscope, were detected 
by X-rays. The occurrence of these bands is shown 
to be dependent upon strain rate, temperature, ori- 
entation, the mechanism of deformation, and upon the 
presence of one another. Bands of secondary slip 
deviate more from running parallel to the primary 
slip system at faster strain rates. 

4) For crystals of similar orientation deformed 
at the faster strain rates, the unpredicted slip sys- 
tems operated to a greater extent. 

5) Laue and Berg back-reflection X-ray tech- 
niques gave results consistent with those of metal- 
lographic and X-ray microscopy techniques. The 
latter were necessary, however, for a first inter- 
pretation of the Laue and Berg photographs. 

6) Pronounced sub-grain formation was observed 
in some specimens. Their size increased with in- 
creasing temperature and decreasing strain rate. 
During very high-temperature creep, the sub-grains 
appear to have been subdivided further into smaller 
grains. 

7) From an optical and X-ray examination of the 
specimens deformed at 600°C, it appears that the 
oxide film acted as an effective barrier to disloca- 
tions when the deformation was fairly homogeneous, 


The Oxidation of Liquid Lead 


T. F. Archbold and R. E. Grace 


Tue use of interference colors is the simplest ex- 
perimental way to determine the approximate film 
thicknesses of oxides formed on liquid metals. A 
large amount of data under various conditions can 
be obtained easily and quickly. The oxidation of 
liquid lead has been studied by several investiga- 
tors,*° but all of these studies have been on thick 
oxide scales. The purpose of this work was to in- 
vestigate the range 0 to 2000A film thickness. By 
using electron diffraction, Jenkins® concluded that 
the surface of the film on molten lead is yellow 
orthorhombic PbO with the (110) planes parallel to 
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but otherwise the film was broken at localized slip 
bands. 

8) Grip constraint is shown to be a cause of 
prominent cross slip. 
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Technical Note 


the surface. This was confirmed by Shimaoka and 
Yamai’ who also used electron diffraction from the 
melting point of lead to 730°C. 

The rate of oxidation of pure liquid lead in air 
was measured in the temperature range 453° to 
643°C by observing the rate of formation of inter- 
ference colors on static lead baths. Approximately 
170 g of lead (99.999 pct) was placed in a refractory 
dish having a working surface of 13.8 sq cm. This 
crucible was placed in a deep-well resistance fur- 
nace open to the atmosphere. The times at which 
the various interference colors appeared, after 
wiping the molten metal surface clean, were de- 
termined at 453°, 533°, 600°, and 643°C. Elapsed 
times were determined with a stopwatch and all 
colors were estimated by eye. Bath temperatures 
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Fig. 1—(Film 
thickness)? — time 
4 relations at vari- 
ous temperatures 
for the oxidation 
of liquid lead in 
air. 


-6 
(Oxide Thickness) , A x 10 


10 


time, minutes 


were measured with a calibrated chromel-alumel 
thermocouple. 

Oxide film thicknesses were calculated from the 
relation®: 


X+ C= 
where x is the film thickness, is the wavelength of 
the interfered light, m is an odd integer beginning 
with unity, and 7 is the index of refraction of the 
film. The constant C is an additional path difference 
resulting from changes in phase of the radiation 
produced by the reflections from the metal surface 
and from the oxide surface. Although the thickness, 
C, may be approximately 150 to 250A,° the phase 
shift was assumed to be Zero in this investigation. 
This error due to the phase shift cannot be com- 
puted without detailed knowledge of the optical 
properties of the film. Representative wavelengths 
for the colors in the visible spectrum® (Blue— 
4 700A; Green—5200A; Yellow— 5800A; Red—6500A ) 
were used in the calculations, and a value of 2.55 
was used for the index of refraction of yellow PbO. 
The thicknesses calculated were in the range 0 to 
2000A. 

Plots of (thickness)? vs time in Fig. 1 show that 
the exponent ” in the relation y” = kf is approxi- 
mately 2, leading to the conclusion that the oxidation 


Oxidation Resistance of a Cb-Zr-Ti Alloy 


G. M. Gordon, J. W. Spretnak, and Rudolph Speiser 


At present, considerable research is being di- 
rected toward the development of high-temperature, 
oxidation-resistant columbium alloys. Columbium, 
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rate is parabolic in these experiments. In the range 
of oxide film thickness 400 to 600A there may be 
some tendency for the rate to be slow; however, the 
possibility of some systematic error due to the op- 
tical properties or the amorphous nature of thin 
films and the measuring technique precludes any 
interpretation of this observation. Estimated values 
of Rare 2.8 <-10°,.7.0 10°, 13:3 x 10°,-19.5 10° 
(Angstr6ms)? per min at 453°, 533°, 600°, and 
643°C, respectively. These values for k vary lin- 
early with reciprocal absolute temperatures as 
shown in Fig. 2. The overall activation energy of 
the oxidation process is approximately 13 kcal per 
mole. 
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Technical Note 


along with molybdenum and tungsten, exhibits good 
high-temperature strength. Unlike molybdenum and 
tungsten, however, columbium does not form a vol- 
atile oxide below 13 75°C.’ Although the outermost 
oxide formed on pure columbium, Cb,20;, is stable 
in air at elevated temperatures, it is not of a pro- 
tective nature. It is porous and voluminous, and 
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Fig. 1—Still air oxidation rates of columbium-zirconium 
alloys. (Based on 5 hr at temperature unless noted.) 
1000°C. 


spalls upon cooling. Pure columbium has been 
found to oxidize according to a linear rate law at 
temperatures between 600° and 1200°C.? 

In the present study, a large number of arc- 
melted columbium alloys were screened for oxida- 
tion resistance by measuring weight gain versus 
time at 1000°C. In almost all cases, those alloys 
which were found to exhibit relatively good oxida- 
tion behavior spalled upon cooling. Many of these 
alloys were so brittle they could not be fabricated 
by ordinary means. In the case of the columbium- 
zirconium system, however, it was found that a 
range of alloys which could be fabricated by com- 
mon machining and rolling methods was also oxida- 
tion resistant. 

The oxidation rate in the columbium-zirconium 
binary system was found to decrease rapidly with 
increasing zirconium content up to 35 at. pct Zr? 
(all compositions reported are believed accurate 
since the weight change observed on arc-melting 
was in no case greater than 0.2 at. pct). Additional 
investigation indicated that zirconium contents 


higher than 35 at. pct gave still better resistance 

to oxidation, Fig. 1. Alloys containing 45 to 60 at. 
pet Zr exhibited the best oxidation behavior at 
1000°C, and their oxide films did not spall upon 
cooling. The addition of 5 to 10 at. pet Ti to alloys 
in this range further improved the oxidation rate 
and the nature of the oxide film formed. The alloy 
exhibiting the best behavior of those tested (44.5 

at. pet Cb, 50.1 at. pet Zr, 5.4 at. pct Ti) had a very 
hard and coherent oxide film which was 5 mils thick 
after 100 hr at temperature. The oxide-on this alloy 
did not spall even after repeated thermal cycling. 
The alloy also exhibited internal oxidation which 
manifested itself as a pearlitic-like dispersion of 
oxide phases in a solid-solution matrix. The alloy 
undergoes a fairly rapid initial oxidation rate (5 mg 
per sq cm-hr based on 5 hr at temperature), but 
once the initial film forms it acts as a barrier to 
further oxidation and therefore the oxidation rate 
based on 100 hr at temperature (0.5 mg per sq 
cm-hr) is much less, Fig. 1. Pure columbium oxi- 
dized only 1 hr under the same conditions possessed 
a voluminous nonprotective oxide which spalled off 
the specimen upon cooling. 

It appears that columbium-zirconium alloys form 
a stable oxide whose coefficient of thermal expan- 
sion is similar to that of the alloy, whereas pure 
Cb,0, actually possesses a negative coefficient of 
thermal expansion. 

It is quite probable that a ternary addition other 
than titanium (possibly molybdenum, aluminum, or 
chromium) to columbium-zirconium alloys may 
still further enhance the oxidation properties. The 
mechanism of oxidation of these alloys is now being 
studied. 

The work reported here was carried out under 
contract between The Ohio State University Re- 
search Foundation and the Office of Naval Research, 
Department of the Navy. 
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On the Use of Furnaces in the Measurement of the Rate of Oxidation 


of Platinum and other Metals Forming Volatile Oxides 


George C. Fryburg and Helen M. Murphy 


Tue rates of oxidation of metals are usually ob- 
tained by heating the metal specimens in furnaces. 
Such a procedure is satisfactory for most metals. 
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Technical Note 


However, there are several metals that oxidize ac- 
cording to the reaction. 


XM/.) O2 ~ 
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that is, the metal forms an oxide that volatilizes 
immediately upon formation so that the surface of 
the oxidizing metal remains bare. This sort of oxi- 
dation is characteristic of platinum’ and its related 
metals in the temperature region where they oxidize 
to an appreciable extent. Tungsten and molybdenum 
oxidize similarly under certain conditions of high 
temperature and low pressure. The use of furnaces 
to determine the rates of oxidation of metals oxidiz- 
ing in this manner leads to results that are too low. 
This arises from the fact that the enclosing walls of 
the furnace are at the same or a higher tempera- 
ture than the specimen, and the oxide volatilizing 
from the specimen will not condense on these hot 
walls but will remain in the gas phase. As a result, 
equilibrium between the metal and its gaseous oxide 
is attained in the furnace. The measured rate of 
oxidation is then determined primarily by the rate 
of removal of oxide from the furnace to colder re- 
gions rather than by the actual rate of oxidation of 
the metal. 

The published rates of oxidation of platinum in air 
in the temperature region from 900° to 1400° Cc? * 
illustrate the case in point. These results are in 
poor agreement and are obviously a function of the 
flow rate of air through the furnace, as one would 
expect if equilibrium is attained in the furnace. 

For example: at 1200°C, in still air, with the fur- 
nace tube horizontal and closed at one end, Carter 
and Lincoln* obtained a weight loss of only 0.8 mg 
dm™~ *day~*. When the furnace was inclined 15 deg 
and opened at both ends to allow free convection of 
air, the weight loss rose to 10 mg dm™ “day~ ann 
addition, Burgess and Waltenberg” report a weight 
loss of 20 mg dm~*day~* using a vertical furnace 
with forced air flow from below. The true rate of 
oxidation of platinum must be higher than any of 
these values. 

More nearly accurate values of the rates of oxi- 
dation of the metals oxidizing in the manner de- 


scribed above can only be obtained by eliminating 
the degrading effect of the hot furnace walls. This 
could be accomplished by performing the oxidations 
in cooled tubes that would condense the gaseous 
oxide. The specimens could be heated either elec- 
trically or inductively. We have applied the former 
method to the study of platinum, using specimens in 
the form of long ribbons (32-cm long, 0.287-cm 
wide, 0.0014-cm thick). The oxidation cannot be fol- 
lowed by the usual method of measuring the weight 
loss as this is almost undetectable up to nearly 
1400°C for specimens with such small areas. How- 
ever, a method that can be used has been reported 
recently by one of us,* and consists of collecting 
the volatilized oxide (PtO,), dissolving in 12N HCl, 
and analyzing the acid colorimetrically for plati- 
num, Preliminary measurements with thermo- 
couple grade platinum indicate that platinum is at- 
tacked by oxygen much more rapidly than suspected 
in this low temperature region. At 1200°C under an 
oxygen pressure of only 150 uw a value of 100 mg 
dm~*day~* has been measured. The rate increases 
linearly with the pressure up to about 250 y, at 
which pressure the mean free path of the gas mole- 
cules is roughly equal to the width of the platinum 
ribbon. Above this pressure the rate starts to fall 
off from linearity and falls off more and more as 
the pressure increases. This fall off arises from 

a “‘back reflection’”’ of the volatilizing oxide by the 
molecules of the surrounding gas. 

In the near future we hope to report in more de- 
tail results on the oxidation of platinum from 900° 
to 1300°C for oxygen pressures from 0.025 mm of 
Hg to one atmosphere. 
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Thermoelectric Power of Some Bismuth Alloys 


The thermoelectric power of polycrystalline bismuth at room temperature asa 
function of the temperature gradient, at higher temperatures up to 207°C and of air 
cast samples of Bi-Tl, Bi-In, and Bi-Mg alloys at room temperature are reported. 


James C. M. Li 


Tus exploratory survey was undertaken to repeat 
some experiments in which anomalous results were 
reported’ for bismuth and to measure the thermo- 
electric power of some bismuth alloys and inter- 
metallic compounds. 

Sato’ reported that the thermoelectric power of 
bismuth depends on the temperature gradient. This 
seems rather unreasonable especially when the 
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Benedicks effect” has not been detected.’ Even if 
the material is not homogeneous, the observed 
thermoelectric power can be represented by 


a) dx 


> 
° 
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Fig. 1—Thermoelectric power of bis- 
muth at room temperature as a function 
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as shown by Domenicali.* This equation can be ap- 
proximated by dividing the specimen into many sec- 
tions along the temperature gradient: 


AT; 
AT 


4 


AE 
Ti; 


[2] 


It is seen that the observed thermoelectric power is 
a weighted mean of the thermoelectric power of in- 
dividual sections and therefore cannot exceed the 
limits of these values. If the inhomogeneity is only 
due to the difference in orientation of the grains ina 
polycrystalline specimen, then the effect observed 
by Sato’ cannot be explained by the previous results 
of single crystals.° The fact that a single crystal 
cannot give the results of Sato has been demon- 
strated by Ivanov and Mokievskii.® Another inter- 
esting observation reported by Sato’ is that the 
thermoelectric power shows a maximum (in ab- 
solute value) at about 40°C which has not been ob- 
served by previous investigators.” It seems 
therefore worthwhile to repeat these measurements 
on polycrystalline bismuth. 


Pure bismuth from Cerro de Pasco, claimed to 
have 99.999 pct purity, was used without further 
purification. A polycrystalline sample was pre- 
pared by drawing molten bismuth into a pyrex tub- 
ing of 5mm ID and cooling suddenly. A piece about 
3 cm long was used for measurements. A temper- 
ature difference AT was applied by heating one end 
with a small heater regulated by a variac and keep- 
ing the other end in contact with a big block of metal 
at room temperature. Copper-constantan thermo- 
couples were used for measuring the temperatures 
of both ends. The potential difference, AE, between 
the two copper wires was measured, which was the 
thermoelectromotive force against copper. The 
results are shown in Figs. 1 and 2. No anomalous 
behavior was observed. The thermoelectric power 
decreased uniformly with temperature as the pre- 
vious workers have found® and can be described by 
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Fig. 2—Thermoelectromotive force of bismuth as a func- 
tion of temperature. 
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2.0 of temperature gradient. 


dE/dT = 72 — 0.042¢ uv/°C with ¢ in °C. Sato® 
has some suspicion that there might be some error 
in AT in his measurements.’ 

The only bismuth alloys whose thermoelectric 
power has been studied are Bi-Pb,**’ Bi-Sb,””* 
Bi-Se,”* Bi-Te,"** and 
Bi-Tl.7* The work on Bi-Tl was discovered after 
this study had been finished. It seemed interesting 
to add to the list measurements on the thermoelec- 
tric power of other bismuth alloys and intermetallic 
compounds. 

Pure metallic thallium from Jarrell-Ash Co. was 
fused with bismuth in different proportions under 
vacuum in pyrex tube. The molten alloys were air 
cast and their thermoelectric power measured in 
the same manner as in the case of bismuth. The 
result is shown in Fig. 3 together with the result of 
van Aubel. The two sets of experimental data are 
in excellent agreement. The three maxima observed 
in this work are consistent with the compositions of 
Bi,Tl,, y, and 8 phases as indicated by the phase 
diagram.” 
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Fig. 3—Thermoelectric power of Bi-T1 system. 
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Fig. 4—Thermoelectric power of Bi-In system. 


Pure metallic indium from Indium Corp. of Amer- 
ica was fused with bismuth in the same manner as in 
the case of Bi-Tl system; except that some alloys 


were cast in water. 


The results are shown in Fig. 4. 


Metallic magnesium from Fisher Scientific Co. 
was fused with bismuth. Since magnesium has an 
appreciable vapor pressure at the melting point and 
attacks pyrex, vycor, and porcelain, a graphite cru- 
cible was designed as shown in Fig. 5, which, when 
machined to fit tightly, could be evacuated and 
closed to maintain a temporary vacuum. The 
weighted metals were introduced to the crucible 
and the latter was pumped down to a good vacuum 

and closed. It was then transferred immediately to 
a vycor tube which was then evacuated at once. The 
tube was now put into the furnace. After the desired 
temperature was reached to indicate liquefaction of 
the alloy, the tube was shaken to make the liquid 
homogeneous. It was then air cast to cause solidi- 
fication. Near the composition of Mg, Biz, the melt- 
ing point was so high that evaporative loss of mag- 


7 


Fig. 5—Graphite crucible. 
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vycor tube. The loss was, however, very small. 
The results are shown in Fig. 6. The sharp maxi- 
mum at the composition of Mg; Bi, indicated prob- 
ably a semiconducting intermetallic compound. 

The compositions of the alloys were calculated 
directly from the weights of the metals used in 
making up the alloys, and they are, therefore, the 
overall composition of the whole piece of alloy. 
Since in this admittedly exploratory survey no me- 
tallographic studies were made to characterize the 
phases and compositions (on a micro scale) actually 
present, it is important to emphasize the tentative 

nature of the results herein reported on the alloys. 
In particular, it cannot be assumed with certainty 
that the sharp maximum in thermoelectric power 
for the composition corresponding to the formula, 

Mg, Biz, is characteristic of this stoichiometric 

compound. On the other hand, the good agreement 

between the results of this work and those of van 

Aubel for the Bi-Tl system suggests that the air 

casting technique used for these alloys does give a 

reproducible thermoelectric property. 
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Eutectic Solidification Structures 


In the course of a study of eutectic solidification, a subgrain structure, the colony 
structure, was observed in the eutectics between aluminum and zinc, tin and zinc, and 
aluminum and CuAl,. Experiments showed this colony structure to be the result of a 
cellular solid-liquid interface topography whose presence accounts for the phase par- 
ticle arrangement within the colonies. A possible origin of the cells is suggested based 
on the rejection of impurities by the composite eutectic interface and the resulting 
“constitutional supercooling” of the eutectic liquid. 


H. W. Weart and D. J. Mack 


SINcE the first recognition of eutectic solidifica- 
tion as the simultaneous formation of 2 solids from 
one liquid,’ many complex structures thus produced 
have been observed.” * Despite many attempts to 
ascertain it, however, the detailed mechanism by 
which these structures develop remains obscure.° 
In an attempt to clarify the origin of eutectic struc- 
tures, the study described in this paper was under- 
taken. 

The broad objective of the study was to investigate 
the effect of different solidification conditions on the 
structure of single eutectic grains. It was expected 
that the eutectic structure would thereby be isolated 
for study, but preliminary experiments revealed 
another structure within each grain. When a liter- 
ature survey® revealed only 1 previous mention of 
the subgrain structure,’ it was decided to determine 
the origin of the structure and to study its response 
to various growth conditions. 

Before presenting the details of the investigation, 
it is apropos to distinguish carefully among the 3 
structures produced during eutectic solidification.” 
This is especially desirable in view of the apparent 
confusion existing in the literature concerning the 
structures in a eutectic specimen. The confusion is 
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due largely to the existence of the subgrain struc- 
ture noted above which is easily mistaken for the 
grain structure. In the following paragraphs, an 
effort is made to distinguish the 3 structures by 
briefly describing their origin during solidification, 
even though the results are thereby anticipated 
slightly. 

The 3 structures produced during eutectic solid- 
ification are the grain structure, the colony struc- 
ture, and the eutectic structure, each one contained 
by the one preceding it. The grain structure is 
analogous to the polycrystalline structure of a metal 
or single-phase alloy in that each grain grows from 
a Single nucleus. A somewhat broader interpreta- 
tion is needed here, however, because of the pres- 
ence of 2 phases in each grain. Since in most eutec- 
tics particles of 1 phase are dispersed in a matrix 
of the other, a grain may be taken to be the region 
in which the matrix phase is monocrystalline.* 


*This definition will apply also to the few lamellar eutectics pro- 
vided all the lamellae of one of the phases in a particular grain have 


the same ctystallographic orientation. Such an assumption appears 
valid. 


The colony structure is a subgrain structure 
whose units contain several dozen phase particles 
arranged in a characteristic pattern. It will be 
shown later that this pattern is a consequence of 
the shape of the solid-liquid interface which con- 
sists of many protuberances. For the present pur- 
pose of definition, however, it is sufficient to note 
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Fig. 1—Colony structure in Al-Zn eutectic. Light-colored 
matrix is 6 (Zn-rich). Dark discontinuous particles are 
fine a-8 mixtures resulting from eutectoid decomposition 
of a'. Arrow indicates growth direction. Growth rate = 
6.8 x 10-4 cm per sec, gradient = 42°C per cm. X150. 
Reduced approximately 27 pct for reproduction. 


that colonies are distinguished by the phase par- 
ticle arrangement and not by crystallographic ori- 
entation as in the case of grains. An illustrative 
example of the colony structure appears in Fig. 1. 
Unmarked arrows indicate the boundaries of the 
colonies which are elongated in the growth direc- 
tion (arrow G). It is important to note that X-ray 
examination discussed later shows the light-etching 
matrix (Zn-rich) to be monocrystalline over the 
entire field of Fig. 1. The indicated boundaries are, 
therefore, colony boundaries since they are present 
only by virtue of the phase-particle arrangement. 

It was noted previously that colonies are difficult 
to distinguish from grains and that this difficulty 
has led to some confusion in the literature. To 
illustrate this more fully, it is necessary to recall 
that the distinctive colony structure of Fig. 1 is 
obtained only if the specimen is grown unidirec- 
tionally and if the plane of examination contains the 
growth direction. Generally, a structure similar 
to that shown in Fig. 2 is observed. Without knowl- 


Fig. 2—Colony structure in Al-Zn eutectic. Section per- 
pendicular to Fig. 1. X150. Reduced approximately 27 
pet for reproduction. 
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edge of the colony structure, the areas delimited by 
coarse phase particles in Fig. 2 could be mistaken 
for grains. As in Fig. 1, however, the entire field 
is monocrystalline in the sense of the definition 
given above. 

The third structure to be defined is the eutectic 
structure which is smaller than either the grain or 
colony structures. In the sense usually employed, 
the term “eutectic structure” refers to the actual 
shape of the phase particles, such as platelike, rod- 
like, globular, and so on. All of these structures 
arise, of course, because of the partitioning of 
atoms in the liquid during its transformation to 2 
solids. The relation of partitioning of atoms to the 
colony structure will be considered later, but need 
not be discussed further at this point. 


EXPERIMENTAL DETAILS 


Using standard techniques, specimens of the eu- 
tectics between aluminum and zinc, aluminum and 
the intermetallic compound CuAl,, and tin and zinc 
were prepared. The purity of the starting materials 
was as follows: Al—99.99, Cu—99.92, Sn—99.95, 
Zn—99.98. The sequence for a given eutectic began 
with the melting of the alloy in graphite under an at- 
mosphere of tank helium. After chill casting into a 
copper mold, the homogeneity of the melt (100 to 
150 g) was checked metallographically and its com- 
position adjusted if necessary by remelting and 
adding the appropriate element. Because of the dif- 
ficulty experienced in casting directly into the crys- 
tal-growing apparatus, Fig. 3, the specimen was 
charged as an appropriately shaped solid, approxi- 
mately 71-in. sq by 2-in. long. The entire specimen 
was melted in the gradient furnace prior to growth 
under controlled conditions. 

Fig. 3 shows the apparatus in which the specimens 
were grown. For use, the slide was placed in the 
boat and an alundum cement lining applied. A dip 
refractory coating protected the specimen from con- 
tamination by the thermocouple, Fig. 3, which was 
used to judge the interface position. During growth 
of the specimen, the entire apparatus shown in Fig.3 
was enclosed by a fused quartz tube containing a 
flowing helium atmosphere, purified with dry des- 
iccants, a liquid nitrogen trap, and a calcium fur- 
nace. 

Solidification of the specimens was carried out by 
moving a fixed temperature gradient horizontally 
along the specimen at a known rate. Temperature 
gradients were supplied by a resistance furnace 
which was moved mechanically at the desired rate. 
Actual growth rates were not measured, but because 
of the slow rates of furnace travel used (6.8 x 107+ 
to 1.4 x 10-? cm per sec), equality between growth 
rate and rate of furnace travel may be assumed. By 
assuming that a fixed temperature profile moved 
along the specimen during growth, it was possible 
to analyze the temperature-time record of the single 
thermocouple, Fig. 3, and obtain the instantaneous 
temperature gradient at any point along the speci- 


‘men at any time. The temperature gradient in the 


liquid at the interface measured by this technique 
was adjustable between 5° and 42°C per cm depend- 
ing somewhat on the speed of furnace travel, as well 
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as on the temperature gradient impressed by the 
furnace. 

Several specimens were grown under the same 
conditions of furnace travel and impressed tem- 
perature gradient. Some were solidified completely, 
mounted, and examined metallographically on 3 mu- 
tually perpendicular planes. Others were allowed 
to solidify almost to the thermocouple, Fig. 3, be- 
fore the boat containing the solid part of the speci- 
men was jerked sharply away from the liquid by 
means of the decanting wire. The boat slide and 
track were held mechanically during the decanting 
operation by fixing the slide retainer, Fig. 3. 
After cooling, the surface of the solid which had 
been in contact with the liquid, designated the de- 
canted interface, was examined metallographically 
without further treatment. Additional details on 
experimental technique appear elsewhere.° 


RESULTS AND DISCUSSION 


The Colony Structure—As noted in the foregoing, 
the unidirectional growth of specimens containing 
only a few eutectic grains produced a noticeable 
colony structure. In addition to their presence in 
the Al-Zn, Al-CuAl,, and Sn-Zn eutectics discussed 
here, colonies were also observed in Cd-Sn, Cd-Zn, 
Cu-Cu,O, and Cu-Cu, P eutectics. On the basis of 
these 7 eutectics, the colony structure appears to 
be a characteristic feature of eutectic solidification, 


Fig. 4—Colony structure in Al-CuAl, eutectic. Dark 
phase is K (Al-rich), light phase is 9 (CuAl,). Growth 
rate = 2.5 x 10? cm per sec, gradient = 20°C per cm. 
X150. Reduced approximately 27 pct for reproduction. 
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but observations on many other eutectics are nec- 
essary to justify a general conclusion. 

The characteristics of the colonies observed in 
the 3 studied eutectics displayed a number of sim- 
ilarities which were especially evident in specimens 
grown slowly through a steep temperature gradient. 
Most noticeable was the elongation of colonies into 
prisms lying roughly parallel to the specimen axis 
which was the direction of heat flow. This behavior 
is illustrated in Figs. 1, 4, and 6 for the Al-Zn, 
Al-CuAl,, and Sn-Zn eutectics, respectively. Per- 
pendicular to the growth direction, colonies were 
roughly equiaxed, Figs. 2 and 5, except in the Sn- Zn 
eutectic in which they were lenticular, Fig. 7. 

In addition to the colony shapes, the arrangement 
of phases within the colonies were similar in all 
3 eutectics. This arrangement is typified by the 
structure shown in Fig. 8 which is an enlarged view 
of one of the Al-Zn colonies shown in Fig. 1. Three 
reasonably distinct zones are visible within this 
colony. There is a center zone in which the phase 
particles are uniformly fine and are approximately 
parallel to the growth direction (arrow “G”). On 
either side of the center zone are intermediate 
zones Within which the phases curve toward the 
boundaries and approach them almost perpendic- 
ularly. Finally, the boundary zones are marked by 
somewhat enlarged phase particles of irregular 
shape. These zones can be observed in the colonies 


ake 


Fig. 5—Colony structure in Al-CuAl, eutectic. Section 
perpendicular to growth direction. Dark phase is 9 » light 
is K. Growth rate =6.8 x 10-4 cm per sec, gradient = 
20°C per cm. X100. Reduced approximately 25 pet for 
reproduction. 
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Fig. 6—Colony structure in Sn-Zn eutectic. Light matrix 
is a (Sn-rich), dark phase is 8 (Zn-rich). Growth rate = 
6.8 x 10-4 cm per sec, gradient = 32°C per cm. X150. 
Reduced approximately 27 pct for reproduction. 


of all 3 eutectics, Figs. 1, 4, and 6, although they 
are not so pronounced in the Sn- Zn eutectic, Fig. 6, 
because one of the phases is present as small, dis- 
continuous particles. 

It should be noted that the observation of the 
phase arrangement described above requires that 
several conditions be met. First, growth conditions 
must be such that prismatic colonies of constant 
cross section are produced. This requires uni- 
directional heat flow and constant growth velocity, 
V, and temperature gradient, G. Secondly, the plane 
of examination must be properly oriented with re- 
spect to the colony growth direction. For rodlike 
colonies as in Al-Zn and Al-CuAl, eutectics, it is 
sufficient that the sectioning plane contain the colony 
axis. (If the sectioning plane is merely parallel to 
the colony axis, the above phase arrangement will 
not be observed and even the shape of the phase par- 
ticles may appear to be different.) For the Sn-Zn 
colonies, the sectioning plane must be more care- 


Fig. 7—Colony structure in Sn-Zn eutectic. Section is 
perpendicular to Fig. 6. X100. Reduced approximately 


27 pct for reproduction. 
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fully oriented because of the ribbon-like colony 
shape. Not only must the sectioning plane be paral- 
lel to the growth axis, but it must also be perpen- 
dicular to the “ribbon plane” of the colony. 

One further similarity was found in the size of the 
colonies in the 3 eutectics, and in the wide variation 
of colony size within a single specimen. Perpendic- 
ular to the growth direction, both the Al- Zn and 
Al-CuAl, colonies measured 200 to 400 y in diam 
with occasional values above and below this range. 
The lenticular Sn- Zn colonies, although having about 
the same cross sectional area as colonies in the 
other eutectics, were 50 to 100 yu wide and 10 to 20 
times as long, Fig. 7. Parallel to the growth direc- 
tion, colonies in all 3 eutectics could be grown the 
full length of the specimen (2 in.), depending on the 
growth conditions. 

In confirming the existence of colonies as entities 
distinct from grains, several Al-Zn colony bound- 
aries were examined by a semi-microbeam X-ray 
technique described by Fraser and Burr.® The 
Al-Zn eutectic was selected because the zinc-rich 
B-phase forms a matrix and any orientation changes 
in it are readily detected. Difficulties in preparing 
suitable strain-free specimens prevented obtaining 
consistent results, but it was apparent that the 
B-matrix did not change orientation more than 1 or 
2 degrees across a colony boundary. Similar be- 
havior was observed in the Cu-Cu,O eutectic by 
Eastwood” using a slip line technique. It is evident, 
as noted in the foregoing, that colonies are distin- 
guished from grains largely by the phase pattern 
within the colonies, although a small orientation 
change does exist at colony boundaries. 

Structure of the Interface— Application of the de- 
canting procedure previously described revealed 
that the solid-liquid interfaces of the 3 eutectics 
(the decanted interfaces) were divided into discrete 
regions designated here as “cells.”* Figs. 9 to 11 


*This term has been used to describe the hexagonal units of a sub- 
grain structure observed on the decanted interfaces of very dilute, sin- 
gle-phase alloys.’° Its use in the eutectic case is justified by the 
analogy to be drawn later between single-phase and eutectic solidifica 
tion, 
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ment of phases in relation to growth direction (arrow). 
Same specimen as shown in Figs. 1 and 2. X500. Re- 
duced approximately 45 pct for reproduction. 
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Fig. 8—Singl 1 Al-Z t 
g. ingle colony in Al-Zn eutectic, Note arrange- 


Fig. 9—Decanted interface of Al-Zn eutectic. Irregular 
cells. Growth rate =6.8 x 1074 cm per sec, gradient = 
30°C per cm. X100. Reduced approximately 30 pct for 
reproduction. 


provide examples of the cells characteristic of the 
3 eutectics studied. In the Al-Zn and Al-CuAl, 
eutectics, Figs. 9 and 10, the cells are roughly 
equiaxed regions surrounded by dark lines which 
are grooves in the interface. Each cell fills as 
much of the interface as its neighbors will allow, 
so that the cells completely cover the interface. 

In the Sn- Zn eutectic, the cells are the gabled 
lenticular regions, Fig. 11, lying roughly parallel 
to each other in any 1 grain. Small, rounded re- 
gions called “bursts” are also visible on the inter- 
face, Fig. 11. Unlike the cells, they are not 
steady-state features of the interface as will be 
shown later. 

Because of the obvious similarity of shape be- 
tween the interface cells and the colonies in the 
microstructure, compare Figs. 2 and 9, 5 and 10, 
7 and 11, it was tentatively concluded that the 
colonies resulted from the movement of the cellu- 


Fig. 10—Decanted interface of Al-CuAl, eutectic. Angular, 
irregular cells. Dark spots are not part of the interface 
structure. Same specimen as shown in Fig. 5. X100. Re- 
duced approximately 30 pct for reproduction. 
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Fig. 11—Decanted interface of Sn-Zn eutectic. Gabled, 
lenticular cells and bursts. Growth, rate =6.8 x 1074 cm 
per sec, gradient = 31°C per cm. Bursts indicated by 
arrows. X100. Reduced approximately 23 pct for repro- 
duction. 


lar interface through the melt. Comparison of cell 
and colony dimensions supported this conclusion, 
but the most conclusive evidence was obtained by 
sectioning several specimens perpendicular to the 
decanted interface. The grooves which marked cell 
boundaries on the interface thus appeared as notches 
in the growing end of the specimen. The existence 
of a colony boundary extending back into the solid 
behind every groove, Fig. 12, was considered ample 
evidence that each cell generates a colony during 
solidification. 

Information regarding the stability of the cells 
can be drawn from the established correspondence 
between cells and colonies. It was noted earlier 
that, under the proper growth conditions, colonies 
could be grown the full length of the specimen. The 
logical conclusion is that cells are a steady-state 
configuration of the advancing solid-liquid eutectic 
interface for some range of growth conditions. 

With regard to steady-state interface configura- 
tion, special attention is drawn to the Sn- Zn eutec- 
tic. In addition to the unique cell shape, this eutec- 
tic is also unique in that not all of the solid-liquid 
interface is composed of steady-state features 
under any set of growth conditions. Examination of 
Sn- Zn specimens sectioned parallel to the growth 
direction indicate that “bursts” on the decanted 
interface, Fig. 11, produce in the solid a transitory 
structure consisting of a fanlike arrangement of the 
discontinuous B-phase (Zn-rich). An example of 
such a structure appears between 2 of the cells 
shown in Fig. 6. From their dimension in the 
growth direction, it is estimated that the average 
lifetime of a “burst” during growth is of the order 
of 1 min which is small compared with the colony 
lifetime of at least 100 min. Study of the origin of 
these “bursts” was considered outside the scope of 
this investigation. 

Effect of Growth Conditions—The discussion thus 
far has been restricted principally to the structure 
obtained by slow growth through steep temperature 
gradients. With these clear-cut structural examples 
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Fig. 12—Side view of the interface shown in Fig. 9. Note 
the notches where colony boundaries intersect the inter- 
face. X500. Reduced approximately 27 pct for reproduc- 
tion. 


as background, the changes in cells and colonies re- 
sulting from changes in growth velocity (V) and tem- 
perature gradient (G) become more easily visual- 
ized. In general, the effect of increasing V or de- 
creasing G produced similar structural changes in 
both cells and colonies, but the effect of changes in 
V was much more pronounced. Because no quanti- 
tative relations involving V or G are to be presented, 
the single growth parameter V/G will be used in the 
following discussion. 

Increases in the V/G parameter caused rapid de- 
terioration of the noticeable colony structures de- 
scribed previously. In the Al-Zn and Al-CuAl, eu- 
tectics, the axis of colony growth deviated strongly 
from the specimen axis although colonies in any one 
grain remained parallel. In addition, colony bound- 
aries were no longer straight as shown in Figs. 1 
and 4, but become more irregular and jagged with 
increasing V/G. Accompanying the jagged colony 
boundaries was a noticeable increase in the portion 
of the colony width occupied by the boundary zones. 
It was not established whether a cause-effect re- 
lationship existed between these 2 occurrences. 

Partly because of their shape and undoubtedly for 
reasons presently unknown, Sn- Zn colonies displayed 
a somewhat different behavior from that notedabove. 
As before, colonies deviated from the specimen axis 
as V/G increased and their cross sections became 
‘more equiaxed. The main difference from the other 
eutectics was that colonies’ boundaries remained 
sharp and straight, but the number of “bursts” in- 
creased in relation to the number of colonies. This 
suggests that the formation of “bursts” in the Sn- Zn 
eutectic may be analogous to the increase in bound- 
ary zone thickness in the other 2 eutectics. 

In contrast to the marked changes produced in 
the colony structures by increasing V/G, the inter- 
face structure was much less affected. In general, 
it was possible to correlate changes in the structure 
of the interface with changes in the structure of the 
solid it had generated. One example of this was 
provided by the increase in “bursts” just mentioned. 
As in the case of colony cross sections, cells be- 
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come smaller and, in the Sn-Zn case, become more 
equiaxed. Cell grooves were generally not as deep, 
although this observation should be regarded as ten- 
tative for the reason that varying amounts of liquid 
may have remained in the cell groove during decant- 
ing because the decanting force applied to the solid 
was not constant. 


In summary to this point, the results show that 
solid eutectic interfaces advancing into the melt 
are cellular. Movement of this cellular interface 
creates a colony structure in the solid whose units 
are distinguished by their internal phase particle 
arrangement. Variations in growth conditions pro- 
duce changes in the interface configuration which 
are reflected and magnified by the colony structure. 

Origin of Internal Colony Morphology—The im- 
portance of the observation of cells must not be 
overlooked, since this result makes it possible to 
explain many hitherto puzzling characteristics of 
eutectic solidification. For example, it can readily 
be shown how the arrangement and size of the in- 
dividual phase particles within a colony follow as a 
direct consequence of eutectic solidification by 
propagation of a cellular interface in the vicinity 
of a cell edge, z.e.,where a colony boundary inter- 
sects the interface. There is little loss. of gen- 
erality if the discussion is restricted temporarily 
to eutectics in which the 2 phases are present in 
approximately equal amounts and in which their 
habit is lamellar. Extension of the subsequent dis- 
cussion in which 1 phase is continuous is only 1 di- 
rection (rodlike habit) is simple. 

If it is assumed that the lamellae grow always 
perpendicular to the cell surface, it is apparent that 
the growth direction of the cross-hatched lamella, 
Fig. 13, must rotate through an angle 6 during 
movement of the interface through distance d. Angle 
8 will be a function of the location of the lamella 
with respect to the cell edge and of the contour of 
the cell surface. The growth direction of a lamella 
at Y near the cell center has only a small compo- 
nent perpendicular to the colony growth direction. 
There is little tendency for this lamella to “drift” 
toward the cell edge and it grows with the colony 
over a long distance. On the other hand, a lamella 
at X experiences a large component of growth 
toward the cell edge and rapidly “grows out,” being 
stopped at the colony boundary as the cell groove 
passes. 


Liquid 


A — 


A — 


Growth 
Direction 


Colony 
foundary 


Fig. 13—Growth pattern in the vicinity of a colony bound- 
ary (schematic). 
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Fig. 13 can be used as well to explain the gradual 
thickening or coarsening of the phase particles as 
they approach the colony boundary. For a given ad- 
vance of the interface, d, a lamella at X is re- 
quired to move a much shorter distance d’, than the 


lamella at Y. For a constant velocity of the macro- 
scopic interface, this distance disparity effectively 
permits the lamella at X to grow more slowly than 
the one at Y. Since lamellar thickness is inversely 
proportional to growth rate, the lamellae growing 
into the cell groove should be coarser, as is ob- 
served. 

Coarsening of the eutectic structure as a bound- 
ary is approached has been recognized for many 
years. Previous explanations for it include the al- 
loy being slightly displaced from exact eutectic 
composition,’ decrease of surface tension® or 
liberation of latent heat® during solidification and 
supercooling effects.’* Evolution of latent heat dur- 
ing solidification into the cell groove would accen- 
tuate the coarsening effect outlined above, but this 
heat effect is best regarded as a supplementary 
factor. The results reported herein offer no support 
for the other three explanations noted. 

Origin of the Eutectic Cells—A possible origin of 
the cells observed on eutectic interfaces is sug- 
gested by the existence of a similar structure on the 
decanted interfaces of dilute, single-phase alloys. 

In the latter case, it has been shown’” that the exist- 
ence of a “constitutionally supercooled”*® region of 
liquid ahead of the advancing solid may stabilize a 
cellular interface in preference to a plane one. If 
constitutional supercooling can also occur during 
eutectic solidification, it is suggested that the ob- 
served eutectic cells can be attributed to this cause. 
Support for this suggestion comes from recent cal- 
culations by Tiller*® who showed that constitutional 
supercooling during eutectic solidification could re- 
sult in the formation of a stable cellular interface. 

The source of the constitutional supercooling is 
not given directly by the results of this study, but 
the impurity atoms which are present represent a 
definite possibility since the same conditions which 
produce constitutional supercooling in single-phase 
alloys’*** are also present here. This conclusion 
is based on the fact that any impurity which has a 
partition coefficient, k, of less than unity with re- 
spect to both phases of the eutectic will be rejected 


into the liquid by the composite interface.* As 


*This will occur even when the k-values are different in the 2 phases. 


growth proceeds, the impurity atoms will accumu- 
late in the liquid region adjacent to the advancing 
interface until this region becomes constitutionally 
supercooled. 

It may not be necessary, however, for an impurity 
to be present to cause constitutional supercooling. 
Tiller’® has shown theoretically that it can also oc- 
cur when the 2 alloy components are present alone, 
as well as when an impurity is present. Experi- 
ments performed with zone-purified materials ap- 
pear necessary to test whether both possible sources 
of constitutional supercooling can operate. 


SUMMARY 


Eutectic alloys have been observed to solidify by 
movement of a cellular interface through the melt. 
These cells, whose shape is a function of the alloy 
system, generate in the solid a sub-structure called 
“colonies” within the eutectic grains. Within these 
colonies, individual phase particles are arranged in 
a manner explainable by simple geometric argu- 
ments based on the existence of cells on the advanc- 
ing interface. 

It is suggested that these cells arise because of 
the existence of a constitutionally supercooled liquid 
region adjacent to the advancing interface. Simulta- 
neous rejection of an impurity by both phases of the 
eutectic is suggested as a possible source of this 
constitutional supercooling, but the available evi- 
dence does not preclude the possibility that it can 
occur in the absence of all impurities. 
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Determination of the Standard Free Energies of 


Formation of Zinc Sulfide and Magnesium Sulfide 


The standard free energy of formation of ZnS (sphalerite) was determined by study- 
ing the equilibyium. ZnS (solid sphalerite) + H,(g) = Zn(g) + H,S(g) over the tempera- 
ture range 776° to 937°C. This was accomplished by passing H, over ZnS at constant 
temperature, and then conducting the gas mixture consisting of H), Zn, and H,S over 
silver or silver-zinc alloys which were maintained at the same temperature as the ZnS. 
Equilibrium was first established between the H, and the ZnS, and then between the gas 
mixture and the alloys. The alloys were subsequently analyzed, and by reference to 
vapor-pressure data for silver-zinc alloys the partial pressure of zinc in the gas mix- 
ture was determined. Utilizing this information, the standard free energy of formation 
of ZnS (sphalerite) was calculated. The standard free energy of formation of MgS (S) 


was determined by studying the equilibrium 


MgsS + H,O(g) = MgO(s) + H2S(g) 


over the temperature range 907° to 1210°C. Purified H, was saturated with H,O by pass- 
ing it through a series of water baths at predetermined and fixed temperatures, and 
passed over a mixture of MgS and MgO at such flow rates that equilibrium was estab- 
lished between the gaseous and solid reactants. The amount of H,S in the outgoing gases, 
produced by the reaction of the MgS with the H,O carried by the hydrogen, was deter- 
mined by analysis. Since 1 mol of H,O was reacted for every mol of H,S produced, the 
equilibrium H,S :H,O ratio for the reaction could be ascertained. Employing the existing 
physical-chemical data for H,O, MgO, and H,S, the standard free energy of formation of 


MgS (s) was calculated. 


W. Curlook and L. M. Pidgeon 


Free energies of formation of zinc sulfide and 
magnesium sulfide had previously been estimated 

to an accuracy of + 5.0 kcal per g mol.*” In the 
present work, these values were determined ex- 
perimentally. As the determinations of the free 
energies of formation of zinc sulfide and magnesium 
sulfide presented different problems, separate ex- 
perimental procedures were employed for each. 


ZINC SULFIDE 


It is difficult to measure the free energy of for- 
mation of either zinc sulfide or magnesium sulfide 
by measuring their decomposition pressures di- 
rectly, as they are very stable compounds. An at- 
tempt was made by Jellinek and Zakowski®* to study 
the equilibrium. 


ZnS(s) + H,(g) = Zn(g) + H,S@) [1] 
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Graduate School of the University of Toronto, in partial fulfilment of 
the requirements for the degree of Doctor of Philosophy. 
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They passed hydrogen over zinc sulfide and ana- 
lyzed the gases leaving the reaction zone for H,S. 
They were unable to determine the true partial 
pressures of the H2S by this method, as some of 
the H,S on being cooled from the reaction tempera- 
ture, reacted with the zinc in the gas to produce 
ZnS. Consequently, they were unable to establish 
any true equilibrium data for reaction [1]. More 
recently,* the equilibria 


ZnG(sphalerite) + Fe(s) — FeS(s) + Zn(g) [2] 
and 
ZnS(sphaterite) + 2Cu(s) — Cu,S(s) + Zn (g) [3] 


were studied. As the standard free energy of for- 
mation of Cu,S is known to + 3.0 kcal, and of FeS 

to + 1.0 kcal, it should be possible upon performing 
equilibrium studies on reactions [2] and [3] to de- 
duce the standard free energy of formation of ZnS 
(sphalerite). However, as both of these equilibria 
involve 2 solid sulfides, and as it is possible for 
these sulfides to dissolve in one another, it is nec- 
essary first to ascertain the activities of the various 
sulfides in these solid phases. 
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Ag Alloy 


Filler of broken Vycore 
Capillary tubing 


Charge of sphalerite 
Fig. 1—Vycore reaction vessel. X1/2. Reduced approxi- 
mately 65 pet for reproduction. 


In the present work the complicating factors just 
described were circumvented by studying the equi- 
librium reduction of ZnS with H,, and analyzing the 
equilibrium gas mixture at the reaction temperature 
instead of at room temperature. The hydrogen was 
introduced into a 2-compartment reaction vessel, 
shown in Fig. 1, containing zinc sulfide in the large 
compartment, at a flow rate sufficiently low to per- 
mit the reduction of the ZnS by H, to reach equilib- 
rium. The resultant equilibrium gas mixture, con- 
sisting of H., Zn, and H,S, was passed over silver 
foil or over silver-zinc alloy foil contained in the 
adjoining small compartment at the same tempera- 
ture as the ZnS. When the reaction vessel had been 
held at temperature long enough for the alloy and 
the gases to attain equilibrium, it was removed from 
the furnace and allowed to cool rapidly. The result- 
ing silver-zinc alloy was analyzed for zinc. By 
reference to equilibrium vapor-pressure data de- 
termined by Birchenall and Cheng® for silver-zinc 
alloys, it was possible to estimate the vapor pres- 
sure of zinc over the alloy at the reaction tempera- 
ture, and thus establish the partial pressure of 
zinc in the equilibrium gas mixture. Since 1 mol 
of H,S is produced for every mol of Zn gas when 
ZnS is reduced with H,, the partial pressure of 
H,S was assumed to be equal to that of the zinc; 
and as the total pressure in the system did not vary 
appreciably from 1 atm, it was possible to calculate 
equilibrium constants for the reaction of ZnS with H,. 

An inherent drawback of this method was that it 
involved 2 extrapolations. First, Birchenall and 
Cheng’ measured vapor pressures of alloys of 
4.58 pct zinc or higher, while the alloys obtained 
in the present work analyzed between 0.48 and 
1.26 pct zinc. Further, the determinations made 
by Birchenall and Cheng were at temperatures be- 
low 872°C. However, when the logarithms of the 
vapor pressures of their various alloys were plotted 
against the inverse of the absolute temperatures, 
straight lines were obtained. Since silver and zinc 
form complete solid solutions at the compositions 
concerned, it was considered justifiable to extrapo- 


late the vapor-pressure data to higher temperatures. 


Experimental— The reaction vessel is shown in 
Fig. 1. The main reaction zone was a 13-mm ID 
Vycor tube about 40 cm long, and bent into a U-shape 
as Shown. The inlet tube was 6 mm ID. The outlet 
tube had a bore of 1.8 mm and conducted the equi- 
librium gas mixture into a chamber containing the 
silver or silver-alloy foil and then to atmosphere. 
The exit tube had to be of capillary dimensions to 
prevent segregation of gas molecules. At the head 
of the capillary tube there was about 7s in. of finely 
broken Vycor. This served as a filter and pre- 
vented the carry-over of solid particles. 
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The zinc sulfide used in the present work was of 
cp grade. X-ray analysis showed it to be sphalerite. 
The X-ray pattern was compared with that of pure, 
iron-free, colorless, crystalline sphalerite ob- 
tained from Santander, Spain. The fine cp powder. 
showed the same peaks on the X-ray spectrometer 
as did the crystalline sphalerite; but the peaks were 
broader, probably due to the fineness of the powder. 
The zinc sulfide was again X-rayed after several 
tests were performed, and it then produced the 
same sharp narrow peaks as did the crystalline 
sphalerite. 

This fine zinc sulfide was wetted with distilled 
water and charged as a paste into the reaction 
vessel. Once charged, it was slowly heated to 
about 100°C to drive off the water, leaving in the 
tube a porous plug of zinc sulfide (sphalerite). 

The silver foil used in these experiments was of 
reagent grade. Prior to insertion into the reaction 
vessel, it was cleaned in nitric acid, washed, and 
coiled loosely. Several silver-zinc alloys were 
made of cp silver and cp zinc. The metals were 
melted inductively in a graphite crucible. They 
were cooled under a reducing flame to prevent the 
silver-alloy buttons from sprouting and to leave 
them soft enough to be rolled into thin foils about 
0.05 mm thick. The pure silver and silver-alloy 
pieces used in the tests weighed from 0.2 to 0.35 g. 
This weight, originally chosen because previous ex- 


periments® under somewhat similar conditions 
showed that equilibrium could be reached by such 
amounts within approximately 24 hr, proved to be 
satisfactory in the present work. The metal foils 
were inserted into their chamber by way of a spe- 
cial entrant tube which could be sealed and opened 
as desired. 

The reaction vessel was inserted into a well- 
insulated box-type resistance furnace. The front 
of the furnace through which the reaction vessel 
entered was boxed in with insulating firebrick. To 
insure that the whole system, zinc sulfide and silver 
alloy, would be at a constant temperature, the re- 
action vessel and recording thermocouple were en- 
closed inside a thick-walled, 3-in.-ID, dense alundum 
tube. The temperature of the furnace was constant 
to within + 3°C for periods up to 48 hr. In order to 
remove any oxygen or water vapor from the hydro- 
gen, the latter was passed over platinized asbestos 
heated to about 400°C, and then over phosphorous 
pentoxide, prior to being let into the reaction vessel. 

Hydrogen was passed at different flow rates and 
for various lengths of time through the drying train, 
over the sulfide, and then with the reaction products 
H,S and Zn over the alloy, and out to atmosphere. 
At the end of each run, the reaction vessel was re- 
moved from the furnace and allowed to cool rapidly. 
The alloy was then removed and analyzed for zinc 
content. 

This method of attack involved 2 equilibria. The 
gaseous mixture resulting from the reduction had to 
be in equilibrium with the zinc sulfide, and also with 
the silver alloy. To find whether the reduction of 
ZnS had proceeded to equilibrium, the hydrogen was 
passed through the sulfide at different flow rates, 
and the resultant silver-zinc alloys were analyzed 
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Table I. Zn(g) + H2S(g) = ZnS (sphalerite) + H2(g) 


Average 


Analysis of Selected 

est Temp, Starting Flow Rate, Time of Alloy, Pct Runs, P Zn, mm Hg Logo 
No. (eS Alloy cc per Min Run, Hr Zn Pct Zn +35 Pct Kp 

1 834 8.11 Zn 40 5 2 

42 
2 834 2.81 Zn 40 27 0.65 
: aa 100 Ag 30 29 0.71 
100 Ag 60 25 0.77 0 
834 100 Ag 15 32 0.75 
100 Ag 25 24 0.84 
901 8.11 Zn 25 24.5 0.80 
93 100 Ag 25 24 1.26 1.2 
9 776 100 Ag 30 45 0.478 
8.11 Zn 25 45 1.43 
6 8.11 Zn 30 62 1.26 0.059 

12 776 2.81 Zn 20 48 11 oS ek 

13 776 100 Ag 25 66 0.30 

14 776 2.81 Zn 25 50 0.49 

@Rolled very thin, to less than 0.02 mm. 

for zinc. It was thus possible to establish suitable AH = —81,120 cal (1049°—1210°K) 
flow rates for attainment of equilibrium between the 
zinc Sulfide and the hydrogen. The equilibrium be- Available data for the reaction 
tween the gas mixture and alloy was approached 
from both sides; i.e., pure silver foil was used in H2(g) + 2S,(g) = H2S(g) [5] 


one case, and silver-zinc foil, of higher zinc content 
than the equilibrium alloy, in another. The mini- 
mum reaction time was that which would yield the 
same final alloy in both cases. 

Results and Discussion—The experimental results 
are given in Table I and are plotted in Fig. 2. 

In tests 3, 4, and 5, the hydrogen flow rate was 
varied from 15 to 60 cc per min, and equilibrium 
between the ZnS and H, was apparently achieved in 
all cases, as indicated by the analysis of the alloys. 
Thus, a flow rate of approximately 25 cc per min 
employed in the majority of the tests, was suffi- 
ciently low to insure that equilibrium was estab- 
lished between the hydrogen and the zinc sulfide. 

A reaction time of about 25 hr proved to be suf- 
ficient time for the metal foils to reach equilibrium 
with the gas mixture at temperatures of 834°C or 
higher. This is seen from tests 2 and 3, and 6 and 
7. At 776°C, however, somewhat longer reaction 
times were required. There was not an exact cor- 
relation between the time of reaction and approach 
to equilibrium, as the metal foils, which were rolled 
by hand, were not always of the same thickness. For 
instance, in test No. 9, where the foil was rolled to 
less than 0.02 mm thick, a higher zinc alloy resulted 
in shorter reaction time than in test No. 13, where 
the reaction time was longer but the foil was more 
than twice as thick. It is clear that in tests Nos. 10, 
11, 12, and 13 equilibrium was not reached between 
the gas and the silver-zinc alloy. 

The equation of the line in Fig. 2 is calculated to be 


17,790 


Log, = + — 10.15 (1049°—1210°K) 


and since AF; = —RT In Kp, for the reaction 
Zn(g) + H2,S(g) = ZnSisphaterite) + H2(g) [4] 


AFe = —81,120 + 46.287 (+2000 cal, 
1049°—1210°K) 
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gives 
AF? = —21,580 + 11.8057 (+400 cal) (reference 2) 


Thus, for the reaction 


Zn(g) + 728,(g) = ZnS [6] 


AF? = —102,700 + 57.887 (+2400 cal; 
1049°—1210°K) 


AH = —102,700 cal (1049°—1210°K) 


Comparing the standard free energy of formation 
of sphalerite as measured in this work with that cal- 
culated for wurtzite,’ the values are identical at 
about 1030°C, suggesting that this may be the in- 
version point of zinc sulfide. Below this tempera- 
ture, the value determined for sphalerite is lower 
than that calculated for wurtzite. This temperature 
is in surprising agreement with the value listed in 
physical and chemical texts which give 1020°C as 
the inversion temperature. 


| | ! 
T 
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Table Il. Standard Free Energy of Formation of ZnS(s) from 
Zn(gas) and ¥2 (gas) 


Fe+ Zns 
Equilib- 
Cu + ZnS rium As- 
Equilibrium suming 
Assuming Unit Ac- 
Present Unit Ac- tivities 
Work, tivities for for Fe, Kubaschewski 
Temp, + 2.4 CugS and FeS, and and Evans, 
Kcal ZnS ZnS +5.0Kcal 
800 — 40600 — 40800 
850 — 37700 — 36400 — 32100 — 38400 
900 — 34800 — 34500 — 30000 — 36100 


The standard free energy of formation of ZnS 
(sphalerite) as obtained in the present work is com- 
pared in Table II with that deduced from the pre- 
viously studied equilibria, * and with data derived 
from Kubaschewski and Evans.’ 

It is seen that the values for sphalerite deduced 
from the study of reaction [3], reduction of ZnS with 
Cu, agree with the values obtained in the present 
work within the degree of accuracy. However, the 
values obtained from the study of reaction [2], re- 
duction of ZnS with Fe, are different. As FeS and 
ZnS (sphalerite) can form solid solutions to a con- 
siderable extent, it is quite probable that the activity 
of the FeS produced on the reduction of ZnS with Fe 
is less than unity. The agreement with the heat 
available data as compiled by Kubaschewski and 
Evans,” in the temperature range studied, is also 
within the accuracy limits of the present work. 


MAGNESIUM SULFIDE 


The equilibrium that seemed most suitable for the 
determination of the standard free energy of forma- 
tion of magnesium sulfide was 


MgS(s) + H,O(g) = MgO(s) + H,S(g) [7] 


The standard free energy of formation of MgO is 
known to +1.5 kcal; of H,O to +0.3 kcal; of H,S 
to +0.35 kcal.* Thus, equilibrium studies of re- 
action [7] permit the deduction of free energy-of- 
formation data for MgS. Recently, Rosenquist’ 
studied the equilibrium oxidation of CaS with H,O. 
A similar method was adopted in the present work. 
The reaction was studied by passing an inert gas 
through water baths, over a mixture of MgO and 
Mg§S, establishing equilibrium between the gases 
and solids, and determining the ratio of H,S:H,O 
in the resulting gas. The partial pressure of H,O 
in the incoming inert gas was known from the final 
saturation-bath temperature. Since 1 mol of H,O 
was reacted for every mol of H,S produced, the 
partial pressure of the H;O in the exit gas was de- 
creased by an amount equivalent to the H,S pres- 
sure. By analyzing the exit gas for H,S, it was pos- 
sible to determine the partial pressures of both 
the H,S and remaining H,0, and to calculate the 
H,S:H,0 ratio. 

Nitrogen, argon, and hydrogen were the 3 inert 
gases considered for use as carriers; and because 
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of the possible complications by side reactions, 
hydrogen was chosen. Preliminary calculations 
showed that reaction between H,O and H2S, sulfating 
of MgS by H,O, and decomposition of HS, could all 
be rendered insignificant if the Hz pressure was 
large relative to the H,O and H,S pressures. 

Experimental—Magnesium sulfide was made by 
passing carbon disulfide over MgO pellets. The 
magnesium-oxide pellets were made from a thick 
paste of finely powdered, cp, magnesium oxide and 
distilled water. This paste was rolled into /2-in.- 
balls which subsequently were dried. This produced 
hard porous pellets. Carbon disulfide was then 
passed over them with argon at temperatures be- 
tween 850° and 1000°C. The reaction was conducted 
so that only about 60 pct of the material was re- 
acted. X-ray analysis showed that the incomplete 
sulfidation of MgO produced a mixture of MgO and 
Mgs. The resulting reacted pellets of MgO and MgS 
were hard and brittle, and amenable to crushing and 
sizing. Particles of the size —8 to +14 mesh were 
selected. 

The reaction vessel is shown in Fig. 3. It was 
constructed entirely of Vitreosil. The main re- 
action zone was a 2.5-cm tube about 20 cm long. 

At one end was a capillary inlet tube about 30 cm 
long, and at the other end a capillary outlet, also 

30 cm in length. Both capillary tubes were 3 sq mm 
in cross section. They were necessary to prevent 
segregation which occurs when a mixture of gases 
of different molecular weights exists in, or passes 
through, a thermal gradient. Rosenquist” found that, 
when the inlet and outlet tubes were approximately 
2sqmm in cross section, observed equilibrium gas 
ratios were independent of the flow rate between 15 
and 125 cc per min. At the head of the capillary 
outlet was a chamber about 4 cm long and 6 mm 
diam which was filled with finely broken silica. This 
acted as a filter. The recording thermocouple was 
also at this end. At the other end of the reaction 
tube was a nipple through which the broken, sized 
pellets were charged. When the reaction chamber 
was filled, the nipple was sealed. 

The furnace, designed to maintain the charge ata 
constant temperature, had a compensating winding 
which was wound around a 2-in.-ID silica tube ex- 
tending through the entire furnace. The 1500-watt 
Kanthal A-1 element had a heating zone of 15 in. 
and was backed with 6 in. of insulating firebrick. 
The furnace temperature was controlled to within 
+2°C. The temperature in the reaction vessel was 
read by a calibrated chromel-alumel thermocouple. 

The apparatus is shown in Fig. 4. Two saturation 
baths were arranged in series. It was found that 
bath No. 1, which was controlled to + 0.1°C, had to 
be maintained about 8°C above the temperature of 
bath No. 2 to insure saturation at bath No. 2 tem- 
perature, which in turn, was controlled to +0.02°C. 


Thermocouple well /Capillary inlet 
L L 


<———Charging nipple 


© Capillary outlet Cas of broken silica Charge of MgO & MgS 


Fig. 3—Silica reaction vessel. X1/3. Reduced approxi- 
mately 66 pct for reproduction, 
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heating furnace with platinized asbestos 

Os drying tube 

® Bath*! - 500 watt heating element, Dekhotinsky thermo-regulator 
Saturating bulb, mechanical stirrer, and thermometer 

@ Bath*2 - 250 walt heating element, Tolvene regulator, Saturation 
bulb, mechanical stirrer and thermometer 

6 Manometer 

© Furnace with reaction vessel in if 

@ Absorption flask 

Bath *3 - Soowatt heating element, Dekhotinsky thermo-regulator 
mechanical stirrer, Absorption flask and thermometer 

© Bath *4 - thermometer and collecting volumetric flask 

@ Volumetric collecting flask 


Fig. 4—Experimental apparatus. 


Saturation was checked by the dew-point method. 

It was desirable to obtain equilibrium between the 
gases and solids at flow rates of about 50 cc per 
min to preclude any segregation in the incoming 
gases. Completeness of reaction was checked by 
performing tests at different gas-flow rates at any 
one temperature. Final tests were conducted at 
temperatures at which equilibrium was attained at 
the desired flow rates. 

For absorbing the H,S, 50-ml quantities of zinc- 
acetate solution (100 g zinc acetate per liter) were 
used. To check whether all the H,S was being ab- 
sorbed, 2 absorption flasks were connected in series 
for several tests. It was found that the H,S was ab- 
sorbed completely in the first flask. It also was 
found that, if bath No. 3 was operated about 10°C 
hotter than bath No. 4 the exit hydrogen gas would 
be saturated with water vapor at the temperature of 
bath No. 4; the temperature of bath No. 4 was read 
to + 0.01°C. 

In performing a test, the whole system, including 
the absorption flask containing the zinc-acetate so- 
lution, was flushed out with hydrogen. The hydrogen 
was then passed through the water saturators, 
through the reaction vessel, and out to the atmos- 
phere for about 30 min. After this, the gas mixture 
was directed to the absorption flask, and hydrogen 
was collected in the volumetric flask. When 500 ml 
of gas had been collected, the reaction-gas mixture 
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was again directed to the atmosphere. The ab- 
sorption flask was flushed with hydrogen to insure 
that the last traces of H,S were reacted, and the 


Table III 
H2 Flow 
Temp, Rate, cc Av Rate, Logio 
per min H»S/H20 H2S/H20 H2S/H20 
800 60 4.5 
36 
36 9.4 
26 14.6 
907 86 13.6 
32 19.38 19.3 1.286 
51 16.7 
38 16.3 
954 50 1723 16.3 1.212 
50 15.2 
100 16.5 
1009 58 14.2 14.8 1.170 
90 15.5 
1069 50 11.2 11.6 1.064 
39 11.6 
44 12.0 
1112 90 11.1 11.0 1.042 
45 10.0 
53 11.9 
59 10.9 
1210 95 9.85 9.47 0.977 
50 8.82 
55 9.75 
70 9.45 


aThe best acceptable result. 
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zinc-acetate solution was then analyzed for sulfide 
content. 

Results and Discussion—The results are given in 
Table III and are plotted in Fig. 5. It is seen from 
the table that it was necessary to operate at tem- 
peratures above 900°C, in the present reaction 
vessel, in order to attain equilibrium at flow rates 
of 50 cc per min or higher. The equation of the line 
obtained in Fig. 5 is calculated to be 


+ 1770 


Log, 9K, = — 0.226 (1180°—1483°K) 


Thus for the reaction 


MgS(s) + H,O(g) = MgO(s) + H,S(g) [7] 
AF; = — 8070 + 1.03T (+ 300 cal; 1800°—1483 °K) 
AH = — 8070 cal (1180°—1483°K) 


In establishing a standard free energy of formation 
equation for MgS,,), the following data taken from 
Kubaschewski and Evans* were employed. 


H,(8) 7282 (g) H,S(g) [8] 


AF; = —20,105 + 3.625T log T — 0.6057 
(+ 0.35 Keal) 


Mg (1) + /20,(g) = MgO,,) [9] 


Table IV. Standard Free Energy of Formation of MgS;.) 
from Mg(/) and % $9 (g) 


Temp, Kubaschewski and Evans, Present Work 
AG +5.0 Keal +2.5 Keal 
950 — 70620 —70600 

1050 — 68250 — 68240 

1150 — 65880 — 65910 


AFe = —145,350 — 0.24T logT + 26.957 (+1.5 Keal) 


Hz O,) = Hyg) + 720; (g) [10] 
AF}, = +57,250 — 4.48T log T+ 2.21T (+ 0.3 Keal) 


Thus, combining the known data with the standard 
free-energy values determined in the present work 
for reaction [7] one gets the following 


+ /2S2() + MgS(.) [11] 


AF. = — 100,100 — 1.10T log T + 27.537: 
(+ 2500 cal; 1180°—1483°K) 


AH = — 100,100 cal (1180°—1483°K) 


The foregoing experimentally determined data for 
the free energy of formation of magnesium sulfide 
are compared in Table IV with those calculated by 
Kubaschewski and Evans’ and it is seen that they 
agree within 50 cal per g-mol. 
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Formation of a Ni-Ge Phase in Molten Lead 


M. E. Steidlitz 


Fasrication of semiconductor devices requires 
the formation of electrical contacts, often involving 
the use of lead, tin, and lead-tin solders. In several 
recent instances when germanium had been bonded 
to nickel with lead, a new metallic phase appeared, 
unattached to either germanium or nickel, but rather 
suspended as a continuous foil wholly contained 
within the lead matrix. Since such metallic struc- 
tures do not form in nickel-lead or lead-germanium 
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Technical Note 


systems under identical conditions, a brief study 
was made of the characteristics and possible for- 
mation mechanisms of this material. 


EXPERIMENTAL 


Specimens were prepared by placing Single crys- 
tal, transistor-grade germanium discs, 30-mils in 
diam by 6-mils thick, into a depression in a graph- 
ite boat. “A” nickel washers, 125 mils in diam by 
d-mils thick, containing a center hole of 10-mils 
diam, and coined into a soup bowl shape, were 
loaded on top of the discs, so that the bottom of the 
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Fig. 1—Ni washer bonded to 6 mil thick Ge at 500°C for 
1 hr with 0.5 mil coat of Pb over entire surface of 
washer. Note how lead has flared to form one large 
puddle. Foil forms between Ni and Ge surfaces. 


soup bowl rested on the disc. The washers had pre- 
viously been electroplated with lead from a lead- 
fluoroborate solution. 

The boat was placed in the cold zone of an alloy- 
ing oven and purged for 10 min with dry, oxygen- 
free gas, 90 pct N2-10 pct Hz, which continued to flow 
during the entire oven cycle. By means of an ex- 
ternally operated conveyor belt, the samples were 
moved into the hot zone, which was controlled by a 
Wheelco temperature controller. After the specified 
firing time, the boat was returned to the cold area 
for a 10 min cooling period. 

Most samples were potted in plastic and micro- 
sectioned by usual techniques. Other specimens 
were reheated on a hot stage where the germanium, 
nickel, and foil, if present, were separated by re- 
moving each layer mechanically with tweezers. The 
foil was then analyzed by X-ray diffraction and 
chemically for nickel content. 


RESULTS AND DISCUSSION 


Foil thickness was used as a measure of the 
amount of foil formation. Typical samples are 
shown in Figs. 1 and 2. Although some foils were 
removed from the matrix relatively intact, a weight 
determination was not deemed feasible due to the 
presence of a lead coat, as well as the possibility 
that the entire foil had not been lifted free of the 
washer. Table I contains a summary of foil thick- 
ness for various duplicated runs. 

Chemical analysis of the foil for nickel content 


Fig. 2—Ni washer bonded to 6 mil thick Ge at 600°C for 
10 min. Washer had been coated with lead 0.1 mil thick 
over entire surface. 
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Table |. Foil Thickness for Ge-Pb-Ni Systems 


Bonding Time and Temperature 
500°C 600°C 
10 Min 10 Min 


1 Hr 1Hr 


Pb Plate Thickness, 


Mils Foil Thickness Expressed in Mils 
0.1 Os 5,053! 0.7 =. 0:9 


indicates about 30 wt pct Ni present. X-ray diffrac- 
tion indicated the probable absence of free germa- 
nium, nickel, lead, and NiGe. The observed lines 
were not identified. 

Several specimens were run with pure tin and 
60 pct Pb-40 pct Sn solder replacing the lead. In 
these cases, a film was observed on the nickel 
washer ranging from 0.1 to 0.5 mils in thickness. 
Microhardness tests performed on these films show 
Rockwell “C” scale hardness of 29 to 58 as com- 
pared to 50 for the foil formed in pure lead. Since 
pure nickel is too soft to be measured on the Rock- 
well “C” scale and since the germanium measured 
65 to 68, it may be assumed that film and foil are of 
similar composition. 

One possible mechanism of foil formation may be 
seen by considering the germanium -lead-nickel 
system, where solubilities of nickel and germanium 
in lead are nearly equal as indicated in Table IL If 
it is assumed that the rates of solution are also ap- 
proximately equal, two diffusion fronts consisting of 
these saturated solutions will meet at a boundary 
about midway between the two surfaces. At this 
point, one of two possibilities exists. Either germa- 
nium or nickel can no longer be contained in solution 
because the other has bound up the excess lead, or a 
Ge-Ni phase, perhaps containing Ni,Ge, is precip- 
itated. Absence of X-ray lines for germanium or 
nickel in the foil tend to confirm the latter hypothe- 
sis. This material forms the basis for the final foil 
and therefore is initially either in the form of a foil 
or, more likely, an open net to which more material 
may add to complete the foil structure. Further foil 
thickening may take place by diffusion of material 
through the foil, by foil rupture or by curling to ex- 
pose fresh lead paths between the original surfaces. 
Finally, as the melt cools, nickel and germanium 
may utilize the foil as a site for precipitation from 
the melt, rather than one of the parent surfaces. 

In the case of the systems containing tin and lead- 
tin, solubility of germanium in the melt is greater 


Table II. Solubilities of Nickel and Germanium in Lead and Tin* 


At Pct Ge At Pct Ni At Pct Ge At Pct Ni 
Temp in Pb in Pb in Sn in Sn 
500 2 4 10 5 
600 5 6 18 8 


*Smithells, Metals Reference Book vol. VI, Interscience Publishers, 
Inc., New York, 1955. 
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than that of nickel. Perhaps the rate of solution is 
also greater for germanium. At any rate, precipita- 
tion of the “foil” as it has been called for the lead 


case, occurs at the nickel washer, where solution 
constituants might approximate these midway be- 
tween the parent surfaces in pure lead. 


On the Occurrence of Oxygen in Cast Iron 


The oxygen solubility in cast iron has been estimated from existing information in 
the literature concerning equilibria between oxygen, carbon, and silicon in molten tron 
alloys. The oxygen contents computed range from 10 to 80 ppm, depending upon alloy 
composition and temperature. Sampling methods and analyzing technique have been 
investigated. With application of these findings the oxygen content in cast iron of the 
malleable-iron type was studied on spoon samples, analyzed by vacuum fusion. When 
compared with the calculated solubility at equilibrium, the oxygen content in practice 
in most cases was found to follow the theoretical trends. Kinetic factors influencing 
this behavior are discussed as well as the occurrence of oxygen-bearing inclusions as 


observed in the microscope. 


Gustaf Ostberg 


OxycEn has frequently been considered respon- 
sible for phenomena in the metallurgy of cast iron 
which are not sufficiently explained by the presence 
of other elements. Oxygen and oxides have been 
regarded as critical factors, particularly for the 
solidification process, and specifically in the for- 
mation of graphite. However, the evidence for an 
influence of oxygen has mostly only been indirect 
or qualitative. Furthermore, quantitative data on 
the oxygen content of cast iron presented in the 
literature have often been less conclusive as being 
apparently determined with insufficient regard for 
the difficulties associated with the sampling and 
analysis. These problems, experimental and the- 
oretical, have been studied in this investigation. 

An attempt is made to bring the views on the 
soluble amount of oxygen in cast iron on a level 
with the present understanding of the thermodynam- 
ics of these types of alloys. Although there are no 
experimental data on the complete multicomponent 
cast-iron alloys some conclusions have been 
drawn from investigations on simpler systems. 

The order of magnitude of the solubility of oxygen 
in cast iron is considered in the first part of the 
paper. The second part deals with the oxygen con- 
tent actually present under practical conditions. 
First the possible sources of errors in sampling 
and analyzing methods are examined. Finally some 
observations on the oxygen and oxide content of 
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malleable iron during the production process are 
made. 


THERMODYNAMICS OF OXYGEN SOLUBILITY 


When cast iron is saturated with oxygen the satu- 
ration phase is essentially carbon monoxide or 
silicon dioxide depending upon the composition of 
the iron, the temperature, and the rates of formation 
of the oxides.* The latter occurs according to the 


*The possible existence of SiO is neglected in this rough estima- 
tion. 


following formulas and equilibrium constants* 


*The following symbols are used, examplified for the components A 
and B of the system A—B—C etc.: c, for concentration in weight pct, 
a, for activity, and f, for activity coefficient (f, = aa: ca). f,°, partial 
activity coefficient, represents the influence of the component B on the 
activity coefficient of A. 


a 
O+C = CO, Koy = 20+ Si= SiO,, 


Activities are used here instead of weight pct 

concentrations, since activities are believed to show 
more Sensitively the effects of the interaction of all 
the alloying elements. Calculations involving ac- 
tivities are, however, seriously hampered by lack 
of experimental data on the interactions between the 
components encountered in the multicomponent cast- 
iron system Fe-O-C-Si-Mn-P-S- and so on. In order 
to make an estimate of the oxygen solubility reason- 
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ably simple it is therefore desirable, as a first ap- 
proximation, to limit the study to the quaternary 
system Fe-O-C-Si. The latter has not yet been 
experimentally investigated with regard to oxygen. 
As will be seen, however, some information about 
oxygen can be obtained from the knowledge of the 
ternary systems Fe-O-C, Fe-O-Si, and Fe-C-Si. 

In this calculation @co Anda, are assumed 

2 


to be unity, representing standard states of carbon 
monoxide at atmospheric pressure and pure silica 
respectively. Some support for this assumption can 
be found in observations reported in a later section. 
From the above equations ay can be expressed 
explicitly 


CO equilibrium: a, = 1/(Keo * 


SiO, equilibrium: a, = 1/ K 50, a. 


To find the oxygen activity coefficient f. one has 
to rely upon the partial activity coefficients f a yf. oe 
and fi. Chipman’ calculates the activity coefficient 
as the product of the partial coefficients: 


log, = log log fC + log f 


For further details about this method, strictly valid 
only for dilute solutions but used here in lack of 
better methods, the reader is referred to the source 
mentioned. 

fQcan be considered equal to unity as is custom- 
ary in similar cases. The other coefficients {6 and 
f3 are found in the literature as functions of the 
contents of C and Si respectively, in the form: 
log f§ = e& + cc, e& being an “interaction coeffi- 
cient.” If in such an equation, determined for the 
system Fe-O-C, the analyzed concentration of 
carbon in an Fe-O-C-Si alloy should be inserted, 
the influence of silicon upon carbon would not be 
accounted for (and vice versa in the case of f). 
An attempt to represent the influence of the third 
solute (Si) on the second (C) will be done here by 
using for cc that carbon content which in the sys- 
tem Fe-O-C would have the same carbon activity 
as the one prevailing in the system Fe-O-C-Si 
considered. This carbon concentration is here 
called the “effective carbon content.” In the 
analogous case of he the conversion to effective 
silicon content is of less importance due to the 
limited accuracy of the f%-determinations as a 
function of Cg;. 

Calculations according to the principles above 
have been performed for three alloys with 2 pct C 
and 1 pet Si, 3 pct C and 1 pct Si, and 3 pct C and 
2 pct Si respectively in the temperature range 
1400° to 1650°C. The following data have been 
used. Available functions determined for a limited 
range of composition and temperature have then 
been extrapolated when needed. It is clearly 
recognized that such extrapolations as well as the 
use of equations deducted for dilute solutions, 
neglecting of temperature dependence in some 
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cases and application of data determined for ternary 
systems also on the quaternary one introduce a con- 
siderable uncertainty. 

Log Keo = 1056/T + 2.131 according to Turkdo- 


gan’s* experiments and calculations on measure- 

ments of Richardson and Dennis, * the latter con- 

firming earlier data of Phragmén and Kalling.* 
Log Ksin, = 29150/T — 11.01 according to Chip- 


man and Gokcen.°® 

f€ is taken from Chipman’s! treatment of 
Richardson and Dennis’ data: log f€ = 358° cc/T. 
The determination of f# by Chipman et al ®! has 
been assumed to be valid also at the conditions en- 
countered here: log = 0.09 cs,. f@ like f2 
are close to unity at these high carbon and silicon 
contents. Thus log = 358° +0.09°* cg. 

f§ has been determined by Turkdogan? in his in- 
vestigation of the CO equilibrium. A somewhat 
higher value, log f§ = —0.44 - cc, is chosen here 
in consequence with the fact that the value for f S 
above is lower than that used by Turkdogan. It 
should be pointed out that the value of f§ is im- 
paired with a considerable uncertainty. 

The same is still more true for f# at high sil- 
icon concentrations. Very approximate values for 
log f%/cs, are taken from Chipman and Gokcen’s 
measurements (the values chosen are on the high 
side): —0.15 for high temperature and —0.20 for 
low temperature. This represents a reducing in- 
fluence of silicon on the activity coefficient of 
oxygen by a factor of 0.5 to 0.8. 

As to the partial activity coefficients for silicon, 
f§ is taken from Chipman et al®*: log f& = 
0.20 - Cc._ The influence of temperature is neg- 
lected. f can be approximated from Chipman and 
Gokcen: log f&% = 0.20 - cs;. However, an alterna- 
tive treatment of the deduction of Cj) at SiO, equi- 
librium is performed here in order to avoid some 
of the difficulties in the interpretations of the ex- 
perimental data. Chipman®® has shown that the 
true equilibrium constant for the reaction Si +20 = 
SiO, is best represented by the product Cg; - (Co)’, 
which implies that the effect of f@ is offset by 
fa. Thus in the system Fe-O-C-Si the true equi- 
librium constant can be written 


1/Ksio, = 4s, Go) = 


0.5 


The values on Cy arrived at with this alternative 
method are lower than would be obtained with use 
of fei. 

Evidently the activity coefficient for oxygen in 
solution in molten iron is strongly diminished by 
the addition of the alloying elements carbon and 
silicon. When the carbon content of an Fe-O-C 
alloy is raised there is thus a decrease in both the 
activity coefficient for oxygen, fp, and the activity 
at equilibrium with CO, ao. Since Co = /fo the 
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Fig. 1—Solubility of oxygen in Fe-O-C-Si alloys at various 
temperatures. Alloys: No. I 2 pet Si, 1 pet C, No. II 3 pct 
C, 1 pet Si, No. III 3 pet C, 2 pct Si. Line a is oxygen 
solubility in Fe-O-Si at 1 pct Siacc. to ref. 5. Line 6 is 
oxygen in Fe-O-C at 2 to 3 pct C acc. to ref. 2. 


change in oxygen content is determined by the ratio 
between the changes indo and f,. The fact that 
this twofold effect of carbon may result in an in- 
creasing oxygen concentration with increasing car- 
bon content in the higher range, has been theoreti- 
cally demonstrated by Takeuchi” and was experi- 
mentally confirmed by Turkdogan.* The carbon 
content at which a further increase would cause the 
oxygen concentration to rise was calculated by 
Takeuchi to be 1.83 pct C at 1540°C; Turkdogan’s 
value was about 1.3 pct C at 1500° to 1700°C, cor- 
responding to an oxygen content of 0.0035 pct or 

35 ppm. The addition of silicon as an alloying 
element would be expected to result in a lower 
value of the critical carbon content at CO equilib- 
rium by the effect of silicon on the activity coef- 
ficient of carbon, and in a higher oxygen level, since 
Silicon also affects a, and the activity coefficient of 
oxygen. 

For the sake of brevity only 1 explicit example of 
the calculations is shown here. The case is 2 pct C 
and 1 pct Si, the alloy which most resembles the 
malleable irons that were used in the experiments, 
at 1450°C. 


CO equilibrium: Koo = 555, log fc = 0.5, ac = 
6.4, do = 2.8: 10°*; Cc ettective = 2.3 pct, log 
—1.0, log Na = —0.20, f, = 0.06, cg = 0.0045 pct 
or 45 ppm. 

SiO, equilibrium: K so, = 7.76 - 10°, log fae 
0.40, Cy = 0.0071 pct or 71 ppm. 

Apparently in this case the CO equilibrium gives 
the lowest oxygen activity and thus limits the solu- 
bility. The results of calculations on other alloys 


and temperatures are shown in Fig. 1. (The lines 
have been extrapolated down to temperatures near 
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the austenite liquidus. It is advised that in this re- 
gion, the diagram should be used with great care.) 
In view of the limited accuracy of the absolute 
values obtained according to the aforementioned 
principles, only the general trends will be com- 
mented here. 

It is evident that at higher temperatures, above 
1350° to 1400°C, the CO reaction determines the 
solubility of oxygen at equilibrium conditions. As 
in the Fe-O-C-system, the solubility in this case is 
very little temperature dependent. The difference 
between Turkdogan’s value for silicon free melts 
and those for cast iron with 1 and 2 pct Si is due to 
the effect of silicon upon the activity coefficients of 
carbon and oxygen. As to the difference in oxygen 
content at saturation with SiO, in pure Fe-O-Si- 
melts compared with the cast irons, this is ex- 
plained with reference to the great influence of 
carbon on the activity coefficient of oxygen and to 
the effect on fg; . 

Manganese, phosphorus and sulfur in cast iron 
can be expected to influence the equilibrium re- 
lationships here calculated in several respects. 
The activities of silica and carbon monoxide prob- 
ably remain unaffected by these elements (as to 
silica, see the later section on inclusions), but the 
activity coefficients for the elements in solution 
should be changed owing to the mutual interaction 
of all the alloying elements. Some information on 
this point can be obtained from the literature on 
this subject.®’ The activity coefficient of carbon 
is lowered slightly by manganese and raised by 
phosphorus and sulfur. Phosphorus also increases 
fs,- Probably more important are the changes of 
the activity coefficient of oxygen. While manganese 
in this respect means less, phosphorus exhibits a 
lowering and sulfur a raising influence. To these 
effects should be added the interaction of manganese 
with sulfur, manganese with carbon, and so on. The 
complexity of the picture allows no precise general 
statement about the magnitude of the influence of 
Mn, P, and S on the oxygen-saturation values. How- 
ever, it is felt that in cast irons of normal composi- 
tion the oxygen solubility will be somewhat higher 
than in the pure Fe-C-Si-O alloys. 


METHODS FOR OXYGEN ANALYSIS 


In the present investigation the vacuum -fusion 
method for oxygen analysis was chosen partly be- 
cause a vacuum-fusion apparatus was available, 
and partly in view of some apparent unreliabilities 
of other possible procedures to be discussed. 

The method of adding aluminum to molten cast 
iron and analyzing for Al,O, suffers from the fact 
that most certainly only part of the total oxygen 
content is recovered as pure Al,O,. The rest will 
be substantially combined with silicon, as judged 
by experiences from aluminum treatment of silicon 
steels. Therefore, a complete analysis of all oxide 
inclusions would be needed to give the oxygen con- 
tent of cast iron. Not even this method is absolutely 
satisfactory since some oxygen also may exist in 
forms other than that of separable inclusions; i.e., 
as supersaturated solution. Earlier investigators 
using the inclusion method, ”’° have nevertheless 
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often arrived at extremely high oxygen values, 
probably as a result of accidental oxidation of 
Silicon during the separation, or the presence of 
oxygen in entrapped slag particles. 

Only a few details of the vacuum-fusion procedure 
used in this investigation will be described. Owing 
to the fact that the apparatus was designed to de- 
termine relatively high oxygen contents in steel, the 
smaller amounts of oxygen in cast iron required a 
proportionately larger sample to give a sufficient 
gas volume. About 40 g of iron were needed for a 
Single oxygen value. The as-cast specimens were 
machined from 10 mm to 9.5 mm diam and to 30 mm 
length. They were analyzed as soon as possible 
after preparation. The apparatus operated at 1850°C 
and with a pressure of 10°° mm Hg. The gases 
evolved were collected, hydrogen was then elimi- 
nated as water vapor and the CO was converted by 
ignition with oxygen to CO,; whereupon the volume 
of CO, was measured by adsorption in sodium hy- 
droxide.* The total volume of gases evolved 


*Nitrogen and hydrogen figures will not be quoted in this paper. The 
nitrogen values (being the balance at the analysis), ranging from 40 to 
90 ppm, are probably too low due to combination in the analyzing ap- 
paratus of nitrogen with other elements into compounds not recovered 
with the bulk of the N22! As to hydrogen, the sampling technique 
used is not suited to give representative data for the content of this 
element in the melt. Hydrogen can be expected to escape from the 
specimen to a great extent during cooling at sampling and storage. 
The hydrogen values obtained varied between 0.1 and 7 ppm. High hy- 
drogen values were regularly accompanied by high oxygen contents. 
This is taken as an indication of moisture being a major source of hy- 
drogen in the iron. 


averaged 2 ml, with about 0.3 ml CO at an oxygen 
content of 10 ppm. The blank was measured be- 
fore and after each run of 25 min. Its mean value 
was of the order of about 0.05 ml per 25 min. Since 
the graphite details of the apparatus may adsorb 
gases evolved from the specimen, some iron oxide 
was added before the beginning of a run in order 
to ensure saturation of the adsorption capacity. A 
mirror of condensed volatile material from the 
iron was formed in the cooler part of the heating 
tube. Some error is admittedly connected with the 
existence of this probably gas-adsorbing deposit. 
The heating temperature of 1850°C was con- 
sidered sufficient. Opinions have been raised for a 
higher temperature, particularly for materials con- 
taining Al,O,. A rise to 2050°C here resulted in an 
increase in the oxygen value of 5 pct. At the same 
time, however, the uncertainty became greater as 
the blank increased, together with the volatilization 
of alloying elements which formed the aforemen- 
tioned mirror. 

Another complication sometimes encountered in 
vacuum-fusion analysis is the presence of adsorbed 
gases upon the surface of the solid specimens. With 
steel such adsorbed layers can amount to significant 
volumes. To investigate this in the case of cast iron 
the ratio of surface to volume of the specimen was 
doubled. No significant change in the amount of 
evolved gases did, however, occur. 

The reproducibility as exhibited by repeated tests 
was within + 10 to 15 pct of the oxygen content. In 
the present studies, performed with the aim of com- 
paring the oxygen content of cast iron of various 
conditions, differences between oxygen values of 
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+ 20 pct have, therefore, been considered significant. 
In a few cases trends have been accepted as a basis 
for conclusions where the differences were smaller 
but consistent. 


SAMPLING TECHNIQUE 


A sample of liquid cast iron may lose oxygen in 
the form of CO gas or pick up oxygen from the at- 
mosphere. Quickest possible cooling of the molten 
sample limits the extent of these processes. Var- 
ious procedures to carry out this in practice have 
been developed for steel. The common method of 
sampling the metal bath with a spoon and then pour- 
ing into a chill mold has been adopted in the present 
investigation after an experimental examination of 
possible sources of error. The alternative bomb 
method was not tried, since the main motive for its 
use in steel, to avoid the interference of slag, is 
lacking here; such slag is usually not present at 
cast-iron sampling. 

The spoon was made of a small crucible of clay- 
graphite, annealed and preheated before each sam- 
pling. On sampling steel the spoon should be care- 
fully slagged to avoid the initiation of a CO boil. 
This was found unnecessary for cast iron. A com- 
parison between a bare spoon and one covered by a 
synthetic slag low in FeO (45 pct CaO, 45 pct SiO,, 
and 10 pct CaF, ) yielded no significant difference 
in oxygen values. On one occasion a spoon of glazed 
quartz glass was used, but no difference in oxygen 
values could be detected. (The samples in these 
experiments as well as in others reported in this 
section were taken on a 350-lb melt of malleable- 
iron composition, which was on the verge of boiling 
at 1500°C.) In the following, therefore, a bare 
graphite spoon was employed. 

It was found that the oxygen content tended to fall 
slightly if the iron was kept for longer times than a 
few seconds in the spoon. An attempt to prevent the 
possible evolution of oxygen (CO) during these few 
seconds was made by adding aluminum wire to the 
spoon immediately before immersion into the bath. 
No difference in the oxygen value was obtained, how- 
ever, indicating that the possible loss was very 
small. 

Oxygen is known to be taken up by steel during 
tapping. To establish to what extent the same would 
occur at pouring the cast-iron sample, some ex- 
periments were made where the air-exposed sur- 
face of the stream of iron was purposely increased. 
This was achieved in 2 cases by splitting the stream 
into thin jets in a refractory strainer. By this treat- 
ment the oxygen content rose from 6 to 9 ppm and 
from & to 10 ppm, respectively. More striking evi- 
dence of oxygen pickup was gained by increasing the 
pouring height from the ordinary 2 in. to about 2 ft 
and 4 ft. At entering the chill mold the stream was 
partly broken up into drops. There was a corres- 
ponding rise in oxygen content; from 6 to 24 ppm 
and from 5 to 12 ppm, respectively. It is believed 
that the effect found is caused by atmospheric oxy- 
gen being dissolved into the iron and/or by oxidation 
of silicon. It is true that carbon should protect the 
iron stream at these higher temperatures (the 
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Fig. 2—One half 
of copper chill 
mold (symme- 


temperature at the experiments was about 1500°C, 
the iron being of the malleable-iron type), but prob- 
ably carbon should not be able to react rapidly 
enough to prevent some oxidation of silicon. (The 
phenomenon described may have practical im- 
portance for the manufacture of iron, when a low 
oxygen content is desired; tapping or repeated 
pouring of the iron from great heights should then 
be avoided. ) 

The chill mold used was made of copper, Fig. 2. 
It had 6 vertical specimen cavities, each of 10 mm 
diam and 85 mm long, arranged in a row with a 
common horizontal runner. The diameter of the 
specimens was chosen with regard to the analysis 
apparatus and to the fact that the sample should 
solidify with a white structure. The latter is nec- 
essary Since samples with graphite are found to 
take up oxygen during storage before analysis. This 
phenomenon, also reported by others, was ob- 
served on a sample with mottled structure which 
was kept outdoors during one night.* The oxygen 


*The experiments on oxygen pickup during storage were made by 
Mr. Y. Lindblom, now at Domnarfvet’s Steel Works, Sweden, to whom the 
author is indebted. 
content rose from 5 to 73 ppm. In another series 
of experiments, samples cast to gray and to white 
structures were stored in dry and in moist atmos- 
phere at room temperature. The variation in oxy- 
gen content with storage time for these samples is 
graphically represented in Fig. 3. While all the 
values for the white iron lie well within the limits 
of the errors of analysis, the gray-iron samples 
are clearly affected, particularly in the moist at- 
mosphere. The high initial oxygen content of the 
gray samples is probably due to a rapid initial 
pickup. The mechanism of the increase in oxygen 
content is not known, but it is suggested that oxygen 
from the atmosphere is adsorbed upon, and diffuses 
inwardly along the graphite flakes. This is thought 
to be similar to that which happens in gray-iron 
castings when (repeatedly) exposed to oxidizing at- 
mosphere at high temperatures. In extreme cases 
such a treatment can give rise to evena “sub- 
scale” of oxides. 

Graphite molds are regularly used elsewhere. ** 
When graphite was occasionally used in this in- 
vestigation some scattering in oxygen content was 
found. In general, the order of magnitude of the 
difference, positive or negative, between the mold 
materials was negligible. This problem has not 
been examined in detail, but one reason for the 
scatter observed is thought to be the surface prop- 
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erties of the graphite mold. To examine this pos- 
sibility by increasing the graphite surface, graphite 
powder was added to some of the cavities in a Cop- 
per mold. Thereby the oxygen value decreased. On 
the other hand one might expect an opposite effect, 
resulting from the metal taking up oxygen adsorbed 
on the graphite surface at lower temperatures. A 
further factor which might have some bearing on 
this problem is the rate of cooling. In both kinds of 
molds the cooling was fast enough to prevent visible 
surface oxidation of the samples. Cooling curves 
showed that in the graphite mold the iron was 
quenched from 1500° to 1000°C in about 8 sec; in 
the copper mold the corresponding time was 15 sec. 
Probably the speedier cooling in graphite favors the 
retention of oxygen. 

Besides the spoon sampling described, the method 
of sucking up iron into a copper mold was tried. 
The mold in question had a slightly tapered hole, 
with a diameter of 11 mm at the large end anda 
wall thickness of 5mm. It was quickly immersed 
to a depth of a few millimeters directly into the 
bath. The oxygen values obtained by this method 
were, within the errors of determination, the same 
as with spoon sampling. For use in commercial 
furnaces of various types, the spoon method seems 
to be the most convenient one. 


Oxygen content Oxygen content 
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Fig. 3—Change in oxygen content of gray and white cast 
irons during storage in dry and wet atmospheres. 
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BEHAVIOR OF OXYGEN IN CAST IRON DURING 
MELTING AND CASTING 


Based on the foregoing thermodynamic calcula- 
tions and the studies of sampling and analysis 
techniques, an investigation of the behavior of 
oxygen in cast iron during various stages of melt- 
ing and casting has been made. The melting proc- 
ess examined was the production of cast iron of 
malleable-iron composition (resembling alloy I in the 
thermodynamic calculation) in a duplex process of 
acid-lined hot-blast cupola and air furnace. The 
aim is not to give a complete picture of the oc- 
currence of oxygen, but some observations are 
made which may shed light upon this problem. 

Samples were taken in the cupola spout, in the 
air furnace, in a transport ladle, and in castings. 
Iron from the cupola spout always yielded higher 
oxygen values than air-furnace metal, 30 to 75 ppm 


* 


Fig. 4—Silicate in- 
clusion in sample 
from cupola spout. 
X2000, unetched. 


Fig. 6—Composite 

inclusions of sili- 

cate and sulfide, 

the latter consist- 

ing of darker man- 

ganese sulphide 

and lighter iron 

sulfide. Sample 

j from cupola spout. 
X2000, unetched. 


Fig. 8—Duplex 
sulfide-silicate in- 
clusion of elongated 
shape in sample 
taken from cupola 
spout. X2000, 
unetched. 
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as compared with 10 to 13 ppm. The highest of 
these cupola figures are above the solubility limit. 
To establish whether the excess was present in 
supersaturated solution or as a separate phase, the 
samples from the cupola and from the air furnace 
were studied at high magnification in the micro- 
scope. All specimens contained inclusions of vari- 
ous sizes and appearances, identified as silicate, 
Figs. 4to 11. The total number of silicate particles 
was about 10 times greater in the specimens from 
the cupola spout than in the specimens from the air 
furnace. As will be discussed further, this dif- 
ference in amount of silicate may make up for part 
of the mentioned difference in oxygen content. 

The location of the silicate inclusions in relation 
to the structure of the matrix was part in the auste- 
nite dendrites, part in the last solidified eutectic 
areas. At least some of the inclusions thus seem | 
to have been present in the melt before the solidi- 
fication of the main portion of the metal. Others 


Fig. 5—Duplex in- 
clusions of manga- 
nese sulfide and 
silicate with dark 
appearance in ¢ 
sample from cupola _ 
spout. X2000, un- 

etched. 


= 


Fig. 7—Sulfide- 
silicate inclusions 
with bright, shiny 
spots in the sili- * 
cate. X2000, 

unetched. 


Fig. 9—Iron with 
aluminum addition. 
Opaque, sharp- 
cornered silicate. 
X2000, unetched. 
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Fig. 10—Sample 
eo. from air furnance, 
heat-treated in 
vacuum at 1080°C 
for 4 hr. Precipi- 
tated silicate par- 
ticles. X2000, un- 
etched. Reduced 
approx. 23 pct for 
* reproduction. 


may have formed during the solidification: The 
silicate inclusions are thought to be the product of 
reaction between dissolved oxygen and silicon. This 
might seem remarkable in view of the temperature 
of the iron in the cupola spout being such that car- 
bon should govern the solubility of oxygen. That 
silicates are nevertheless present indicates either 
that carbon has been unable to protect the silicon, 
or that the silicates are relics from an earlier low- 
temperature period. 

Concerning the mentioned decrease in number of 
Silicate particles from cupola to air furnace, some 
of the particles may have vanished by ascending to 
the surface of the air-furnace bath. The time re- 
quired for small silicate particles to rise in an iron 
bath has been calculated by Ranque.”® An inclusion 
of 5 uw diam will rise approximately 0.01cm per sec, 
which is about sufficient for separation in the actual 
case. Another way for silicate inclusions to disap- 
pear is by reduction with carbon to silicon, or per- 
haps SiO. Since silicon from the siliceous lining is 
found to enter the iron by such a process, when the 
iron is Kept in the furnace, the silicate inclusions 
with their higher silica activity should be reduced 
readily. However, the major part of the decrease 
in oxygen content from cupola to air furnace prob- 
ably does take place via CO. 

Later on, upon holding the iron in the air furnace, 
there is a further drop in oxygen content, as indi- 
cated by samples taken at 15-min intervals during 
a period when the iron was kept in the furnace with 
no supply from the cupola. There is a slight but 
consistent decrease: From 18 to 14 ppm in the 
first 30 min of such a holding period, and from 7 to 
5. ppm in the last 110 min. In the air furnace the 
bath is boiling and the iron undergoes a decarburi- 
zation from 3.1 to 2.7 pct. The boil is less vigorous 
than in an open-hearth during the refining period. 
The air-furnace process differs from the latter also 
by operating with a smaller amount of excess oxy- 
gen. The low oxygen level among others results in 
the mentioned reduction of the siliceous lining. It 
can be concluded that the character of the air-fur- 
nace atmosphere is reducing with regard to silicate 
and slightly oxidizing with regard to carbon. 

A holding period in a transport ladle could be ex- 
pected to result in a further decrease in oxygen con- 
tent by adjustment to the deoxidation equilibria at 
decreasing temperature. However, no such phenom- 
enon was detected in samples taken from a 1000-lb 
ladle where the iron was held 40 min for experi- 
mental purpose. The oxygen content was found to 
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Fig. 11—Sample 
from air furnace, 
heat-treated in 
vacuum at 1080°C 
for 4hr. Precipi- 4 
tated silicate par- 
ticles and graphite 
nest. X2000, un- 
etched. Reduced 
approx. 35 pct for 
reproduction. 


be 9 ppm throughout the whole period. During this 
period the temperature droppéd from 1480° to 
1380°C. No boiling was observed. The surface of 
the iron was clean at the beginning. At about 1430°C 
the surface was completely covered with slag. The 
slag on the surface is certainly formed by external 
oxidation by the high oxygen activity in the atmos- 
phere. This process will start at a higher tempera- 
ture than the temperature limit at which the bulk of 
the iron is saturated with dissolved oxygen and 
silicon. 

The last occasion for the liquid cast iron to 
change its oxygen content is during pouring into 
and flow in the mold. It already has been shown in 
the section dealing with sampling technique that 
oxygen may be picked up at pouring through the 
air. On the other hand, the iron was found to lose 
some oxygen on flowing on the runner of the copper 
mold. An experimental study of changes occurring 
in sand molds was made on 3 cases where iron 
samples were collected after having run through 
the mold. A corresponding sample was taken in 
the ladle. There was then always an increase in 
the oxygen content from ladle to casting; i.e., from 
22 to 46 ppm, from 3 to 5 ppm, and from 7 to 11 
ppm in the ladle sample and casting sample, re- 
spectively. This phenomenon is probably a net ef- 
fect of oxygen pickup from moisture in the mold and 
loss by evolution of CO gas from the iron in contact 
with a rough mold surface. 

The foregoing description of changes in oxygen 
content is not meant to show the only possible mode 
of behavior of oxygen. However, the examples ac- 
counted for are thought to demonstrate possible 
ways of changes in oxygen content by adjustments 
towards equilibria with carbon monoxide and silica, 
respectively. 


OBSERVATIONS OF SILICATE INCLUSIONS 


Most of the oxide inclusions found were almost 
spherical in shape, translucent and faintly colored, 
showing a brownish gray hue. In polarized light, 
crossed nicols, they exhibited a dark cross, typical 
for glassy, round particles. By that appearance the 
inclusions could be identified as silicate of a com- 
position near to SiO, .* 


*The oxide phase produced in cast iron by blowing oxygen through 
a melt has been identified by Kayama by means of electron diffraction 
as pure a-crystobalite.1® 
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Part of the inclusions were 1-phase particles, 
part of them were wholly or partly surrounded by 
manganese sulfide, Figs. 4to 8. The boundary be- 
tween Silicate and sulfide was often ragged, prob- 
ably resulting from tensions set up by the growth of 
sulfide on the surface of the silicate. The latter 
usually had a darker color when associated with 
sulfide than when alone. The apparent darkening 
of the silicate may be due to the fact that the light 
reflects the dark background of manganese sulfide. 
It also could be caused by a higher Manganese con- 
tent in the silicate itself. Evidence of manganese 
enrichment of silicate is given by observations of 
grayish-yellow iron sulfide together with the dove- 
gray manganese sulfide, Fig. 6. Only in this con- 
nection was iron sulfide observed. The phenomenon 
is thought to indicate that the sulfide has been de- _ 
prived of manganese by reaction with the Silicate, 
thus forming a manganese silicate. Such a process 
should then leave some reduced metallic product 
behind. In some cases, where this metal has not 
been able to dissolve in the surroundings, it can be 
seen as discrete particles of a separate phase in- 
Side the silicate, Fig. 7. 

Apart from the rounded particles, some irregu- 
larly shaped ones were found, mostly in duplex 
together with sulfide, Fig. 8. The reason for the 
irregular shape is not known. When aluminum was 
added to the iron the inclusions acquired a sharp- 
cornered shape and lost their translucency, Fig. 9. 

In ordinary cast iron, endogenous silicate inclu- 
sions are only seldom found in the as-cast condi- 
tion, even at a careful examination. Some investi- 
gators remark upon the almost complete absence of 
oxide inclusions in cast iron.*’ Others, like Heine, ® 
have observed silicate in malleable iron. 
tinguishes free silicate particles and silicate asso- 
ciated with sulfide, the former phase said to have 
nucleated the latter. His findings are in many re- 
spects similar to those reported in the present in- 
vestigation. 

In malleable iron annealed at high temperature in 
an atmosphere of streaming nitrogen, precipitated 
particles assumed to be silicate were observed by 
Hultgren and the author.*® In this investigation 
specimens from the cupola and the air furnace were 
heated in vacuum at 1080°C for 4hr. This treat- 
ment produced particles of sizes between 0.5 and 
1.5 p, Figs. 10 to 11, identified as silicate. Their 
formation is thought to take place at annealing by 
precipitation from supersaturated solution, although 
the possibility of selective growth of some particles 
at the expense of others in a population of submi- 
croscopic ones, existing in the iron as cast, cannot 
be excluded. 


CONCLUSIONS 


It has been shown that sampling of cast iron for 


oxygen determination can be made with an unslagged 


graphite spoon if certain precautions are exercised. 
The sampling procedures should be performed as 
rapidly as possible in order to avoid reactions lead- 
ing to losses of oxygen by evolution of CO, or gains 
in oxygen by oxidation from the atmosphere. The 
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sample should be cast in a mold which ensures a 
nongraphite structure in the cast iron which is nec- 
essary for preventing a pickup of oxygen during 
storage. 

Vacuum -fusion analysis for oxygen determination 
has been considered against reduction by aluminum 
or separation of inclusions. The most important 
source of error in the vacuum-fusion apparatus 
used was the presence of a CO-adsorbing mirror. 
No evidence of gases adsorbed on the solid speci- 
mens could be detected. 

A thermodynamic estimation of the oxygen con- 
tent of Fe-C-Si-O alloys in equilibrium with CO or 
SiO, has yielded an oxygen solubility, varying with 
temperature and composition of the alloy from 10 to 
80 ppm as shown in Fig. 1. This range is about the 
same as that of the oxygen content of samples taken 
during melting of malleable iron in a cupola-air 
furnace duplex process. A few higher values were 
found to be associated with the presence of a sepa- 
rate silicate phase in the molten iron. The silicate 
inclusions were glassy particles of almost pure 
SiO,, which, during the holding of the iron in the air 
furnace, rose towards the surface of the bath. Cast- 
ing the iron resulted in an increase of the oxygen 
content by oxidation from the air and from moisture 
in the mold. 
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Relations of High-Temperature Properties of 
a Ti + Al Hardened Nickel-Base Alloy 


to Contamination by Crucibles 


During the course of a study of the influence of melting practice on the hot-working 
characteristics and creep-rupture properties of a Ti + Al hardened nickel-base alloy, tt 
was found that during vacuum induction melting the major variable was the type of ce- 
vramic used for the crucible. Analytical studies of the materials by industrial concerns 
indicated that trace amounts of zirconium or boron were derived from the crucibles. 
This reduced cracking during hot working and increased rupture strength and ductility. 
Heats made in alumina crucibles had poor characteristics. Zirconium derived from 
zirconia crucibles improved characteristics. Boron derived during melting from the 
usual contamination of magnesia with borate compounds was more beneficial than zir- 
conium. Equivalent additions of zirconium or boron to heats made in alumina produced 
properties comparable to those heats made in zirconia or magnesia. 


R. F. Decker, John P. Rowe, and J. W. Freeman 


HEat-to-neat variations in properties of an alloy 
of constant nominal chemical composition have been 
a perplexing problem to the metallurgist. These 
heat-to-heat differences have been especially baf- 
fling in high-temperature metallurgy. 

In order to establish fundamental reasons for 
these heat-to-heat variations, the National Advisory 
Committee for Aeronautics has sponsored and fi- 
nancially assisted an extended research program on 
heat-resistant alloys at the University of Michigan. 

As part of the program to find the contribution of 
processing variables, Frey, Freeman, and White’ 
studied effects of heat treating on nickel-base alloys 
and Ewing and Freeman’ investigated effects of hot- 
working practice on N155 alloy. To extend the pro- 
gram to the study of effects of melting practice on 
high-temperature properties, a 55 Ni-20 Cr-15 Co- 
4 Mo-3 Ti-3 pct Al composition was selected for 
experimentation. 

The objective of this program was to establish 
the melting-practice variables which influenced the 
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hot-working characteristics and creep-rupture 
properties and, at the same time, establish the 
metallurgical mechanisms for the effects. 

During the course of the investigation of practices 
using vacuum melting, it became increasingly evi- 
dent through chemical analyses supplied by indus- 
trial concerns that a major variable was melt reac- 
tion with the crucible. This paper is devoted to the 
results of this phase of the melting-practice study. 


EXPERIMENTAL PROCEDURES 


Experimental 10-lb heats were induction melted 
in the University of Michigan vacuum-melting unit 
with the melting practices outlined in Table I. 

Aim analysis for the basic alloy, in wt pct, for all 
heats was as follows: 


£o Mo Al 
20.0 15.0 4.0 3el 3.1 
Mn Si C Ni 

0.12 0.12 0.08-0.15 Bal. 


Small amounts of boron and zirconium were added 
to certain heats as listed in Table I. These additions 
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Table |. Melting Practice for Experimental Heats 


Refin- 
in 
Heat in Time Refining superheat 

Heat Crucible Crucible (Min) Temp (°F) Deoxidant Temp (°F) Temp (°F) Addition 
0 - C in charge 3050 3000 - 
0 - C in charge 3050 3000 - 

irconia 1 20 2700 C in charge 3000 3000 - 

+ Chunk C 
v-4 Zirconia 1 20 2700 Chunk C 2900 2900 - 
V-5 Zirconia 2 20 2700 Chunk C 2950 2950 - 
V-6 Zirconia 3 20 2700 Al 3100 3000 - 
V-7 Zirconia 4 20 2700 Si 2975 2975 - 
V-8 Zirconia 1 20 2700 Al 2975 2750 - 
V-9 Zirconia 2 20 2700 Al 2750 2750 - 
V- 10 Zirconia 3 20 2900 Al 3100 3000 - 
V-11 Magnesia 1 0 - C in charge 3000 3000 - 
y-12 Magnesia 2 0 C in charge 3000 3000 0.01 pet B 
V-13 Alumina 1 0 - C in charge 3000 3000 = 
v-14 Zirconia 1 0 - C in charge 3000 3000 0.01 pct B 
v-15 Alumina 1 0 - C in charge 3000 3000 ~ 
V-16 Alumina 2 0 - C in charge 3000 3000 0.15 pet Zr 
V-17 Alumina 3 0 - C in charge 3000 3000 0.01 pct B 
V-18 Alumina 4 0 - C in charge 3000 3000 0.01 pct B, 0.10 pct Zr 
V-19 Alumina 5 0 - C in charge 3000 3000 0.01 pct B, 0.10 pct Zr 
Magnesia if 0 C in charge 3000 3000 
V-21 Magnesia 2 0 - C in charge 3000 : 3000 _ 
V-24 Alumina 6 0 - C in charge 3000 3000 0.0025 pct B 


@Cast in tapered mold (other heats cast in straight mold). 
b Meltdown time — 2 hr (other heats — 1 hr). 


were made after deoxidation and after all other ad- 
ditions to the melt. 

Laboratory grade virgin melting stock was melted 
in alumina, zirconia, or magnesia crucibles of chem- 
ical analyses listed in Table II. 

Hot-working practice for the 2 /2-in.-diam ingots 
was kept constant for the majority of the heats as 
follows: 

1) Homogenized ingot 1 hr at 2300°F, air cooled. 

2) Surface ground ingot. 

3) Rolled at 2150°F to %-in. bar stock using 22 
passes with 21 reheats of 10 min between passes. 
The last pass was a 7-pct reduction, followed by 
air cooling. 

The deviations from this practice were Heats 
V-20, V-21, and V-24 which were not homogenized 
or ground, and Heats V-18 and V-19, which were 
rolled at 2000°F to %-in. bar stock using 36 passes 
with 35 reheats. 

Chemical analyses were obtained on the as-rolled 
stock through the courtesy of Utica Drop Forge and 
Tool Division of Kelsey-Hayes Co., Universal- 
Cyclops Steel Corp., and Metallurgical Products 
Division of General Electric Co. 

The hot-working characteristics of the experi- 
mental heats were evaluated by observation of 
cracking during rolling. The as-rolled bar stock 
was treated at 2150°F, air cooled and machined into 


0.250-in.-diam rupture specimens. Then creep- 
rupture properties were tested at 1600°F and 
25,000 psi after the specimens were preheated 4 hr 
at 1600°F. 


RESULTS 


Chemical Composition— The results of the chem- 
ical analyses are given in Table III. The lower limit 
of analysis sensitivity for zirconium was 0.03 pct in 
the earlier Heats, V-1 through V-10. However, this 
sensitivity was improved to 0.01 pct in the later 
Heats, V-11 through V-24. 

In the heats melted without deliberate boron or 
zirconium additions several points are evident. The 
heats melted in alumina crucibles had less than 
0.0004 pct of boron and less than 0.01 pct of zirco- 
nium. Heats melted in zirconia had low boron con- 
tent but variable zirconium content up to 0.19 pct. 
The higher but variable level of boron in the heats 
melted in magnesia was one of the most significant 
factors observed, as will be discussed later. 

Some variation in levels of carbon, titanium, and 
aluminum is indicated by the results. 

Hot Working—Evaluation of hot workability of the 
experimental alloys was restricted to observation 
of cracking during rolling. This revealed that two 
distinctly different types of cracking occurred. 


Table II. Crucible Materials 


Chemical Composition (Wt Pct) 


Alka- 
Material Brand Name Supplier Al,O; ZrO, MgO SiO, CaO Fe,0O, TiO, B,0, lies 
Alumina Taycor The Chas. Taylor Sons Co. 87.6 - 0.04 11.4 0.03 0.21 0.07 notdetected 0.41 
Zirconia Stabilized Zirconia Titanium Alloy Mfgs. 0.02 93.8 0.05 0.5 4.9 0.02 0.63 not detected <0.01 
Magnesia Magnorite Norton Co. - - 97.0 1.5-2.0 1.3-1.5 1-20 .1-.2 - 
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boron addition. 


(e) Heat V-12 with 0.0089 pet B and less than 0.01 pet Zr. 


Heat V-6 w 


ith 0.19 pet Zr and 0.0004 pct boron. 


Fig. 1—Effect of boron.or zirconium content on surface 


cracking of experimental heats when rolled to 7/8-in.-sq 


bars at 2150°F. 


Surface cracking, Fig. 1, occurred after the ingot 


had been broken down to square bar stock in the 
rolling mill. This did not propagate far into the 


bar stock. Another type was severe internal rup- 


turing of the stock, as shown by Fig. 2. 


It was found that both types of cracking were re- 


lated to trace-element content. 
Surface Cracking during Rolling— After the round 


ingots had been broken down to 1 ¥;g-in. squares in 


the rolling mill, shallow surface cracking occurred 


in some of the experimental heats. These cracks 


(a) Ingot after three passes at 2150°F. 


(6) Bar stock after reduction to 7/8 in. sq. Large cracks 
occurred during ingot breakdown and could not be ground 
out. 


Fig. 2—Internal rupture obtained during ingot breakdown 
of Heat V-14 with 0.0088 pct B and 0.01 pct Zr and resul- 
tant bar stock after continued hot-rolling. 


could be ground out between passes rather easily 
but additional cracking occurred during subsequent 
passes. The severity of this cracking was variable; 
some of the heats were very malleable with no sur- 
face cracking while others underwent cracking with 
each pass. 

As seen in Fig. 1, the compositional relationships 
governing surface cracking during rolling of the bar 
stock were: 

1) In heats with < 0.0005 pct B (melted in alumina 
or zirconia), cracking decreased with increasing 
zirconium content. 

2) In heats with < 0.01 pct Zr (melted in alumina 
or magnesia), cracking decreased with increasing 
boron content. 

Due to internal rupturing in heats with both boron 
and zirconium, surface cracking gould not be evalu- 
ated in these heats. 

Internal Cracking during Rolling— The relation- 
ships governing internal rupturing during ingot 


Table Ill. Results of Chemical Analysis of Heats (Wt Pct) (Balance Ni) 


Heat Cr Co Mo Ti Si Mn Cc S P Zr B Ca Mg Fe Cu 

v-1 21.2 14.9 4.00 2.82 3.30 0.12 0.13 0.05 - 0.003 0.09 _ - <0.01 <0.20 <0.10 
V-2 PAU 14.6 4.00 3.17 3.45 0.14 <0.10 0.04 - 0.004 0.08 —_ ~ <0.01 <0.20 <0.10 
V-3 20.7 14.8 4.00 3.22 3.35 O11 0.16 0.06 - 0.005 0.04 0.0004 = <0.01 <0.20 <0.10 
v-4 18.1 15.2% 440 2.98 3.10 0.10 0.10 0.05 - 0.006 0.06 0.0005 = <0.01 <0.30 <0.10 
V-5 18.2 15.1 4,20 3.18 3.15 0.10 0.10 0.09 - 0.008 0.09 - = <0.01 <0.30 <0.10 
V-6 18.8 15.1 4.15 3.14 3.14 0.10 <0.10 0.08 -008 0.003 0.19 0.0004 — = <0.30 - 

V-7 19.4 15.0 4.10 3.30 3.35 0.14 0.15 0.08 = 0.006 <0.03 - = - <0.30 = 

V-8 19.2 14.5 4.20 2.98 3.00 0.22 0.15 0.20 - 0.007 <0.03 = = <0.01 - <0.10 
v-9 19.8 14.5 4.10 2.93 2.85 0.23 0.13 0.19 = 0.004 <0.03 0.0004 - <0.01 = <0.10 
V-10 19.8 15.2 4.10 3.05 3.15 0.12 0.10 0.13 - 0.005 0.06 - == <0.01 <0.30 <0.10 
v-11 20.0 16.2 4.20 S045) 3.58 0.18 0.10 0.05 - 0.004 <0.01 0.0017 ~_ <0.01 <0.30 <0.10 
V-12 20.9 14.8 4,20 3.15 3225 0.20 <0.10 0.10 - 0.004 <0.01 0.0089 - <0.01 <6.30 <0.10 
V-13 20.4 14.8 4.20 3.25: 3.37 0.25 0.12 0.05 - 0.007 <0.01 0.0003 <0.01 <0.001 <0.01 <0.01 
V-14 20.8 14.8 4.20 3.20 3.30 0.19 0.11 0.09 - 0.007 = <0.01 <0.30— <0.10 
V-15 19.7 15.0 3.90 3.08 3235 0.17 0.13 0.08 0.007 0.006 <0.01 0.0002 = <0.01 <0.30 <0.10 
V-16 20.0 16.0 3.90 312 3.39 0.17 0.10 0.06 = 0.006 0.73 0.0009 - <0.01 <0.30 <0.10 
V-17 19.4 16.5 3.75 3.02, 3:26 0.16 0.12 0.07 — 0.008 <0.01 0.0074 - <0.01 <0.30 <0.10 
V-18 19.8 15.7 3.70 3.10 3.26 0,12 0.13 0.07 - 0.006 0.09 0.0069 - <0.01 <0.30 <0.10 
V-19 20.8 16.0 3.90 S517 3.38 0.13 0.12 0.08 - 0.006 0.04 0.0090 - <0.01 <0.30 <0. 10 

V-24 19.8 15.9 4.05 2.92 3.06 0.16 <0.10 0.13 - 


- <0.01 0.0012 <0.10 <0.01 <0.30 - 
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(a) Heat V-13 with 0.0003 pct B and less than 0.01 pet Zr. : ms — oo : 
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(6) Heat V-1 with 0.09 pct Zr melted in zirconia with no 
| 
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Table IV. Stress-Rupture Data at 1600° F and 25,000 Psi 


(As-rolled bar stock was heat treated 2 hr at 2150°F, air cooled 
except for samples noted by (a) which were heat treated 1 hr 
at 2150°F, air cooled) 


(Specimens were preheated 4 hr at test temperature before loading) 


Re- 
duc- 

Rup- i 
Time, gation, Area, -B; Ti+Al, 

Heat Hr Pct Peto Pet Pct Pct 

96.6 5 6 

v-2 117.7 8 3 0.04 0.08 a 6.62 
143.5 5 6 

v-3 90,7 4 4 0.06 0.04 0.0004 6.57 
126.0 5 4 

v-4 99.55) 6 4 0.05 0.06 0.0005 6.08 
106.3 4 5 

91.2 5 6 

V4 147.4 5 5 0.08 0.19 0.0004 6.28 
133.7 6 8 

V-7 75.5 4 3 0.08 <0.03 = 6.65 
103.1 5 5 

v-8 81.2 8 12 0.20 <0.03 = 5.98 
66.3 11 9 

v-9 50.8 8 12 0.19 <0.03 0.0004 5.78 
54.6 6 8 

v-10 85.5 9 9 0.13 0.06 = 6.20 
86.5 8 10 
79.9 6 6 
102.8 8 9 

V-1l 185.2 3 2 0.05 <0.01 0.0017 6.83 
229.9 5 5 

NID 428.8 10 11 0.10 <0.01 0.0089 6.40 
393.5 7 8 ; 

v-13 56.9 2 2 0.05 <0.01 0.0003 6.62 
47.5 1 1 

v-14 666.3 17 16 0.09 0.01 0.0088 6.50 
626.8 12 13 

v-15 44.6 1 0.08 <0.01 0.0002 6.43 
52.0 2 1 

v-16 144.0 4 4 0.06 0.13 0.0009 6.51 
118.9 4 4 

V-17 400.4 7 6 0.07 <0.01 0.0074 6.28 
346.0 7 5 

V-18 243.8 ‘i 6 0.07 0.09 0.0069 6.36 
304.5 10 10 

y-19 546.6 11 12 0.08 0.04 0.0090 6.55 

v-20 225.2 5 4 0.12 <0.01 0.0010 6.37 
206.9 4 3 

v-21 103.4 4 2 0.15 <0.01 0.0004 6.27 
106.0 3 2 

v-24 170.0 5 3 0.13 <0.01 


0.0012 5.98 


breakdown were: 

1) The base alloy as melted in alumina was not 
subject to internal rupturing. 

2) Zirconium in the heats melted in zirconia or 
alumina without boron additions apparently did not 
introduce internal rupturing. The relation held up 
to 0.19 pct Zr (Heat V-6). 

3) Increasing boron content in the presence of 
< 0.01 pct Zr did introduce minor internal ruptur- 
ing. This was first noticed in the finished bar stock 
of Heat V-12 (0.0089 pct B) which exhibited some 
small voids along the centerline which resulted from 
internal rupturing during breakdown of the ingot 
structure. 

4) Addition of 0.01 pct or more zirconium in the 
presence of a boron level of 0.0069 to 0.0090 pct had 
a pronounced effect with the hot-working practice 
used in this study. Severe internal rupturing oc- 
curred during breakdown of the ingot structure. 
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Fig. 2 illustrates the severity of this in Heat V-14 
which contained 0.0088 pct B and 0.01 pct Zr. Thus, 
the small increase in zirconium content from < 0.01 
pet (the limit of analysis) in Heat V-12 to definite 
0.01 pct in Heat V-14 in the presence of the boron 
content near 0.009 pct was enough to intensify in- 
ternal rupturing. In general, the severity of the in- 
ternal rupturing in the heats containing 0.0069 to 
0.0090 pct B (Heats V-12, V-14, V-17, V-18, and 
V-19) increased with zirconium content in the range 
covered from < 0.01 to 0.09 pct Zr. Heats V-18 
(0.0069 pct B and 0.09 pet Zr) and V-19 (0.0090 pct 
B and 0.04 pct Zr) were very hot short during the 
first passes in the standard rolling schedule. 

5) The time of internal rupturing in the rolling 
cycle was a function of the boron and zirconium 
levels. In Heat V-14 (0.0088 pct B and 0.01 pct Zr), 
internal rupturing was limited to the first three 
passes at 2150°F where it occurred along the as- 
cast grain boundaries. Once the original as-cast 
structure was recrystallized, internal rupturing 
ceased and the heat was reduced to %-in.-bar stock 
successfully with the standard rolling procedure. 
However, in Heat V-18 (0.0069 pct B and 0.09 pct 
Zr) and Heat V-19 (0.0090 pct B and 0.04 pct Zr), 
internal rupturing persisted after recrystallization 
of the as-cast grains. In order to minimize this 
rupturing throughout the rolling cycle, the rolling 
temperature was lowered to 2000°F and the reduc- 
tions per pass to 3 pct. With this procedure, it was 
possible to obtain some useful stock for rupture 
testing. 


General Comments on Hot Working—The 2300°F 
treatment included in the standard rolling practices 
was first adopted for heats with no boron addition in 
the belief that it would minimize surface-cracking 
problems during rolling by homogenizing the as- 
cast ingot. It is possible that this treatment mag- 
nified the internal-rupture problem in heats to which 
boron was added. The introduction of the 2300°F 
treatment was based on experience with one of the 
higher zirconium heats and it is now considered that 
the zirconium and not the heat treatment was re- 
sponsible for the improved hot workability. It should 
also be noted that in this study the breakdown of cast 
ingot structure was by hot rolling. This procedure 
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Fig. 3—Average rupture life of experimental heats plotted 
on rupture band at 1600° F for two heats of Udimet 500 as 
reported by Utica Drop Forge and Tool Division of Kelsey- 
Hayes Company. Treatment of experimental heats was 2 
hr at 2150°F, then air-cooled. Treatment of Utica heats 
was 2 hr at 2150°F, air-cooled plus 4 hr at 1975°F, and 
air-cooled plus 24 hr at 1550°F plus 16 hr at 1400°F. 
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may be more severe than the common commercial 
forging practice. 

In summary, at least qualitative trends relating 
hot workability to boron and zirconium have been 
demonstrated. However, the exact quantitative re- 
lationships between cracking and boron and zirco- 
nium levels could be expected to be modified with 
commercial practice. 

Creep-Rupture Properties—Creep-rupture data 
for tests at 1600°F and 25,000 psi on the experi- 
mental heats are listed in Table IV. A statistical 
analysis was made of the rupture times and duc- 
tilities of the experimental heats. The purpose was 
to obtain a measure of the variability in rupture life 
and ductility possible in duplicate samples from one 
heat. With the calculated variances and 90 pct con- 
fidence limits, it was possible to place limits on the 
correlations which represent the maximum varia- 
bility to be expected in one heat. These limits show 
that the heat-to-heat differences and the correla- 
tions are both significant. The analysis also indi- 
cated that elongation and reduction in area in one 
heat were not significantly different in this study; 
therefore, only one correlation curve was used for 
these two quantities. 

In order to indicate the magnitude of the effects 
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found in terms of rupture strength, the variations 
in rupture time are compared with typical stress- 
rupture properties for the commercial alloy in 
Fig. 3. The properties are presented in detail in 
the following sections. 

Effect of Zirconium Derived from Zirconia 
Crucibles—Heats V-1 through V-11, melted in zir- 
conia, and Heats V-13 and V-15, melted in alumina, 
were made in order to study the effects of variable 
melting practices on high-temperature properties 
of the alloy. Within these heats, a range of rupture 
life from 44.6 to 147.4 hr and ductility from 1 to 12 
pct was obtained. 

Analysis of these ranges in properties resulted in 
correlations showing an increase of rupture life and 
ductility, see Fig. 4, with zirconium content derived 
from crucible reactions. The rupture life at a given 
zirconium content seemed to be dependent on the 
titanium and aluminum content, however. The arbi- 
trary partition of heats at 6.50 total titanium plus 
aluminum was made for the purpose of indicating 
this effect. 

The correlations were valid despite the multiplic- 
ity of melting variables, including refining time and 
temperature (with a high oxygen melt), deoxidation 
material, superheat temperature, pouring tempera- 
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ture, crucible material, and ingot-mold shape. 

Critical Test of Effect of Zirconia Crucibles—In 
order to check the postulate that the effect of zir- 
conia crucibles was simply through addition of zir- 
conium to the melt, Heat V-16 was melted in alu- 
mina with a zirconium addition of 0.13 pct. 

The test results, which agreed with the correla- 
tions of Fig. 4, confirmed the postulate. 

Effect of Boron Derived from Magnesia Crucibles 
—Heats V-11, V-20, and V-21, which were melted in 
magnesia, contained higher boron content than com- 
parable heats made in alumina (V-13, V-15). Among 
these heats rupture life varied from 44.6 to 229.9 hr 
while ductility ranged from 1 to 5 pct. 

Correlation of the properties with boron content 
derived from melt reaction with borate-contami- 
nated magnesia crucibles yielded Fig. 5 showing 
increases of rupture life and ductility with boron 
content. 

Critical Test of Effect of Magnesia Crucibles—To 
establish that the beneficial effect of melting in 
magnesia was from the boron derived from the cru- 
cibles to the melt, boron additions were made to 
Heats V-12, V-14, and V-24. 

Heat V-24 was melted in an alumina crucible with 
a small boron addition to match the level of boron 
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derived from magnesia. Heat V-14, melted in alu- 
mina, and Heat V-12, melted in magnesia, had 
larger boron additions to check the postulate at 
higher levels and to extend the correlations of 
Fig. 5. The creep-rupture test results and chem- 
ical analyses confirmed that the effect was from 
boron content. 

Interaction of Boron and Zirconium—Fig. 6 in- 
cludes data for heats melted with boron contents 
from 0.0069 to 0.0090 pct and with zirconium con- 
tents ranging from < 0.01 to 0.09 pct. This figure 
shows that, in the presence of this boron level, there 
is apparently an optimum amount of zirconium 
around 0.01 pct for both rupture life and ductility. 

As noted in Fig. 6, Heats V-18 (0.0069 pct B and 
0.09 pct Zr) and V-19 (0.0090 pct B and 0.04 pct Zr) 
had to be rolled with a modified rolling schedule be- 
cause of internal rupturing problems. In addition, it 
is possible that use of the 2300°F homogenizing 
treatment before rolling had an adverse effect when 
the boron and zirconium level was comparatively 
high. Therefore, the interaction effect may have 
been magnified in this study. Still the effect seems 
to be valid. 

Influence of Boron and Zirconium on Creep Char- 
acteristics—Time-elongation creep curves for se- 
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Fig. 6—Effect of zirconium content on rupture life and 
ductility of experimental heats at 1600° F and 25,000 psi 
in presence of boron contents of 0.0069 to 0.0090 pet. All 
heats were homogenized 1 hr at 2300°F before rolling. 
The heats with less than 0.03 pct Zr were hot-rolled at 
2150° F while the heats with more than 0.03 pct Zr were 
rolled at 2000°F. Numbers between the correlations iden- 
tity V-heat number for points directly above and below 
numbers, 


lected heats are plotted in Fig. 7. 

In general, the addition of boron and/or zirconium 
did not alter primary creep significantly. Addition 
of boron lowered minimum second-stage creep rate 
significantly. 

Both boron and zirconium prolonged tertiary 
creep, thereby increasing the deformation accom- 
modated before fracture. 


DISC USSION 


The marked influence of these small additions of 
boron and zirconium is not surprising in view of 
disclosures in the literature. Strauss® cited nu- 
merous cases where beneficial effects were obtained 
by minute additions of certain elements. “Deoxida- 
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tion” with selected elements, including boron and 
zirconium, has been reported to improve high-tem- é 
perature properties of nickel- base alloys py Mudge, 
Martin, and L. O. Bieber,” and C. Bieber.® Recently, 
Koffler, Pennington, and Richmond’ established the 
pronounced effects of boron and zirconium additions © 
on several Ti + Al hardened nickel-base alloys. 

The relationships between crucible ceramics and 
properties were developed for induction vacuum 
melting from virgin melting stock under experi- 
mental conditions. It is probable that large scale 
commercial melting as well as wide variations in 
melting practice would modify the relationships re- 
ported. The conclusion to be derived from the re- 
ported results is that small amounts of certain 
elements derived from refractories do have pro- 
found effects. 

Scrap metal or virgin stock different in composi- 
tion from that used in this study might in themselves 
introduce small amounts of beneficial elements like 
boron, zirconium, and magnesium, or harmful ele- 
ments like sulfur or lead. In addition, some melting 
atmospheres and pressures might lead to higher 
levels of oxygen and nitrogen which might alter ben- 
efits derived from boron or zirconium from crucible 
reactions. 

As indicated by the optimum combination of boron 
and zirconium, interaction effects may be extremely 
influential in giving heat-to-heat variations. It 
seems probable that this has operated to give con- 
fusing results when such elements as boron and zir- 
conium were knowingly or unknowingly added to 
heats simultaneously. Again the important point 
demonstrated by the reported results is the profound 
effect of small amounts of an element derived from 
unexpected sources and the magnification of this by 
interaction with a small amount of another element. 
It seems logical to expect that there are other ele- 
ments which could be beneficial or harmful with the 
probability of strong interaction effects. The prob- 
lem is further complicated by the difficulty of chem- 
ical analysis at trace levels of both beneficial and 
detrimental elements. Thus, properties over a wide 
range of conditions may not correlate with total 
boron and zirconium. 


Modification of crucible reactions may occur 
readily even if melting is restricted to virgin stock 
of constant composition and to vacuum melting. Dif- 
ferences in level of borate contamination of com- 
mercial magnesia could lead to variable pickup of 
boron early in the life of the crucible. Furthermore, 
the data indicate that boron pickup decreases with 
successive heats in one magnesia crucible. The use 
of patching between heats and other possibilities of 
erratically providing fresh ceramic surfaces could 
be important. The possibility of other sources of 
boron compounds, such as ceramic binders, should 
be recognized. In addition, it is probable that re- 
coveries of boron and zirconium may vary with a 
number of other factors including time and tem- 
perature of melt-ceramic contact, ratio of crucible 
surface to melt volume, and compositional varia- 
tions of the alloys. 

The creep-rupture tests were carried out on ma- 
terial heat treated at 2150°F and air cooled and then 
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Fig. 7—Creep curves at 1600° F and 25,000 psi for experimental heats showing effect of boron and zirconium contests 


on creep characteristics. 


preheated 4 hr at 1600°F before loading. This dif- 
fers from the usual commercial heat treatment 
which includes additional treatment of 4 hr at 
1975°F plus 24 hr at 1550°F plus 16 hr at 1400°F. 
Recent research® indicated that the treatment at 
2150°F followed by the 4-hr preheat at 1600°F be- 
fore stressing yielded material comparable to that 
with the commercial heat treatment. 

Carbon content of the alloys varied more than was 
desired. The reason for the variability of carbon 
content was the wide range of melting conditions 
employed with the consequent difficulty of control- 
ling carbon recovery. This may be an additional 
factor in the variation of properties. However, 
insofar as could be ascertained, the only noticeable 
effect of the carbon content was the relatively high 
ductility in the rupture tests for those heats melted 
in zirconia with more than 0.12 pct of carbon. No 
correlation of carbon content with rupture life was 
apparent. 


CONCLUSIONS 


Trace amounts of boron and zirconium introduced 
into a heat-resistant Ti + Al hardened nickel-base 
alloy through reaction with refractories during 
melting were found to improve hot-working charac- 
teristics and creep-rupture properties to a marked 
extent. The boron was derived from the normal 
contamination of magnesia refractory with boron 
compounds. Zirconium was introduced when melt- 
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ing was carried out in zirconia crucibles. Material 
melted in alumina crucibles had relatively poor 
characteristics because neither boron or zirconium 
were introduced from this refractory. 

The influence of the boron or zirconium was far 
greater than wide variations in melting practice uti- 
lizing a vacuum induction melting furnace. The 
magnitude of the effects may be altered in alloys 
having a different nominal chemical composition or 
by the usual variations of melting under production 
conditions. However, recent applications of the 
findings in commercial practice produced surpris- 
ingly close correlation with results in this paper. 
Therefore, it is concluded that the contamination is 
a major factor leading to heat-to-heat variation in 
high-temperature properties of Ti + Al hardened 
nickel-base alloys. 

It was also found that the simultaneous presence 
of boron and zirconium in the alloy can improve 
creep-rupture properties considerably over those 
for either element alone. However, an interaction 
effect was found leading to deterioration of prop- 
erties and the introduction of severe center crack- 
ing during hot rolling for 0.0069 to 0090 pct B alloys 
when more than 0.01 pct Zr was present. Again 
these results may not be quantitatively reliable for 
production conditions or all alloys but they do point 
to the very influential interaction effects which are 
possible. 

Finally the results illustrate the possibility that 
trace amounts of other elements derived from re- 
fractories, inadvertently introduced with the raw 


OCTOBER, 1958-693 


. 080 
076 
068 
064 
. 060 | 
056 
052 
048 
. 044 
. 040 
036 re) 
032 } 
O 
028 
O 
. 020 
O 
O 
O 
O 
O O O 
O 
O 
O O 
O 


materials or knowingly added could have important 
effects on heat-to-heat variations in properties. It 
seems evident that identification of such effects 
would clear up heretofore unidentified heat-to-heat 
variations in properties. 
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The Growth of Molybdenum, Tungsten, and 


Columbium Crystals by Floating Zone Melting 


in Vacuum 


A vacuum floating zone apparatus using r.f. heating has been employed to grow single 
crystals of tungsten, molybdenum, and columbium. A marked improvement in purity is 
achieved by a single pass run through tungsten and molybdenum. Studies of the electrical 
and physical properties of these crystals are now in progress. The results will be pub- 


lished at a later date. 


E. Buehler 


Tue floating zone refining technique*~* has pro- 
vided a new experimental approach to the purifica- 
tion of many reactive materials especially those 
with high melting points. The method avoids the 
use of a crucible and at the same time it provides 
a favorable environment at the freezing interface 
for the growth of single crystals. The physical 
properties of refractory metals such as molyb- 
denum and tungsten have long been of interest from 
a fundamental point of view and because of their 
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widespread use in vacuum electronics. Single crys- 
tals are often desirable for study. Prior to the in- 
troduction of zone melting, single crystals of these 
metals were usually grown in the solid state at tem- 
peratures slightly below the melting point by strain 
annealing® or by the application of a moving tem- 
perature gradient.°-® Such techniques were mostly 
successful on wires, ribbons, or rods having small 
cross-sectional areas. Recently, larger samples 

of tungsten, molydbenum, tantalum, columbium, and 
rhenium were melted by a floating zone process 
which employed electron bombardment heating. 
Single crystals were obtained in many instances 
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Fig. 1 


after a single pass. This report describes the ap- 
plication of the floating zone technique to the growth 
of tungsten, molybdenum, and columbium crystals 
in vacuum using r.f. currents for a heat source. 
Radio frequency currents were employed as a 
matter of convenience, the equipment having been 
used previously to grow silicon crystals. No at- 
tempt has been made to evaluate the relative merits 
of electron bombardment heating as opposed to r.f. 
heating. High purity levels have been achieved in 
molybdenum and tungsten by refining in vacuum. 


APPARATUS 


Fig. 1 is a photograph of the apparatus. It con- 
sists of a standard bell jar type of vacuum station* 


*Electrodynamics Corp., Model #LC1-18. 


(which is commonly employed for evaporation coat- 
ing) modified to include all necessary mechanical 
parts for mounting a specimen and moving a zone 
through it. The vacuum equipment was purchased 
stripped of all accessories except Pirani gages. It 
included a 6-in., 600 liters per min oil diffusion 
pump, a liquid nitrogen trap, a 13-cpm fore pump, 
and a 13-cfm roughing pump. All mechanical parts, 
the r.f. heating circuit, the ionization gage, and the 
special service entrances were added. 

Two aluminum castings house the mechanical 
drives, one for the sample and one for the coil, 
Fig. 1. A schematic drawing of the arrangement is 
shown in Fig. 2. The sample can be rotated about 
its axis at either end. In addition, the lower spindle 
can be moved vertically providing a means for 
changing the diameter of the sample during a pass. 
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Vertical motion can also be provided at the upper 
Spindle by sacrificing the rotation feature. The 
work coil is attached to an insulating ceramic pad 
mounted on a movable carriage driven by a screw. 
Motion to the 2 castings is transmitted through the 
base plate via 4 shafts. Vacuum seals at each shaft 
are provided by 2 lubricated neoprene “O” rings. 
Radio frequency heating has been employed for 
all zone refining operations in the vacuum equip- 
ment. Depending on the work circuit, the frequency 
has varied from 2 to6 mc. The circuit is similar 
to that employed previously on silicon floating-zone 
work.” A copper, water-cooled, coaxial conductor 
forms the transmission line through the base plate. 
See insert, Fig. 2. Steatite insulators sealed with 
“OQ” rings are used at each end of the coaxial line. 
Pressures of 1 x 10-° mm Hg are obtained with- 
out the use of the liquid nitrogen trap and can be 
improved to 5 X 10-” mm Hg by cooling the trap. 


MOLYBDENUM (mp—2620°C density, 10.2 g 
per cm*)¥* 


The first attempts to zone refine molybdenum 
were made on rods produced by a sintering and 
swaging process (common for tantalum, columbium, 
molybdenum, and tungsten). Such rods** bubbled 
with explosive vigor when melted because of the re- 
lease of entrapped gases. After heating at 2500°C 
for 3 hr in an attempt to remove the residual gas, 


: 
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iv Fig. 3—Molybdenum crystals. 


it was still impossible to melt sintered rods with 
any degree of control. However, molybdenum rods 
made from stock which had been precast in an inert 
atmosphere proved to be entirely satisfactory, re- 
quiring little or no degassing before melting.** 

Fig. 3 is a photograph of 3 molybdenum rods each 
containing 2 relatively large crystals. These were 
grown at a 1 mil per sec rate, without rotation, and 
with the upper end of the rod suspended from a mo- 
lybdenum wire hook. The cyclic diameter variations 
which are seen in the %,-in. diam rod occur because 
of the periodic changes in coupling between the r.f. 
coil and the rod which in turn produce variations in 
the power input. These occur in the following man- 
ner. Thus far it has not been practically possible 
to melt a zone in a %-in. diam rod whose length is 
less than the rod diameter. The surface tension and 
density of molybdenum are such that a large bulge 
occurs at the lower interface of the zone. This 
causes an unequal distribution of the power input, 
the bulge coupling closer to the r.f. coil and absorb- 
ing more energy. As the zone moves, its length in- 
creases causing the bulge to become still larger. 
This in turn is accompanied by a necking down of 
the zone at the upper liquid-solid interface. The 
condition reaches a limit when the thinned region no 
longer absorbs enough power to keep it molten. It 
then freezes and remains Solid until enough of the 
unmelted rod has passed into the coil again to com- 
pete with the liquid portion of the bulge at the lower 
end of the zone for the r.f. energy. The power input 
then shifts from the bulge to the unmelted section, 
causing the necked-in region to melt by conduction, 
and the bulge to freeze. Another enlargement is 
then created at the lower interface of the zone and 
the cycle is repeated. Although this condition is 
also encountered in melting the /%-in. diam rods, 
it is not as pronounced, Fig. 3. 

Evaluation of the effects of vacuum-zone melting 
on the purity of molybdenum have been made by 


Table |. Molybdenum 


mass spectrograph analysis. A tabulation of im- 
purities found before and after a 3-pass refining 
operation is shown in Table I. A definite improve- 
ment in purity is observed in just melting the mo- 
lybdenum in vacuum while very little segregation of 


the remaining impurities occurs in the zone refined — 


section. It would appear that the major portion of 
impurities is lost by evaporation. Gas content of 
the original material (arc-cast molybdenum), as 
determined by vacuum-fusion gas analysis, was the 
same as for the zone-refined specimen. (H, < .0001 
pet, O, = .002 pct, Residual .0002 pct.) 


Although no seed crystal was used, molybdenum 
always crystallized as a single crystal during the 
first pass. In the crystals shown in Fig. 3, twin 
boundaries appear about 3 in. apart (average) and 
are thought to have originated where large changes 
in power input occurred. No preferred direction of 
growth has been observed. In 4 samples examined 
by X-rays, the orientation varied and no trend ap- 
peared. The results are tabulated in Table II. 

There are certain problems associated with the 
zone refining of molybdenum in vacuum. Molyb- 
denum evaporates at a relatively high rate when 
melted (vapor pressure at 2500°C—1 x 10°? mm 
Hg).’* The vapors deposit on the work coil which 
is water cooled. When the layer thickness exceeds 
approximately 10 mils, it begins to absorb power 
from the r.f. field. A frequent adjustment of the 
power input then becomes necessary to maintain 
a liquid zone. After a pass, the deposit can be re- 
moved easily by scraping and brushing. However, 
some change in the structure of the copper coil does 
occur and repeateduse of the same work coil changes 
its behavior enough to change the r.f. impedance 
match between the work circuit and the generator. 
Substitution of a new work coil after a 2-pass run on 
a % diam by 7 in. long rod has improved the r.f. 
heating efficiency as much as 40 pct. 

The concentration of sufficient power is also a 
problem. The most satisfactory work coils have 
thus far consisted of 11 turns fashioned in an hour- 
glass shape to provide some heating in the solid 
rods at both ends of the zone, Fig. 2. This has re- 
stricted the conduction losses out through -the ends 
of the rod and has also furnished a better load or 
impedance match. With this coil it was possible to 
melt a zone in the %-in. molybdenum rod with ap- 
proximately 6 kw dissipation in the oscillator. Two 


Table Il. Molybdenum 


X-ray Orientation 


Mass Spectroscopy Sample Number No. 5 No. 9A No. 98 No. 11 
Zone Melted Direction most nearly 
allel t wth 461 

Original Material Starting End Finishing End 
Tungsten 50 ppm 50 ppm 50 ppm Degrees away from 
Nickel <0.2 <0.2 parallel o° 3° 5° 4° 
Cobalt 10 <0.1 <0.1 
Iron 100 1 <0.1 [100] Degrees away 
Chromium 5 <0.1 <0.1 from parallel 33° 47° cS 2 
Phosphorous 5 <0.2 <0.2 [310] Degrees away 
Boron 0.1 < 050 <0.1 from parallel 16° 11° 25° 4° 
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Fig. 4—Tungsten crystals. 


turn coils “Ae. in. inside diam (for close coupling ) 
have been used in attempts to keep the zone length 
shorter in some instances in conjunction with a 

5 to 1 ratio current transformer. With as much 

as 15 kw dissipation in the oscillator, it was not 
possible to melt molybdenum. Efficient loading of 
a power generator with the relatively small molyb- 
denum rods has been a problem. 

Zone lengths are difficult to determine during re- 
fining since the emissivity of the solid and liquid 
are so nearly equal that no line of separation is vis- 
ible.*° It has been possible to get some estimate of 
the melt boundaries by mechanically tapping the ap- 
paratus during a run to induce vibrations in the. 
sample. Liquid and solid portions of the rod then 
oscillate out of phase making the zone limits dis- 
cernable. 


TUNGSTEN (mp—3410°C, density 19.3 g per cm*)” 
A group of tungsten zone-melted crystals made 
from sintered rods” is shown in Fig. 4. How read- 
ily tungsten solidifies as a single crystal is demon- 
strated by sample (B). Half of the cross section of 

this rod was melted for a short distance along its 
length. The portion which had melted solidified as 
a single crystal in spite of being in contact with 
polycrystalline material. Sample (C) is shown in 

2 sections but was a continuous single crystal along 
the entire melted region. Two passes were made 
through the first in. of the upper section of 
sample (C). 

Diameter control during the first pass is ex- 
tremely difficult because of the evolution of large 
quantities of gas. Thereafter the liquid zone be- 
comes reasonably stable, most of the gas being 
expelled in the initial melting. Sample (D) was 
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grown by thickening a pre-melted */i¢-in. rod to 
.260 in. diam. This was accomplished by mechan- 
ically moving the upper end of the rod into the 
liquid zone during the pass, Fig. 1, thus adding 
material. A reasonably constant zone length of 

*/, in. was maintained during this operation. At 

a .5 mil per sec rate, a liquid zone could be main- 
tained until */2 in. of the crystal had grown. The 
deposited tungsten layer on the r.f. coil then be- 
came heavy enough to interfere with the efficient 
transfer of power and it was no longer possible to 
keep the zone molten. Although this crystal was not 
remelted, it could have been after the coil had been 
cleaned. 

A marked improvement in purity is also realized 
in tungsten by zone melting in vacuum. Mass spec- 
trograph analysis of unmelted and single-pass 
zone-melted samples are shown in Table III. The 
zone-melted sample was taken from the starting 
end of a pass. No gas analysis of the samples 
was made. 

Difficulties are also encountered in zone melting 
tungsten. It is not available in a precast or pre- 
melted form and the sintered rods contain large 
quantities of gas (probably H,) which is trapped in 
the swaging and sintering operations. When melted, 
the tungsten splatters around in a shower of sparks 
during the release of the gases. Ionization of the 
gas creates an r.f. short which interrupts the os- 
cillator. The plate voltage on the oscillator must 
then be reduced to extinguish the discharge. Melting 
can again be resumed when enough time has elapsed 
to permit the gases to be pumped away. After the 
initial pass, the bubbling occurs only occasionally. 
It would appear that if the initial pass were made 
slowly enough, all of the residual gases could be re- 
moved in a Single traverse. 


OCTOBER, 1958-697 


1 
A 
(UNMELTED) POLYCRYSTALLINE i. 
(MELTED) SINGLE CRYSTAL 3 
y 16 
D. 3 
16 


Fig. 5—Columbium crystal. 


The rate of evaporation of tungsten when melted 
is slightly less than that of molybdenum (vapor 
pressure at 3227°C is 4.7 x 10-* mm Hg). It be- 
comes the limiting factor in determining the length 
of time that a floating zone can be maintained in a 
rod. (Similar to molybdenum.) As the condensed 
layer on the coil increases in thickness, it absorbs 
more and more r.f. power until it is no longer pos- 
sible to maintain a molten zone. Approximately 
20 min have been available for any continuous run 
with a liquid zone in a tungsten rod before the con- 
densed layer deprives the sample of the r.f. power. 
Cleaning the work coil restores it to its original ef- 
fectiveness with some change in impedance due to 
alloying. 


COLUMBIUM (mp—2460°C, density 8.57g per cm*)” 


By applying the techniques that were used for mo- 
lybdenum and tungsten, a single crystal of colum- 
bium was grown in a single pass at .001 in per sec 
rate without rotation. Unlike tungsten and molyb- 
denum, the rate of evaporation of columbium was 
relatively low. However, surface tension appeared 
to be lower since the bulge at the lower interface 
was much worse than in molybdenum in spite of the 
lower density of columbium. No analysis has been 
made of the columbium crystal to determine the ef- 
fects of melting in vacuum. 


SUMMARY 


Single crystals of molybdenum, tungsten, and 
columbium can be grown by the floating-zone tech- 
nique in a single pass in vacuum using r.f. currents 
for a heat source. When zone melted in vacuum, 
tungsten and molybdenum are purified to a consid- 
erable degree. Rates of evaporation of tungsten and 
molybdenum are relatively high at their melting 
points whereas columbium appears to have a low 
vapor pressure at its melting point. 

Studies of the physical and electrical properties 
of the tungsten, columbium, and molybdenum single 


The Composition Range of TigNi 
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A.THouGH previous work* has shown the compo- 
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Table Ill. Tungsten 


Concentration 
Original Zone 
Material Melted 
IVA IVB 
Emission Mass Mass 
Impurity Spectroscopy Spectroscopy Spectroscopy 
Iron <50 ppm 10—100 ppm “0.1-1 ppm 
Nickel <50 10—100 0.1-1 
Molybdenum N.D.* 10—100 1-10 
Chromium <50 1-10 0.1-1 
Potassium No test 10—100 1-10 
Calcium <50 10—100 0.1-1 
Germanium N.D.* 10-100 1-10 
Cobalt N.D.* 1—10 1-10 
Silicon <10 10—100 1-10 
Aluminum N.D.* 0.1—1 0.1-1 
Magnesium <10 1-10 0.1-1 
Titanium N.D.* no test no test 


*Not detected. 


crystals are currently in progress and the results 
will be published at some future date. 
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Technical Note 


sition range of the complex face-centered cubic 
phase,” Ti2Ni, to be narrow, no precise limits were 
established. 

The purpose of this investigation was to prepare 
homogeneous alloys on either side of the stoichio- 
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Fig. 1-33.33 pct Ni. Annealed at 700°C. Ti,Ni. Etched 
in 4 pet HF in water, rinsed in 4 pct HNO,. X400. Re- 
duced 10 pct for reproduction. 


metric composition (33.33 pct *) and to determine 


*Pct refers to atomic pct throughout the paper. 


by metallographic techniques—both optical and 
X-ray diffraction—the composition limits of the 
phase. 

A series of alloys containing from 20 to 45 pct Ni, 
in 5 pet increments, was prepared from iodide tita- 
nium and spectrographic standard nickel, by levita- 
tion melting. Crushed particles (—200 mesh) from 
each alloy were both slowly cooled from 700°C, and 
quenched from that temperature by argon gas. (The 
technique has been previously described*). X-ray 
diffraction plots were made of the powders (using 
Geiger spectrometer) on the assumption that if a 
composition range existed, then Ti,Ni would show 
one value of lattice parameter in the alloys contain- 
ing 20, 25, and 30 pct Ni, and another value in the 
alloys containing 35, 40, and 45 pct Ni. 

Fairly accurate parameter measurements were 
obtained by mixing pure nickel powder with each 
sample, and plotting intensities of both nickel ne- 
flections and selected Ti,Ni reflections at intervals 
of 0.005 deg Bragg angle. The nickel reflections 
were, of course, used as a standard; and the plots 
established accurate reflection peaks. 

Lattice parameters so obtained are summarized 
in Table I. It will be observed that no difference in 


Table |. Lattice Parameter of Ti2Ni (Angstrém Units) 


Lattice Parameter 


Mean 
Using Using Using Lattice 
: Line Line Line Param- 
Pct Ni 330 440 600 eter 
20 11.278 11.279 277 11.278 
25 11.278 11.279 11.277 11.278 
30 11.278 11.275 11.277 11.277 
31.50 11.278 11.280 11.277 11.278 
32.87 11.278 11.279 11.277 11.278 
33.33 11.278 11.279 11.280 11.279 - 
33.71 11.278 11.279 11.278 
35 11.278 11.279 11.280 11.279 
40 11.278 11.280 11.277 11.278 
45 11.278 11.279 115277, 11.278 


Fig. 2—32.87 pct Ni. Annealed at 700°C. Ti,Ni with a 
ppte at grain boundaries. Etched in 4 pct HF in water, 
rinsed in 4 pct HNO3. X400. Reduced 10 pct for repro- 
duction. 


parameter is detected in alloys containing more 


’ than or less than stoichiometric composition. 


An approximate calculation (using Vegard’s Law) 
shows that a range of composition of not less than 
2 pct nickel must exist if any lattice parameter 
change is to be detected within the limits of accu- 
racy of the method described. Consequently, it is 
reasonable to conclude that the composition range 
of Ti,Ni at 700°C is less than 2 pct Ni on either 
side of the stoichiometric composition. Further, 
since precipitation of a second phase would be ex- 
pected on slow cooling through a phase boundary, 
these results also imply that at temperatures below 
700°C the composition range does not exceed 2 pct 
Ni on either side of stoichiometric composition. 

A series of alloys was next prepared whose com- 
positions (nickel content) were: 33.33, 32.37, 32.87, 
33.71, and 34.26 pct. Crushed particles were an- 
nealed and quenched, as before, and examined 
metallographically. Results are summarized in 
Table II, which makes reference to pertinent photo- 
micrographs. 


DISCUSSION AND CONCLUSIONS 


1) Within the limits of accuracy of the method, 
X-ray diffraction results show that the lattice pa- 


Table Il. Summary of Metallographic Results 


Composition, Annealed Quenched 
Pct Ni Structure Structure 
33.33 Single-phase Single-phase 
(Fig. 1) (As Fig. 1) 

32.87 Two-phase Single-phase 
(Fig. 2) (As Fig. 1) 
32.37 Two-phase Two-phase 
(As Fig. 2) 

33.71 Two-phase Single-phase 
(Fig. 3) (As Fig. 1) 
34.26 Two-phase Two-phase 
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Fig. 3—33.71 pet Ni. Annealed at 700°C. Ti,Ni with TiNi 
ppte at grain boundaries. Etched in 4 pct HF in water, 
rinsed in 4 pct HNO3. X400. Reduced 10 pct for repro- 
duction. 


rameter of Tiz,Ni is the same on both sides of the 
stoichiometric composition. Therefore, if Vegard’s 
Law is assumed, a range of composition of not 
more than 2 pct on either side of stoichiometric 
(at and below 700°C) is indicated. 

2) Microscopical metallography shows that 


single-phase structures are produced by quench- 
ing from 700°C alloys containing 7, pet Ni more 
than or less than stoichiometric composition. Al- 
loys containing 1 pct more than or less than stoi- 
chiometric composition show a two-phase struc- 
ture. It is therefore concluded that at 700°C, the 
composition limits for Tiz,Ni lie between 7, and 

1 pet Ni on either side of the stoichiometric 
composition. 

3) The fact that annealed alloys containing 72 pet 
Ni more than or less than stoichiometric composi- 
tion show two-phase structures indicates that the 
composition range of Ti,Ni narrows with decreasing 
temperature. 
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Zirconium and Hafnium Phases Isostructural 


with Ti,Ni 


The existence of seven Ti,Ni-type phases containing zirconium or hafnium is re- 
ported, and lattice parameters are given. For some of these phases there is evidence 


that oxygen is required for stability. 


M. V. Nevitt and L.H. Schwartz 


Tue phase Ti; Ni has been described by Laves and 
Wallbaum,* who found the phase to be face-centered 
cubic with 96 atoms per cell, by Duwez and Taylor,” 
who confirmed these observations and reported a 
lattice parameter of 11.333A, and by Rostoker,* who 
reported the structure to be isomorphous with the 
double carbide Fe, W,C, type E9,, and to have a 
lattice parameter of 11.29A. In this study a group 
of isostructural phases has been found among alloys 
of certain second and third long-period transition 
elements. The systems investigated included all 


M. V. NEVITT, Member AIME, and L. H. SCHWARTZ are associated 
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the combinations of zirconium and hafnium with the 
Group VIII elements rhodium, palladium, iridium, 
and platinum. There is evidence that many of these 
new Ti, Ni-type phases require oxygen for their 
stability in the temperature ranges in which they 
were studied. 


EXPERIMENTAL PROCEDURE 


Alloy samples weighing 5 g were prepared by 
arc-melting metals whose purity is indicated in 
Table I in a helium-argon atmosphere. Samples 
of the as-cast buttons, wrapped in molybdenum 
foil and sealed in evacuated quartz tubes, were 
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Table |. Raw Materials 


Metal Typical Lot Analysis 
Zirconium Impurities in ppm: Al 27-37; C 100; Ca 50; 
Cr 10-18; Cu 5; Fe 100; H 20; Hf 100-150; 
Mg 10; Mn 5; Mo 10; N 10-25; Ni 25-40; 
Pb 25; O 200; Si 20-70; Sn 10; Ti 20- 30; 
W 100. 
Hafnium 


Impurities in ppm: Cu 500 max; Al 100 
max; N 70 max; Fe 500 max; O 1000 max; 
also Zr 4 wt pct max. 


Rhodium, Palladium, 


0.15 wt pet max, impurities, mainly other 
Iridium, and Platinum 


platinum metals. 


equilibrated at various temperatures for 72 hr and 
then rapidly quenched by breaking the tubes under 
water. The alloys were not analyzed chemically 

for the major elements because charge weights 

and cast-button weights were in excellent agree- 
ment. However, many of the annealed samples 
were analyzed for nitrogen by a standard Kjeldahl 
method, and for oxygen by the method of Smiley.* 
The concentrations determined by these analytical 
methods may be higher than the actual dissolved 
concentrations because of the presence of discon- 
tinuous microscopic surface films of oxidation 
products on the samples used for analysis. Nitrogen 
concentrations were in the range of 25 to 100 ppm; 
oxygen concentrations will be discussed for the in- 
dividual alloys. The alloys were examined metal- 
lographically and by X-ray diffraction. The extreme 
brittleness of the hafnium alloys made it possible to 
prepare strain-free powder for X-ray powder pat- 
terns by grinding, without reannealing the powder. 
The zirconium alloys were more ductile, and the 
cold work introduced by grinding resulted in poor- 
quality powder patterns. For these alloys, small, 
thin needles were ground from the annealed samples 
and these were reannealed at the same tempera- 
tures in the manner described. After their surfaces 
were polished by mechanical abrasion, they were 
used as X-ray specimens. The needles dissolved 
additional oxygen during reannealing, and this fact 
should be taken into account in the correlation of 
the metallographic and X-ray data. Diffraction pat- 
terns were made with filtered copper radiation using 
a 114.6-mm powder camera or a 60-mm back-re- 
flection-focusing powder camera. Lattice parame- 
ters were determined from back- reflection lines by 
Cohen’s least-squares method’ and standard errors 
were computed by the method of Jette and Foote.° 

For three of the Ti, Ni-type phases containing haf- 
nium the number of atoms per unit cell was calcu- 
lated from density measurements. 


RESULTS 
Zirconium-Rhodium—Alloys from 10 to 33 pct* 


*Alloy compositions are expressed in atomic percent. 


Rh were investigated at 950°C. Metallographic ex- 
amination revealed that an unidentified phase exists 
at 30 pct Rh and that this phase is in equilibrium 
with the zirconium terminal solid solution. An X-ray 
diffractometer pattern made from the single-phase 
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metallography specimen was not that of the Ti, Ni- 
type phase. In contrast to these observations, the 
reannealed needles of nominal 20, 22, and 23 pet Rh 
alloys gave a Ti, Ni pattern. A lattice parameter of 
12.476 + 0.001A was determined for the 20 pct Rh 
alloy. Oxygen analyses showed that the metallo- 
graphic specimen contained 427 ppm, while the 
X-ray needle contained 6400 ppm. It is concluded, 
therefore, that a ternary Ti, Ni-type phase occurs 
in the system Zr-Rh-O in the vicinity of 20 pct Rh. 

Zirconium- Palladium—No Ti,Ni-type phase was 
found by metallographic or X-ray diffraction meth- 
ods in alloys containing 20 to 40 pct Pd annealed at 
temperatures between 700° and 1100°C. A phase 
was found at 37 pct Pd, which is stable up to 1100°C 
and whose powder pattern was tentatively indexed as 
body-centered tetragonal with the following lattice 
parameters: do = 3. 28A, Co = 3. 32A, A two- -phase 
field exists between this ‘phase and the zirconium 
terminal solid solution. No oxygen determinations 
were made for zirconium-palladium alloys. 

Zirconium-Iridium—Alloys from 15 to 30 pct Ir 
studied at temperatures from 900° to 1300°C. By 
metallography, a narrow single-phase field was 
found at 26 pct Ir over the entire temperature range. 
A diffractometer pattern indicated that the phase 
does not have the Ti, Ni structure. This specimen 
contained 417 ppm of oxygen. However, the re- 
annealed X-ray needles of this alloy and several 
others in the composition range 20 to 27 pct Ir gave 
patterns having Ti, Ni structure lines plus the lines 
of the unidentified phase. Due to the poor quality of 
these patterns it was impossible to make an ac- 
curate determination of the lattice constant of the 
Ti, Ni-type structure. A value of 12.47A was de- 
rived from a Nelson-Riley’ extrapolation. It ap- 
pears therefore that a Ti,Ni-type phase occurs in 
the Zr-Ir-O system at about 25 pct Ir. 

Zirconium- Platinum—Alloys from 15 to 30 pct Pt 
were studied at 600°C. The metallographic and 
X-ray diffractometer results obtained from massive 
specimens and X-ray results from reannealed 
needles paralleled those observed in zirconium- 
rhodium and zirconium-iridium alloys. An uniden- 
tified phase, not Ti, Ni-type, was found by metallog- 
raphy at 23 pct Pt. The single-phase specimen 
contained 240 ppm of oxygen. X-ray needles of 
nominal 20 and 25 pct Pt alloys, containing about 
6000 ppm of oxygen, gave patterns of the Ti, Ni 
structure. The lattice parameter of the Ti, Ni-type 
phase containing a nominal 25 pct Pt is 12.574 
+ 0.006A. 

Hafnium- Rhodium—Metallographic and X-ray 
examination showed that this system has a Ti, Ni- 
type phase at 33 pct Rh at an oxygen level of 500 
ppm. A lattice parameter of 12.3255 + 0.0002A 
was determined for an alloy of nominal composition 
30 pct Rh. Density measurements on this alloy, 
which showed several percent of the hafnium 
terminal solid solution microscopically, indicated 
94 atoms per unit cell. The phase was found after 
annealing at 1200°C and water quenching. 


Hafnium-Palladium—Alloys from 20 to 33 pct Pd 


were studied. A nominal Hf, Pd alloy, annealed at 
1200°C, and containing 800 ppm of oxygen, showed 
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Fig. 1—Lattice parameters of Ti,Ni-type phases containing 
zirconium and hafnium. 


a two-phase structure of the hafnium terminal solid 
solution and an unidentified phase which does not 
have the Ti,Ni-type structure. When the powder 
sample was reannealed in an effort to improve the 
quality of the pattern a diffraction pattern was ob- 
tained of the Ti, Ni-type structure with a lattice 
parameter of 12.3605 + 0.0003A. An oxygen anal- 
ysis on this powder indicated 6700 ppm. This oxy- 
gen value is probably less meaningful than the 
others because of the large surface-to-volume ratio 
of the powder. 

Hafnium-Iridium— Metallographic and X-ray 
examination indicated that a Ti, Ni-type phase oc- 
curs at 30 pct Ir. An alloy of this nominal compo- 
sition containing 600 ppm of oxygen, quenched from 
1200°C, was single phase, Ti,Ni-type, and gave a 
lattice parameter of 12.352 + 0.001A with 94 atoms 
per unit cell. 

Hafnium-Platinum— This system also has a Ti, Ni- 
type phase at 30 pct Pt. A single-phase alloy of this 
nominal composition, containing 300 ppm of oxygen, 
has a lattice parameter of 12.461 + 0.001A, with 94 
atoms per unit cell when quenched from 1200°C. 


DISCUSSION 


Further experimentation will be necessary to de- 
termine quantitatively the solubility range of oxygen 
in these Ti,Ni-type phases. Rostoker® has re- 
ported that the occurrence of this structure in 
Ti, Mn, Ti, Fe, and Ti,Co is also dependent upon 
the presence of oxygen, although in the case of 
Ti, Fe this point has been contested by Ence and 
Margolin® and by Polonis and Parr.**° The oxygen 
concentrations in the phases reported here appear 
to be lower than that corresponding to the composi- 
tion range Ti,X,O to TisX,O in which, according to 
Rostoker, the structure forms in the systems he 
Studied. McQuillan and McQuillan” have also sug- 
gested that the isostructural phases Ti, Pd and 
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Ti, Pt, reported by Laves and Wallbaum,* may also 
require oxygen for their stability. 

It is of interest that the zirconium and hafnium 
Ti, Ni-type phases deviate from normal stoichi- 
ometry. The zirconium phases have the approxi- 
mate composition Zr,B and the hafnium phases 
range from approximately Hf,B to Hf,B. It ap- 
pears that the composition of this phase, like that 
of o, py, and certain other transition metal phases, 
is variable, depending upon the component elements. 

Fig. 1 shows that, although the lattice parameters 
of ZrsIr and Hf, Pd are anomolously low, there is a 
general increase in lattice parameter with increas- 
ing Goldschmidt coordination number 12 radius of 
the Belement. The radii used are those tabulated 
by Laves.” Included with the hafnium data is a 
value for Hf,Co, an isostructural phase recently 
found by Dwight.** This behavior is in contrast to 
that reported by Duwez and Taylor” for the titanium 
phases involving iron, cobalt, and nickel in that the 
lattice parameters of Ti, Fe and Ti,Co are smaller 
than would be expected from a consideration of their 
atomic radii. The fact that the lattice parameters 
of the zirconium phases are larger than those of the 
hafnium phases is probably due to the combined ef- 
fects of the larger radius of the zirconium atom 
(1.61A for zirconium and 1.58A for hafnium) and 
the larger concentration of zirconium. 


SUMMARY 


A group of phases isostructural with Ti, Ni has 
been found which contain zirconium in combination 
with rhodium, iridium, or platinum, and hafnium in 
combination with rhodium, palladium, iridium, and 
platinum. There is an indication that all of the zir- 
conium phases and the hafnium-palladium phase oc- 
cur only when sufficient oxygen is present. A de- 
parture from A2B stoichiometry is characteristic 
of most of these phases. Lattice parameters gen- 
erally increase with increasing B element radius. 
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The Effect of The Order-Disorder Reaction on the 
Magnetic Anisotropy and Magnetostriction of 


Single Crystals of the Ferromagnetic 


Aluminum-lIron Alloys 


An investigation was made of the effect of the order-disorder reaction on the mag- 
netic anisotropy and magnetostriction of single crystals of the aluminum-iron alloys 
near the Fe,Al composition. The variation in magnetostriction with ordering depended 
on composition; whereas, on disordering, the anisotropy changed toward larger positive 


values for all compositions. 


R. C. Hall 


In the present work, experiments determined the 
effect of the order-disorder reaction near the Fe, Al 
composition on the magnetic anisotropy and magne- 
tostriction of single crystals. A material which is 
more difficult to magnetize in one direction than in 
another is anisotropic, that is, the ease with which 
ferromagnetic materials may be magnetized in dif- 
ferent crystallographic directions determines the 
anisotropy. Two investigators have estimated the 
anisotropy of the aluminum iron alloys from poly- 
crystalline data;* however, these estimates should 
not be considered to be reliable. Siegel made two 
accurate measurements of the first anisotropy con- 
stant* from single crystals of 4.0 wt pct aluminum 


*This constant is of major importance in defining the anisotropy and 
is considered in a later section. 


iron (7.9 at. pct). He found values of 4.1 x 10° and 
4.3 x 10° ergs per cc.* Recently values of the ani- 
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sotropy throughout the ferromagnetic aluminum iron 
system have been described. These results were 
obtained from single crystals which were slowly 
cooled and, hence, ordered near the Fe, Al compo- 
sition.* 

Magnetostriction is the change in length per unit 
length resulting from applying a magnetic field to a 
ferromagnetic material. For the purpose of this 
report, the saturation magnetostriction was meas- 
ured. This is the maximum change in length per 
unit length resulting from an applied magnetic field 
large enough to saturate the material in a given 
direction. This magnetostriction has been deter- 
mined for single crystals of the ferromagnetic 
aluminum-iron system.® The crystals near Fe 3Al 
were also ordered. 


PREPARATION AND TREATMENT OF SINGLE 
CRYSTALS 


Single crystal bars were grown from the melt.°® 
The raw materials for these crystals were iron and 
aluminum of 99.9 and 99.99 pct purity, respectively. 
From the bars, crystals in the shape of circular 
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Table |. Anisotropy Constants 


Crystals Partially 


Wt At. Crystals Ordered Disordered 
Al Al (ergs/cc) (ergs/cc)  (ergs/cc) (ergs/cc) 
3.0 6.0 466 78 454 119 
366 6 373 3 
8.1 15.4 292 -90 286 -60 
£053) 19.2 118 85 131 106 
11.9 21.9 -4 - 21 = 
15.0 26.8 -110 131 -89 104 
16.9 29.6 -23 27 -14 2 


disks were cut” so that the (110) crystallographic 
plane was parallel to the faces within 7/2 to 1 deg. 

The crystals were given two-heat treatments to 
determine the effect of the order-disorder reaction 
on the anisotropy and magnetostriction near the 
Fe,Al composition. The first heat treatment in- 
volved a furnace cool so that the alloys were or- 
dered or nearly ordered; the cooling rate was about 
20° to 30°C per hr through the ordering range. For 
the second heat treatment the crystals were given a 
cooling chamber cool for which the cooling rate 
through the ordering range was about 100°C per 
min. The objective of the latter treatment was to 
partially disorder the alloys without cracking or 
breaking them. 


ANISOTROPY 


Anisotropy values were obtained from torque 
curves® which were made with the torque magne- 
tometer system constructed by W. Byrnes. This 
instrument automatically rotates the specimen in 
the field of an electromagnet and simultaneously 


plots the torque exerted on the specimen by the field. 


The accuracy of the measurement of the torque was 
estimated to be within + 2 pct. The torque magne- 
tometer permitted a total angular deflection of the 
specimen of a maximum of 1 deg; thus, the accu- 
racy of the measurement of the angle of rotation 
should have been within + 1.5 deg. 

Crystal anisotropy is defined in terms of two con- 
stants, K, andK,. These constants may be derived 
from the following equation expressing the torque 
(l_,,.) for a crystal in the (110) crystallographic 
plane as a function of K,, K,, and @: 


110 8 (2 Sin 26 + 3 sin 40) 64 


xX (sin 26 + 4 sin 49 — 3 sin 60) 


Here @ is the angle of rotation of the crystal, that 
is, the angle between the direction of magnetization 
and the crystallographic axis (the [100] direction). 
However, this equation is valid only when l_,, is the 
torque at infinite field strength where the direction 
of magnetization in the crystal and the field direc- 
tion become coincident. 

To obtain torque at infinite field strength, torque 
was extrapolated as a function of the reciprocal of 
the square root of the field strength.° The anisot- 
ropy constants were derived by taking extrapolated 
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values of torque for every 10 deg of rotation of the 
crystal. A least squares solution of the above equa- 
tion gave K, and K, where K, was accurate within 

5 pct assuming that the method of extrapolation is 
appropriate. On the other hand, K, can only be con- 
sidered to be qualitative in nature with this method © 
of measurement. 

Table I gives the calculated values of the anisot- 
ropy constants. The first anisotropy constants are 
plotted as a function of aluminum content in Fig. 1; 
a similar plot for silicon iron (0 to 13 at. pct Si) is 
included for comparison.°® Ordering in the aluminum- 
iron alloys occurs above 18 at.pct Al.” As these 
alloys are disordered, the zero-anisotropy composi- 
tion near 22 pct Al is shifted toward higher compo- 
sitions. Also, the absolute value of anisotropy above 
22 pct becomes smaller; thus, throughout the order- 
ing range, K, changes toward larger positive values 
as the alloys are disordered. Of course, a rapid 
quench (completely disordered state) should have 
a much larger effect on the anisotropy. 

These values of anisotropy may help explain some 
recent data on polycrystalline aluminum-iron alloys. 
Low values of magnetic coercive force were found 
near 22 pct for slowly cooled material and from 25 
to 30 pct for rapidly quenched material.’ Since low 
coercive force often is associated with low anisot- 
ropy,* these low values of coercive force may re- 
sult from the values of anisotropy near zero which 
are described above. Of course, other factors such 
as magnetostriction or strains from the ordering 
reaction itself may be of importance. For rapidly 
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Fig. 1—The effect of the order-disorder reaction on the 
anisotropy of the aluminum-iron alloys. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


quenched material, the anisotropy may be close to 
zero from 25 to 30 pct Al such that low values of 
coercive force are produced. 


MAGNETOSTRICTION 


Magnetostriction was measured by the strain gage 
technique” and plotted on an XY recorder as a func- 
tion of field strength. The data was employed to 
evaluate the spontaneous saturation magnetostric- 
tion, Aico, A airy A and Ap, 4S previously re- 
ported.® The values X111, and represent 
the magnetostriction at saturation in their respec- 
tive crystallographic directions and )p represents 
the saturation magnetostriction in a polycrystalline 
material having a random distribution of crystals. 
These values are derived in a manner such that they 
are independent of the initial domain distribution in 
the single crystal. 

Fig. 2 illustrates the single crystal magnetostric- 
tion of the alloys as ordered and as partially dis- 
ordered plotted as a function of the aluminum con- 
tent. Below Fe, Al (that is, at aluminum contents 
less than 25 at. pct but in the ordering range) A, is 
increased and above Fe;Al A 19), is decreased as the 
crystals are disordered. Generally, for ,,, the 
reverse effect is observed; however, 11, for the 
crystal with 29.6 pct Al is slightly lower as partially 
disordered. Since the latter fact appeared incon- 
sistent, the crystal was reannealed and furnace 
cooled; the results confirmed the initial tests. The 
saturation magnetostriction in the [110] direction is 
little affected by the state of order. 
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Fig. 2—The effect of the order-disorder reaction on the 
saturation magnetostriction in the [100], [110], and [111] 
crystallographic directions. 
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Fig. 3—The effect of the order-disorder reaction on the 
polycrystalline saturation magnetostriction (random dis- 
tribution of crystals assumed). 


Fig. 3 illustrates the effect of the order-disorder 
reaction on the saturation polycrystalline magneto- 
striction where a random distribution of crystals is 
assumed. Disordering causes this magnetostriction 
to increase at compositions below Fes; Al and de- 
crease above Fe;Al. Masumoto and Saito** meas- 
ured the magnetostriction of polycrystalline forged 
alloys in this composition range and found that for 
all compositions this property decreased on dis- 
ordering. This result may be consistent with the 
present data inasmuch as the specimens of Masu- 
moto and Saito may not have been completely ran- 
dom in crystal structure; consequently, below 
Fe; Al the effect of may have predominated over 
the effect of 49) and the overall magnetostriction 
would decrease. 


OTHER ORDER-DISORDER SYSTEMS 


The effect of the order-disorder reaction on ani- 
sotropy has also been determined in the iron-nickel 
system near Ni,Fe.” Disordering produces the 
same effect as for the aluminum-iron alloys, that 
is, K, changes toward larger positive values 
throughout the entire ordering range. 

The effect of ordering on magnetostriction has 
been investigated in several other ferromagnetic 
alloy systems. These systems include the nickel- 
iron alloys near Ni, the silicon-iron alloys 
near the cobalt-iron alloys near FeCo,”’ 
and the iron-platinum alloys near FePt™ (the latter 
two systems have data for polycrystalline material 
only). For the alloys near NisFe (both sides of this 
composition), Ajo9 is increased and A,;, is decreased 
on disordering. The silicon-iron alloys have been 
investigated only in the range up to 14 at. pct Si. At 
11 pct Si, A499 increased and ),;, changed little on 
disordering; otherwise no effect was observed. For 
the iron-cobalt alloys, polycrystalline magnetostric- 
tion was found to decrease as the alloys are disor- 
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dered. Similar results are generally found for the 
iron-platinum system but here the situation is com- 
plicated by the existence of several phases. 

Apparently, insufficient data exists to rationalize 
the effect of ordering on magnetostriction or ani- 
sotropy. A theoretical analysis of the effect of or- 
dering on magnetostriction and anisotropy has been 
attempted, but the analysis is not satisfactory. 
The accumulation of accurate data in other order- 
disorder systems, as well as a sound theoretical 
analysis, is necessary in order to understand the 
phenomena. 


SUMMARY 


A study of the effect of the order-disorder re- 
action on single crystals of the ferromagnetic alu- 
minum-iron alloys revealed the following facts: 

1) The anisotropy (K,), on disordering, changed 
toward larger positive values for all compositions. 

2) On disordering, the saturation magnetostric- 
tion in the [100] direction increased below Fe, Al 
and decreased above Fe;Al. 

3) The reverse effect was found for magneto- 
striction in the [111] direction except for the crys- 
tal containing 29.6 pct Al. 

4) Little effect of the ordering reaction was ob- 
served on the magnetostriction in the [110] direction. 
5) The saturation polycrystalline magnetostric- 
tion, assuming a random distribution of crystal ori- 
entation, increased below Fe, Al and decreased 
above Fe,Al as the crystals were disordered. 
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The Effect of Strain and Temper Embrittlement on the Impact 


Transition Temperature of an AISI E-6150 Steel 


Edwin F. Steeb and Philip C. Rosenthal 


Buanxs 8 in. long were cut from the as-received 
bar stock and austenitized at 1560°F for 1 hr, oil 
quenched, tempered at 1140°F for 1 hr, and water 
quenched. The heat-treated blanks were machined 
into tensile specimens which were subsequently used 
for the straining operation. Some of the tensile 
specimens were temper embrittled at 900°F for 
24 hr and air cooled prior to or following the strain- 
ing operation. 

The specimens were strained in tension up to 
5 pct total strain (elastic plus plastic) either at 
room temperature or at 900°F. The reduced sec- 


EDWIN F. STEEB, Junior Member AIME, is a Metallurgical Engineer 
with the California Texas Oil Company, New York, N. Y. PHILIP C. 
ROSENTHAL, Member AIME, is Professor of Metallurgical Engineering, 
University of Wisconsin. 


706—OCTOBER, 1958 


Technical Note 


tion of the tensile specimen employed was 5 in. long 
and 0.600 in. indiam. This size specimen was suf- 
ficiently large to permit two standard Charpy impact 
bars to be machined from it. 

One group of specimens was temper embrittled at 
900°F for 24 hr under stress of about 20,000 psi ap- 
plied with a hydraulic tensile testing machine. Ap- 
proximately 0.34 pct plastic strain occurred during 
this treatment. 

A comparison of series ‘‘A’’ and “‘B”’ data in 
Table I at 0 pct strain, reveals that the steel was 
rather highly susceptible to temper embrittlement, 
the embrittling treatment causing the transition 
temperature to rise 165°F. The 28 ft-lb level, 
which was near the center of the sharp-rising por- 
tion of the transition curve, was selected as the 
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Table.|. Effect of Strain and Temper Embrittlement on the 28 Ft-Lb Charpy V-Notch Transition Temperature of an AISI E-6150 Steel 


Post-Strain 

Pct Strain Unembrittled Embrittled Pre-Strain Embrittled 

Room Temp, Trans. Trans 
Trans 

Strain [A]Temp (CF) Diff (°F) [B] Temp (°F) Diff (°F) [C] Temp (°F) Diff (°F) 

0 i 0 172 0 172 

0.5 37 30 187 15 

2.0 59 52 208 36 178 6 

5.0 84 77 = = 185 13 
900°F Strain [D] 

0 7* 0* 181** 0 181** 0 

0.2 73 66 214 33 181 0 

2.0 97 90 192 


11 156 -25 


*Not exposed to the thermal cycle used for straining at 900°F. 
**Exposed to the thermal cycle used for straining at 900°F. 


Notes: 1) All specimens were austenitized at 1560°F for 1 hr, oil quenched, tempered at 1140°F for 1 hr, and water quenched prior to being 
strained or embrittled. 2) The embrittling treatment consisted of heating at 900°F for 24 hr and air cooling. 3) Straining at 900°F was performed 
after the specimens were heated to temperature in 4% hr and soaked for 4% hr. - 


transition temperature. 

The series ‘‘A’’ data are in the same direction 
and of a similar magnitude as those reported by 
Parker and Washburn’ for a cold-worked mild steel. 

A similar effect was noted for the embrittled 
steel (series ‘‘B’’ data); however, the magnitude of 
the change was not so great as that which resulted 
from straining the unembrittled steel the same 
amount. 

When the straining occurred before the em- 
brittled- treatment it had less effect than when per- 
formed afterward. (Compare series ‘‘B’’ and ‘‘C’’ 
data). This could be due to the fact that the initial 
rise in transition temperature was reduced by re- 
covery or polygonization occurring during the tem- 
per embrittling treatment. Parker and Washburn; 
for example, demonstrated that this was the case 
when the mild steel referred to previously was an- 
nealed at progressively higher temperatures. 
Another possible effect is that the amount of tem- 
per brittleness which occurred in the strained 
specimens during the 900°F treatment was less 
than that produced when the unstrained material 
was given the same treatment. 


STRAINING AT 900°F 


Post-straining specimens at 900°F produced an 
appreciable increase in the transition temperature 
as shown by the series ‘‘D’’ data. 

A comparison of series ‘‘B’’ and ‘‘E’’ data at 
0 pct strain shows that the thermal cycle used'for 
straining raised the transition temperature of the 
embrittled steel 9°F. 

The series ‘‘E’’ data indicate that the specimens 
strained 2.0 pct had a lower transition temperature 
than that of the specimens strained 0.2 pct, which is 
contrary to any of the trends indicated by the pre- 
vious data. This effect could be due to a reduction 
in the concentration of solute atoms at the grain 
boundaries of the embrittled steel through diffusion 
to sub-boundaries or scattered dislocations formed 
by the straining, the 2.0 pct strain being more ef- 
fective in this respect than the 0.2 pct strain. 

As shown by the series ‘‘F’’ data, the specimens 
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pre-strained 2.0 pct at 900°F had a lower transi- 
tion temperature than that of the specimens given 
only the embrittling treatment. Recovery by poly- 
gonization is not believed to account for this lower 
transition temperature, since any additional poly- 
gonization occurring during the embrittling treat- 
ment would be slight in relation to that formed 
during the actual 900°F straining operation and, 
therefore, have no significant effect on the transi- 
tion temperature. It is suggested, therefore, that 
the transition temperature of the 2.0 pct pre- 
strained specimens was lowered because some of 
the embrittling solute atoms diffused to the sub- 
grains and scattered dislocations formed during 
the straining operation, thus resulting in a reduc- 
tion in their concentration at the grain boundaries. 

The series of specimens embrittled while under 
a sustained stress of about 20,000 psi for 24 hr gave 
a transition temperature 34°F below the transition 
temperature obtained when embrittled without 
stress. About 0.34 pct creep took place during this 
time; consequently, the results can be compared > 
with the series ‘‘F’’ data representing 0.2 and 2.0 
pct strain. It is apparent that the application of a 
constant load was more effective in lowering the 
transition temperature than pre-straining when 
comparisons are made on the basis of equivalent 
strain. Here again the lowered transition tempera- 
ture can be attributed to a more general solute atom 
dispersion and a consequential reduced concentra- 
tion at grain boundaries. 
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Creep of Polycrystalline Alpha and Beta Thallium 


The steady-state creep rate of polycrystalline a and B thallium over a large stress 
range can be described by the empirical formula, é = 35Do**, where Dis the self-dif- 
fusion vate in sq cm per hr and oa is the creep stress in kg per sq cm. The experimental 
results on thallium suggest that its high-temperature creep vate is controlled by a dis- 


location climb process. 


Oleg D. Sherby 


In 1938, Kanter’ revealed that the steady-state 
creep rate of low-carbon ir6n alloys could be cor- 
related by an activation energy expression, where 
the activation energy for creep, Q,, was found equal 
to about 90.0 kcal per mole for most of the alloys 
investigated. He suggested that creep at high tem- 
peratures might be controlled by some sort of solid 
self-diffusion process since the value of Q- was 


about equal to the known value for self-diffusion, Qg. 


Correlations were not further attempted along these 
lines until many years later, when new evidence” ° 
was presented suggesting that Q, = Q, for many 
metals. This equality now appears to be established 
for ten metals (Al, Pb, Ni, Mg, Cd, In, a Fe, y Fe, 
Cu, and Au). This experimental fact prompted sev- 
eral investigators to postulate various mechanisms 
of dislocation motion which would yield an activation 
energy for creep equal to that for self-diffusion. * ° 
Possibly the most accepted theory is that based on 
dislocation climb’ where a dislocation is envisioned 
to surmount a barrier by an atom-vacancy exchange 
process, thereby “climbing” from one slip plane to 
another. Such a model would suggest that the 
steady-state creep rate, €, should be directly pro- 
portional to the rate of self-diffusion, D, for a given 
creep stress. In order to more clearly reveal the 
relationship between creep and diffusion, and to 
eventually determine the correct model, it would 

be desirable to obtain data showing correlations 
between € and D, rather than with a comparison 

of the temperature coefficients, Q. 

It has been known for some time that the self- 
diffusivity of iron atoms is greatly decreased when 
body-centered-cubic (a) iron transforms to face- 
centered-cubic (y) iron. This has been ascribed 
to the more close-packed structure of y iron. The 
diffusivity ratio at the transition temperature is 
D, 72, = 350. Correlations of creep data for a and 
y iron® reveal that the creep rates under a given 
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stress at the transition temperature differ by about 
the same ratio (€,/€, = 200). It would be difficult 
to reconcile these results on any other basis than 
that the diffusivity of atoms probably controls creep 
of iron in some very direct way. 

No other published data on other allotropic metals 
appear currently available for further checking such 
a possible correlation between € and D. Thallium 
transforms from a hexagonal close-packed (a) 
structure to a body-centered-cubic (8) structure at 
230°C (503°K) and the self-diffusivities of the two 
structures have been determined by Shirn.*® His 
results are plotted in Fig. 1 where it will be noted 
that Dg/Da = 25 at the transition temperature. It 
would appear desirable, therefore, to determine the 
creep rates of polycrystalline a and £ thallium at 
the transition temperature, as well as determine 
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Fig. 1—Effect of temperature on the self-diffusion rate of 
a and g thallium (data of Shirn). 
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Fig. 2—Photograph of equipment used to perform constant- 
stress compression creep tests on thallium. 


the corresponding thermal activation energies for 
creep. It was with these objectives in mind that the 
current investigation was initiated. 


PREPARATION OF MATERIAL 


The material was received through the courtesy 
of the research laboratories of the American Smelt- 
ing and Refining Co., South Plainfield, N.J. The 
purity was about 99.98 pct (typical impurity content 
.003 Fe, .008 Pb, .003 pct Cu) and the material was 
in the form of coarse-grained as-cast rods, %_ in. 
diam by 12 in. long. 

It was necessary to establish special procedures 
for creep testing thallium since it is very soft, is 
highly oxidizing, and is known to be strongly toxic. 

The ultimate tensile strength of thallium at room 
temperature under normal rates of straining is a 
little above 1000 psi. It was appreciated that con- 
siderable difficulty might be encountered with 
tensile-type creep specimens, both,in the machining 
of the material and in its careful handling. For 
these reasons it was decided to perform creep tests 
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in compression on solid cylindrical type specimens. 
The thallium rods were therefore extruded at room 
temperature through a specially prepared stainless 
steel die obtaining a final diameter rod of 0.250 in. 
These rods were then cut to lengths of 0.375 in. by 
means of a sharp metal cutter. These specimens 
were found to have yet retained some of the effects 
of cold working although many fine recrystallized 
grains were noted in the extruded structure. In 
order to achieve a final stable grain size before 
creep testing, the extruded specimens were an- 
nealed at 215°C for 1 hr in a bath of silicone oil 
yielding a uniform equiaxed grain structure with an 
average grain diameter of 1 mm. 

Oxidation of the material was prevented by the use 
of silicone oil baths which were found satisfactory 
for use up to 275°C. Slow contamination of the oil, 
with a resulting decrease in its vapor pressure, took 
place from the presence of thallium and it was nec- 
essary to periodically change the bath when testing 
for a long time interval at the higher temperatures; 
typically, the oil would remain satisfactory for about 
100 hr at 200°C. No detectable change in dimen- 
sions of the thallium specimens were noted in spite 
of its contaminating effects. 

The toxicity of the material is well known,” and 
for this reason rubber gloves were used at all times 
in the handling of the material during its prepara- 
tion, metallographic examination, and creep testing. 


EXPERIMENTAL TECHNIQUES 


Creep testing was performed by placing the cy- 
lindrical specimens between two Stainless steel 
platens and applying a direct load on the upper 
platen through a stainless steel stem and weight 
pan as depicted in Fig. 2. The two platens and 
specimen were surrounded by a beaker containing 
Silicone oil, the temperature of which was con- 
trolled by a constant energy input-type hot plate, 
commercially known as Simmerstat. Thermo- 
couples, placed around the specimen, revealed 
that the temperature could be maintained constant 
within +72 °C. 

The creep strain was measured by means of two 
externally positioned dial gages sensitive to 0.0001 
in. which measured the relative displacement of the 
two platens. In all tests, the true creep Strain, e€, 
was evaluated as a function of time, where € = 
In (1 + @), In being the natural logarithm and e is 
the engineering strain. 

The use of a direct loading technique permitted 
the testing of the thallium rods over a wide range. 
of stress from 16 psi up to 1000 psi. Some pre- 
liminary tests were performed under constant-load 


_ creep conditions but the majority of the tests were 


performed under constant stress. The stress was 
maintained constant by continually adding lead shot 
to the weight pan as the cross-sectional area in- 
creased. The additional weights were pre-calculated 
on the basis that the volume of the material re- 
mained constant and no barrelling of the specimen 
took place. For creep tests up to € = 0.15, virtually 
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no barrelling was observed to take place and most 


of the tests were terminated at or before this strain. 


Since lead shot was always added within Ye pet 
straining intervals to maintain the stress constant, 
the true stress was always within the prescribed 
value by + % pct. Taking into consideration friction 
effects in the loading system and dial gages, in- 
accuracies in measuring the cross-sectional area 
of the specimen and in weighing out the load, the 
absolute value of the creep stress is believed to be 
correct to within + 1 pct. 

Creep tests were performed under isothermal 
conditions as well as under variable temperature 
conditions. The later-type tests were carried out 
in order to obtain activation energies for creep of 
a and f thallium as a function of stress, tempera- 
ture, and strain. Becker’ appears to be among the 
first to have used such a technique in determining 
activation energies. It was not until recently, how- 
ever, that more systematic analyses were made on 
creep of copper’® and aluminum.’*’® The method 
involves creep testing the material under constant 
stress at a prescribed temperature 7, to a pre- 
scribed strain €,, at which point the temperature 
is rapidly changed to another prescribed tempera- 
ture T, (substitution of one silicone oil bath by 
another). Since the creep rates é, immediately 
preceding the temperature change and immediately 
after the change €,, refer to the rates at the pre- 
scribed strained state €,, the activation energy, Q_., 
is readily determined from the well-known relation 
is technique is repeated at new 
strain intervals as creep proceeds. This method is 
particularly useful because it permits the determi- 
nation of activation energies during primary as well 
as steady-state creep. A typical example for creep 
of thallium under variable temperature conditions 
for the determination of activation energies is re- 
vealed in Fig. 3(a) and 3(b). 

Isothermal tests were performed in order to ob- 
serve the effect of stress on the steady-state creep 
rate as well as to determine the extent of primary 
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Fig. 3—Typical curves for constant-stress compression 
creep of a thallium used for determination of activation 
energies. 


and steady-state creep. Typical creep curves for 
a thallium under constant stress are depicted in 
Fig. 4 for three different stresses. It will be ob- 
served that as the stress is decreased the primary 
stage terminates at lower and lower strains. 
Although creep testing of a thallium was rather 
straightforward in the sense that the grain size was 
known, the initial starting point for testing of 6 thal- 
lium was not as clear-cut. For example, it was ob- 
served that if thallium was heated to the 6 range and 
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then cooled slowly (10°C per min or slower) through 
the transformation temperature a single crystal 
would invariably be created. The orientation of the 
resulting crystal was usually quite random, and 
therefore the resulting creep rate at a given com- 
pressile stress was quite unpredictable. If the rate 
of cooling from f to a was rapid, as an oil quench, 
then a polycrystalline sample of a was usually ob- 
tained. It was assumed that the reverse phenomenon 
was also in operation, z.e., that single crystals of 8 
thallium were formed when slowly heated through 
the transformation temperature. This deduction ap- 
pears substantiated by the fact that under such con- 
ditions of heating the creep rate for § thallium at a 
given load was quite different from sample to 
sample (as much as a tenfold spread in rate) pre- 
sumably due to the difference in orientation of the 
various (single-crystal) samples. Since the objec- 
tive of this paper was to compare the creep rates of 
polycrystalline a and £ thallium, the following pro- 
cedure was established in testing 6 thallium: the 
creep-test specimen was heated to about 30°C above 
the transformation temperature (503°K) by plunging 
it into a silicone oil bath at this temperature and 


Fraction of Absolute Melting Temperature 


then the temperature was changed to the desired 
temperature of testing. Under such procedures, the 
resulting steady-state creep rates for 6 thallium 
under a given stress agreed within 20 to 30 pct of 
some mean rate of creep. These variations were of 
the same order as was obtained with polycrystalline 
thallium. 


RESULTS AND DISCUSSION 


A determination of the effect of stress and creep 
strain on the activation energy for creep of a thal- 
lium was extensively investigated and the results 
are recorded in Fig. 5. Less extensive data on f 
thallium are recorded in the same figure. It will be 
observed that the value of @, appears insensitive to 
both these variables. The effect of temperature on 
Q. is recorded in Fig. 6. It will again be noted that 
@. appears insensitive to temperature, although the 
activation energy for creep of a@ thallium appears to 
drop slightly below 350°K (0.6 Tm). These findings 
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Fig. 7—Effect of temperature on the steady-state creep 
rate of a and B thallium at a stress of 50 psi (numbers 
adjacent to data points refer to order of temperature 
change). 


are very much in harmony with those found earlier 
on aluminum.*® The best average value for the ac- 
tivation energy for high-temperature creep of a 
thallium appears to be about 21.5 kcal per mole; the 
average value for £ thallium is not as clearly de- 
fined but is probably about equal to the same value 
of 21.5 kcal per mole. Comparison of these values 
with the activation energies for self-diffusion of 
thallium by Shirn, Fig. 1, suggests a one-to-one 
equality and suggests further evidence in support 
of a diffusion controlled creep process in pure 
metals. 

The next point of interest was to determine the 
ratio of creep rates of a and B thallium. At low 
stresses, thallium reveals almost all steady-state 
creep with little or no primary creep so that no 
problem is encountered in determining the steady- 
state rate at a given temperature and stress. The 
results shown in Fig. 7 are typical for those where 
the steady-state rates were determined on a single 
sample of thallium both above and below the trans- 
formation temperature. The numbers marked above 
the points refer to the order of the changes in tem- 
perature. It will be noted that there appears to be 
a very sharp change in rate in going from a to B 


= 20 is re- 

T = 503°K 
markably close to the diffusivity ratio of about 25 
shown in Fig. 1. Again, these results suggest the 
important role that self-diffusion of atoms must 
play in the creep of metals. 

In order to determine the relative creep rates of 
a and f thallium over a wide range of stress many 


thallium, and the ratio of (4) 
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isothermal creep tests were performed over the 
stress range 25 psi to 500 psi. Since it has been 
established that Q, = Qs = 21.5 kcal per mole, the 
steady-state creep rates at various temperatures 
can be plotted on a single master curve according 
to the function 


= F(a) [1] 


The data for a and # thallium are plotted in such a 
manner in Fig. 8. These results appear to substan- 
tiate the earlier findings in that the ratio of €3 to 

é,, is about 20 to 30 over the range of stress from 
about 25 psi to 75 psi. The ratio appears to be 
slightly higher at higher stresses than at lower 
stresses. 

Since the same activation energy was used to cor- 
relate the creep data for both a and £ thallium, the 
curves in Fig. 8 represent the relative creep re- 
sistance of a and £ thallium at the transition tem- 
perature as well as at any other temperature. The 
right-hand scale in Fig. 8 reveals the creep Rare at 
the transition temperature. Since the ratio (4) 


a 
is so nearly equal to the diffusivity ratio, it is easy 


to formulate an expression relating €, with D, which 
obviously must take the form 


[2a] 


Simple calculations for the data at the transition 
temperature, using Shirn’s data reveal that 
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= 35Do [20] 


The units in Eq. [26] are D in sq cm per hr and o in 
kg per sq cm. 


Although the same value of S was used for de- 
scribing the creep rates of a and £ thallium, it is 
not desired to imply that this might be some sort 
of universal constant. In fact, it is radically dif- 
ferent for different pure metals. For example, the 
creep of a and y iron® can be fairly accurately 
represented, over the stress range 2000 to 20,000 
psi, byé. = 2.5 10°*Do *?. It is therefore 
readily apparent that the parameter S is very much 
a function of the material. 

Two major theories of creep have been evolved in 
recent years using dislocation theory as a basis. 
The first one is a theory based on dislocation climb 
as developed by Weertman.’ The second is that of 
screw dislocations intersecting other screw disloca- 
tions as developed by Mott® and Feltham. ° 

Weertman’s theory yielded an expression of the 
form described by Eq. [2a]. For creep of polycrys- 
talline aggregates the following equation was devel- 
oped: 


SD.0~° 


[3a] 
where 
[3b] 


Here, o is the critical shear stress for operating a 
Frank-Read source, L” is related to subgrain size, 
equal to subgrain size at o = 0 , assumed to equal 
0.02 cm for aluminum and nickel, L’ is the grain 
size, M is the number of Frank-Read sources per 
unit volume, assumed equal to 10° per cm?, yp is the 
shear modulus, k is Boltzmann’s constant, and T is 
the absolute temperature. 

It will be readily noted that a major discrepancy 
between Weertman’s equation and the experimental 
results on thallium is the exponential value for the 
stress term.* The next major item of interest is to 


*A more recent theory of creep by Weertman 29 gives a stress power 
law with an exponent of 4.5. However, Weertman believes it may not be 
generally applicable for the proposed dislocation model is not too 
stable. 
see if the S term of Eq. [3a] is of the right order for 
correlating the experimental results on thallium. 
The major unknown value in the S term is o, the 
critical shear stress. It was decided to solve for 
@ which would yield the best possible fit of Eq. [3a] 
to the experimental data. Shear modulus values for 
a and B thallium at the transition temperature have 
been determined by Koster” as IL, = 650 kg per sq 
cm and p, = 820 kg per sqcem. The grain size of 
8 thallium was assumed equal to that for a thallium 
at 0.1 cm. © was evaluated by means of Eq. [3a] 
using the creep rates at o = 50 psi (3.51 kg per sq 
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cm) at the transition temperature, Fig. 8. The cal- 
culations yielded G, = 7 psi (0.5 kg per sq cm) and 
Og = 19 psi (1.35 kg per sq cm). These are not un- 
reasonable values for what one might expect for the 
critical stress for shearing a single crystal of thal- 
lium at normal rates at room temperature. At high 
temperature, it is much more difficult to define o 
experimentally, since creep appears to take place at 
all finite values of stress, at least for face-centered 
cubic metals. It is of interest to note, however, that 
in the case of zine single crystals. (hexagonal close- 
packed structure), Gilman*’ uncovered the experi- 
mental fact that the critical shearing stress for 
basal slip was insensitive to strain rate and tem- 
perature (180°C to 407°C) and equal to about 14 psi 
(1 kg per sq cm). 

The predicted creep rates for a and £ thallium at 
the transition temperature by Weertman’s theory 
are revealed by the dotted lines in Fig. 8 using the 
values of o described above. 

Another theory of creep which has received con- 
siderable attention is that suggested by Mott® and 
extended by Feltham.® The controlling process for 
creep here is believed to take place by the intersec- 
tion of screw dislocations. When one screw disloca- 
tion intersects another a vacancy might be created; 
if the screw dislocation is to advance after inter- 
section the vacancy must first diffuse away. There- 
fore, two energies are involved, that for creation of 
a vacancy and that for migration of the vacancy. 
Since these are the same two energies involved in 
volume self-diffusion, a correlation between creep 
and diffusion is established in this way. Under such 
conditions the creep rate is given by 


—(W o) 
é= Se *T [4] 


where S = y¥ b/d (y is the vibrational frequency of a 
dislocation, b is Burgers vector, and d is the dis- 
tance between slip planes). W = activation energy 
for creep, , = distance between jogs on a given 
screw and is related to size of subgrain, k = Boltz- 
mann’s constant, and 7 = absolute temperature. 

The essential difference between Eq. [3a] and Eq. 
[4] is that the latter postulates an observed activa- 
tion energy that is a function of the applied creep 
stress according to Qobs = (W —2’ ba) whereas 
Eq. [3a] reveals an observed activation energy which 
is independent of the stress. 

Eq. [4] can be written as 


WwW 
€ =Se kT [5] 


In this form it is readily observed that if creep tests 
are performed at o/T = constant then W is directly 
evaluated. In order to test Eq. [5] it was decided to 
obtain activation energies for creep of @ thallium 
under the criterion of constant o/T using the same 
cyclic temperature technique as used previously. A 
typical example is revealed in Fig. 9. It is obvious 
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€, True Creep Strain 
Fig. 9—Cyclic temperature compression creep test of a 
thallium for determination of activation energies under 
constant o/T. 


that in such a type test it is necessary to increase 
the stress simultaneous with an increase in temper- 
ature in order to maintain the same value of o/T. 
Therefore the increase in creep rate under o/T = 
constant for a given temperature change should be 
greater than for the condition of o = constant. It 
would therefore be expected that the calculated ac- 
tivation energy would be higher for o/T = constant 
than for o = constant. That this is so is clearly 
revealed by the composite plot of all activation 
energies for creep of thallium under various 
values shown in Fig. 10. 

One is to note two rather interesting results here. 
One is that under o/T = constant, W = 30.0 kcal 
per mole, which is not equal to Qg. The second 
point is not immediately obvious. W appears to be 
the same at various o/T values, and in order to 
have these results compatible with Eq. [3a] it is 
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Fig. 10—Activation energy for creep of a thallium ob- 
tained under conditions of constant o/7. 


necessary to assume that (W —2b*o) = Q,.. We 
therefore must assume that \ varies with the stress 
in such a way that xb*0 = W — Q, = 8.5 kcal per 
mole, or \ = 8.5/b7o. We therefore note that A is 
inversely proportional to 0. This experimental 


finding is very much in disagreement with Feltham’s 


suggestion® that a is insensitive to stress but de- 
pendent only on temperature. Evidence will be now 
presented to further support the present conclusion 
that » is a function of o, if Mott’s approach to creep 
is valid. 


That these results are not restricted to the behav- 


ior of thallium are clearly revealed for some pub- 
lished data on aluminum and nickel. Fig. 11 reveals 


a plot of the logarithm of the steady-state creep rate 
versus 1/T at various constant values of o/T7 for the 


data of Servi and Grant on pure aluminum” and for 
the data of Weertman and Shahinian on pure nickel.* 
The slopes of the curves yield W,, = 44.0 kcal per 
mole, and Wy, = 80.0 kcal per mole, both values 
being about 25 pct higher than the corresponding ac- 
tivation energies for creep under o = constant 
where (Q..),, = 35.5 kcal per mole and (Q,),, = 64.0 
kcal per mole which is also that for self-diffusion. 
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Fig. 11—Determination of activation en- 
ergy for steady-state creep of nickel and 
aluminum on the basis of ¢/T equal con- 
stant. 
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In Fig. 12 we plot €e¥/RT versus o/T for a TI, 
Al, and Ni, the slope of the resulting curve being 
equal tox b*/R according to the Mott formulation. 
For data at any one temperature it will be noted 
that ) appears to increase as o decreases in har- 
mony with the earlier conclusion on thallium; no 
Rice correlation appears to exist between A 
and 

These results therefore suggest that if Mott’s 
formulation is to be accepted as the correct model 
for creep two additional requirements are neces- 
Sary: 1) the activation energy for creep, W, should 
not equal that for self-diffusion but should be about 
25 pct higher than that for self-diffusion, and 2) the 
distance between jogs, x, should vary with the ap- 
plied stress, increasing with decreasing stress. It 
will also be noted that S of Eq. [5] which is equal to 
ée/RT at o/T = 0, is very strongly a function of 
o/T and this variation must also be incorporated 
into the theory. 

Although it is possible to correlate creep data by 
means of Mott’s Eq. [5] with the new qualification 
that W = % Q,, it is believed that a formulation of 


the type suggested by Weertman appears more likely 


to approach the true model for creep where é is 
shown to be directly proportional to the diffusivity 
D. The experimental findings on a@ and £ thallium 
and the earlier findings on a and y iron support 
this contention. 


SUMMARY 


1) The steady-state creep rate, in hr~’, for high 
temperature creep of polycrystalline a and £ thal- 
lium over a wide range of stress can be accurately 
expressed by 


where PD is the self-diffusion rate of thallium in sq 
cm per hr and ¢o is the creep stress in kg per sq 
cm. This empirical formulation coupled with a 
similar formulation found earlier for a@ and y iron 
suggests that creep of most pure polycrystalline 
metals at high temperatures is controlled by some 
type of diffusion process. 

2) Recent theories of creep proposed by Weert- 
man and Mott are reviewed and compared with the 
experimental findings on thallium. It appears that 
Weertman’s theory is to be preferred since it pre- 
dicts that the creep rate should be proportional to 
the self-diffusion rate of atoms. 
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